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Abstract

High-Entropy Alloys (HEAs) are alloys with at least four principal elements in (near-)equiatomic

proportion, which crystallize on simple crystal lattices, such as face-centred cubic, body-

centred cubic, or hexagonal close-packed. These alloys have a stoichiometrically random

distribution of constituent elements on all available lattice sites, and they form single-phase

solid solutions with perfect topological order and complete chemical disorder. The struc-

tural simplicity of HEAs makes them well-suited to address fundamental scientific issues

related to structure-property relationships.

In this work, the plasticity of two HEAs, face-centred cubic CrMnFeCoNi and body-centred

cubic TiVZrNbHf, was investigated through uniaxial deformation experiments on single crys-

talline CrMnFeCoNi and polycrystalline TiVZrNbHf samples. The thermodynamic activation

parameters of the deformation process were determined, and microstructural investigations

were carried out on both alloys using transmission electron microscopy. These investiga-

tions revealed the underlying deformation mechanisms of both alloys. Although both alloys

deform through the slip of dislocations on characteristic slip systems, CrMnFeCoNi behaves

like a conventional face-centred cubic alloy with exceptional strength, while TiVZrNbHf

exhibits a yield stress anomaly that is unique to HEAs.





Kurzfassung

High-Entropy Alloys (HEAs) bestehen aus mindestens vier Elementen in (nahezu) equi-

atomarem Verhältnis, die auf einfachen Kristallgittern kristallisieren, wie z. B. kubisch-

flächenzentriert, kubisch-raumzentriert oder hexagonal dicht gepackt. Diese Legierungen

weisen eine stöchiometrisch zufällige Verteilung der Elemente auf alle verfügbaren Git-

terplätze auf und bilden einphasige Mischkristalle mit perfekter topologischer Ordnung

und vollständiger chemischer Unordnung. Die strukturelle Simplizität von HEAs macht

sie gut geeignet, um fundamentale Fragen im Zusammenhang mit Struktur-Eigenschafts-

Beziehungen zu untersuchen.

In dieser Arbeit wurde die Plastizität von zwei HEAs, kubisch flächenzentriertes CrMn-

FeCoNi und kubisch raumzentriertes TiVZrNbHf, durch einachsige Verformungsexperi-

mente an einkristallinen CrMnFeCoNi- und polykristallinen TiVZrNbHf-Proben untersucht.

Die thermodynamischen Aktivierungsparameter des Verformungsprozesses wurden bes-

timmt, und an beiden Legierungen wurden mikrostrukturelle Untersuchungen mittels

Transmissionselektronenmikroskopie durchgeführt. Diese Untersuchungen enthüllten die

zugrundeliegenden Verformungsmechanismen der beiden Legierungen. Obwohl sich beide

Legierungen durch das Gleiten von Versetzungen auf charakteristischen Gleitsystemen

verformen, verhält sich CrMnFeCoNi wie eine herkömmliche kubisch-flächenzentrierte

Legierung mit außergewöhnlicher Festigkeit, während TiVZrNbHf eine Anomalie der Fließs-

pannung aufweist, die einzigartig für HEAs ist.
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Chapter 1

Introduction

Since the dawn of civilisation, mankind has sought to harness the natural materials that

surround it for their most advantageous properties, leading to continuous development.

Early humans utilised materials such as stone, wood, leather, bone and native metals like

gold, silver, and copper. With the progression of the Bronze, Iron, and Steel ages, techniques

for extracting copper, tin, lead, mercury, and iron from their respective ores were developed

alongside the technology to produce these materials in large quantities. While pure metals

already had advantages over other natural materials, alloying, for example, copper with

lead or tin and iron with carbon from combustion fuels, created superior alloys such as

bronze, cast iron, and steel. These alloys, with their beneficial combination of strength

and toughness compared to ancient materials like ceramics and natural polymers, became

attractive for use in daily life, transportation, construction, and weaponry.

Until the first industrial revolution the discovery of new elements and metals was difficult

due to poor deposits or difficulties in reduction or extraction. Newly developed technologies

supported the discovery and production of new elements, and new alloys were continuously

developed and applied for general and specialised purposes. Several alloy systems, each

based on one principal element, were introduced over time, some of which are meticulously

tailored to specific applications [1]. Through the times, alloying usually followed the princi-

ple of adding small amounts of secondary elements to a primary element to confer desirable

properties to a material. This principle exists for a good reason, as already early experiments

show that alloys of multiple principal elements have diverse but rarely desirable properties

[2, 3]. Even in modern times, multicomponent alloys with several principal elements were

rarely investigated due to the information available from binary and ternary phase diagrams

[4]. Most of these phase diagrams show intermetallic compounds, ordered structures with

compositions in stoichiometric or near-stoichiometric ratio, or intermediate phases, which

are compound-type solid solutions with a relatively wide composition range, also called
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intermetallic phases [5]. The Al-Cu-Zn alloy system, which comprises more than 20 equilib-

rium intermetallic compounds or intermediate phases [6], exemplifies the dilemma. Given

the existing knowledge, the exploration of multicomponent alloys with multiple principal

elements, with the aim of identifying solid solution alloys, has been deemed untimely with

limited value gained, confining alloy development to the conventional concept.

This is until the two independent publications from 2004 by Jien-Wei Yeh in Taiwan [7]

and Brian Cantor in the United Kingdom [8] ignited the research on the vast compositional

space of multicomponent alloys. Both investigated multicomponent alloys with different

intentions but chose similar routes, which ultimately led them to the discovery of the first

multicomponent single-phase alloys of equiatomic composition. These alloys are charac-

terised by the simultaneous presence of topological order and chemical disorder, placing

them in between conventional crystals, which possess both topological and chemical order,

and metallic glasses, which are disordered in all regards. A prerequisite for the fundamental

understanding of the consequences of these salient structural features for the physical prop-

erties is the development of high-quality materials and their meaningful characterisation,

which is the aim of this work.

With the present work, a description of selected mechanical properties of two High-Entropy

Alloys (HEAs) with different crystal structures shall be achieved, and insights into the salient

structure-property relationships gained. This work stands out through its utilisation of

high-quality, in one case, single-crystalline materials, excluding or minimising the effects

of impurities, secondary phases or grain boundaries, allowing the determination of the

intrinsic mechanical properties. With the successful production of CrMnFeCoNi single

crystals, the critical-resolved shear stress, a basic measure of the mechanical strength of a

crystal, could be investigated with respect to different crystal orientations, an important

step to model and understand the plasticity of this alloy. The mechanical investigation of

the TiVZrNbHf alloy revealed a yield stress anomaly at intermediate temperatures, unprece-

dented for any HEA to this date. Furthermore, thermodynamic activation parameters of the

plastic deformation mechanisms of both alloys were determined, revealing the characteris-

tics of their plastic deformation. The results of the mechanical investigation of the materials

are accompanied by a thorough analysis of the microstructure using transmission electron

microscopy to identify the governing deformation mechanisms and dislocation properties.

Chapter 2 introduces the material class of HEAs, giving an introduction to the fundamentals

of multi-component alloys and their formation. These fundamentals are specified for the ap-

plication to HEAs, and the specifics and limitations of the entropy hypothesis are presented.

The two investigated alloys, CrMnFeCoNi and TiVZrNbHf, with their specific properties and

the current state of literature, are further detailed.

In chapter 3 the fabrication of single and polycrystals of the two materials is described.
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Fabrication routes, including their advantages and disadvantages, are detailed, and the

respective routes that were developed for the production of CrMnFeCoNi single crystals and

TiVZrNbHf polycrystals are presented. Crystals of both alloys are thoroughly characterised,

and comments about the reproducibility of each fabrication route made.

The main body of the present work is enclosed in chapters 4 and 5. The plastic deformation

properties of CrMnFeCoNi and TiVZrNbHf are described in two parts, with a focus on the

macroscopic and the microscopic aspects. Both chapters comprise an introduction to theory

and experimental methods.

Chapter 4 addresses the thermodynamics of plastic deformation of both alloys. Through

dynamic compression experiments and incremental tests, thermodynamic activation pa-

rameters are determined. The results of these experiments are interpreted and discussed

with respect to the current literature.

The analysis of the microstructure of deformed samples is detailed in chapter 5. Important

parameters of the plastic deformation, e.g. dislocation density and Burgers vectors of dis-

locations, are detailed with respect to the deformation temperature and for CrMnFeCoNi,

additionally with respect to the crystal orientation.

In chapter 6 a conclusive discussion with regard to both macroscopic and microscopic

observations of the plastically deformed HEAs is presented. Concluding remarks about the

findings of this work are given, and open questions addressed.





Chapter 2

High-Entropy Alloys

2.1 Fundamentals of Multi-Component Alloys

In a commonly accepted, narrower sense the term "High-Entropy Alloy" (HEA) refers to an

alloy composed of at least four principal elements with (near-)equiatomic composition and

crystallise on a simple crystal lattice, such as face-centred cubic (fcc), body-centred cubic

(bcc) or hexagonal close-packed (hcp), with all constituent elements distributed stoichio-

metrically randomly on all available lattice sites [7, 9, 10]. These alloys form a single-phase

solid solution with perfect topological order and complete chemical disorder as illustrated

in figure 2.1(a).

Contrary to classical alloying theory, which typically focuses on the corners of phase dia-

grams (except selected intermetallics), HEAs originate in the middle of the compositional

space in ternary, quaternary, quinary or higher-order phase diagrams as shown in fig-

ure 2.1(b) [11]. The formation of HEA can be explained by the following principles.

Thermodynamics of Solutions

In a given state, a material possesses a characteristic value of Gibbs’ free energy represented

by

G = H −T S. (2.1)

Here, H represents the enthalpy or total energy, S the entropy, and T the temperature of the

material. The change of free energy accompanying a change in the material represents a

driving force given by

dG = d H −T dS. (2.2)

All spontaneous changes taking place in the material must be accompanied by a reduction

of the total free energy of the material. Therefore, for a change to occur, the free energy
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(a) (b)

Fig. 2.1: (a) Schematic representation of the concept of random mixing of elements in a HEA. (b)
A contour plot of ∆Smi x on a schematic ternary alloy system. The blue corner regions indicate the
conventional alloys based on one or two principal elements, whereas the red centre region indicates the
‘high-entropy’ region [11].

change ∆G must be negative. If kinetic factors are disregarded, this consideration holds true

for the formation of metallic solutions, or alloys, where the mixing of elemental components

is governed by the Gibbs free energy of mixing ∆Gmi x as given in

∆Gmi x =∆Hmi x −T∆Smi x . (2.3)

In this equation ∆Hmi x denotes the enthalpy of mixing and ∆Smi x the entropy of mixing

(including all entropy sources such as configurational, vibrational, electronic, and magnetic

contributions). From this equation, it is evident that the phases present in a solution of

elements at thermodynamic equilibrium depend on which phase exhibits a more negative

∆Gmi x .

A mixture of two elements A and B may form a solid solution or one or more intermetallic

phases when cooled from the liquid state. Within their compositional space, A and B do not

necessarily need to transform entirely into an Ai B j -type intermetallic. Rather, precipitation

of intermetallics in an A- or B-rich matrix or a solid solution is possible. Additionally, if

a solid solution is favoured, it may not be ideal or fully random, i.e. ∆Hmi x is strongly

negative, but also clusters of atoms can form on the lattice when ∆Hmi x is positive or only

slightly negative. It is also possible for two solid solutions to form side-by-side with differing

compositions, crystal structures and/or lattice parameters.

The complexity increases for alloys consisting of three or more elements as the number of
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possible phases increases according to the Gibbs phase rule [12]

P +F =C +2, (2.4)

where P refers to the number of phases present at equilibrium, F the degrees of freedom

(independently variable physical parameters such as temperature or pressure), and C the

number of components or substances with independently variable composition in the

system. It is well known that binary (e.g. Al-Cu [13] or Cu-Zn [14]) or higher-order alloys

exhibit intermetallic phases that may have unfavourable (mechanical) properties.

The Entropy Hypothesis

The problem of miscibility can be simplified, as argued by Yeh et al. [7] in their first report

about single-phase multi-component alloys, i.e. HEAs. The ideal mixing entropy is given by

[15]

∆Smi x =−R
N∑

i=1
xi l nxi . (2.5)

Here R denotes the universal gas constant and xi the mole fraction of the i th element. In case

the alloy is equimolar, or equiatomic, with x1 = x2 = x3 = ... equation 2.5 can be simplified as

∆Smi x = Rl nn. (2.6)

Here n refers to the number of elements in the alloy. Employing this simplification, it

can be observed that in alloys with multiple principal elements of equimolar composition,

the mixing entropy, with values of 1.39R, 1.61R and 1.79R for 4-,5- and 6-element alloys,

respectively, predominates over the Gibbs’ free energy in equation 2.3. The dominance of

solid solution formation can be expressed by a factor, denoted as Ω, which is given by

Ω= Tm∆Smi x

|∆Hmi x |
. (2.7)

When the entropy effect dominates the enthalpy effect, i.e. Ω≫ 1, the formation of solid solu-

tions is likely to occur, suppressing the compound formation and resulting in random single-

phase solid solutions during solidification. To estimate the likelihood of multi-component

solid solution formation, the mixing enthalpy of a multi-component solid solution can be

calculated using [16]

∆Hmi x =
N∑

i , j=1;i ̸= j
4∆H mi x

AB xi x j . (2.8)
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Here ∆H mi x
AB represents the mixing enthalpy of binary alloys of the i th and j th component.

Values for ∆H mi x
AB can be obtained from the literature, for example, here [17]. With reference

to the mixing enthalpy and the estimated melting temperature

Tm =
N∑

i=1
xi (Tm)i , (2.9)

where (Tm)i gives the melting temperature of the i th component, Yeh et al. [7] introduced

the concept of High-Entropy Alloys (HEAs). According to the significant role that the high

mixing entropy plays in the formation of multi-principle element disordered single-phase

solid solutions, they proposed the term "High-Entropy Alloys".

In addition to the high entropy of mixing, which Yeh et al. [7] regarded as essential for the

formation of HEAs, another criterion has been proposed. This criterion is derived from

the Hume-Rothery rules for the formation of binary solid solutions, and it is related to the

atomic size difference of the alloy components. This difference can be computed using

[18, 19]

δ=
√√√√ N∑

i=1
xi

(
1− di∑N

j=1 x j d j

)2

, (2.10)

where N represents the number of elements in an alloy, xi or x j describes the mole fraction

of the i th or j th element and di or d j denotes the atomic diameter of the i th or j th element.

Empirical data for several HEAs suggest that the atomic size difference for successful solid

solution formation in multi-component alloys should be δ≤ 6.6% [20].

Limitations of the Entropy Hypothesis

Although the simplification leading to equation 2.6 is valid only for equiatomic multi-

component alloys, Yeh et al. [7] extended the compositional range for each constituent

element to between 5 and 35 at.-%, allowing flexibility in the use of the term HEA. This greatly

expanded the compositional and combinatorial range for the design of HEAs. However, the

entropy hypothesis itself may only serve as an orientation for the expected formation of

single-phase solid solutions in multi-component alloys, as demonstrated by Otto et.al [21].

In their investigation of equimolar five-component alloys, they found that only one alloy,

apart from a model alloy, was a single-phase solid solution at room temperature. Addition-

ally, the entropy hypothesis formulated by Yeh et al. [7] was based on temperatures near the

melting point of an alloy. Nevertheless, the microstructure of an alloy can change during

solidification and subsequent cooling depending on diffusion rates, phase transformation

kinetics, and cooling rates [9]. Predicting compositions for potentially single-phase HEAs
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extends beyond the scope of this work, and interested readers are directed elsewhere for

further information, such as [9, 22], and so on.

2.2 The equiatomic CrMnFeCoNi High-Entropy Alloy

The quinary equiatomic HEA with a face-centred cubic crystal structure comprising Cr, Mn,

Fe, Co, and Ni was first discovered by Cantor et al. [8]. Among all reported HEAs containing

five or more constituent elements, it is one of the very few single-phase solid solutions

[23–25]. The solid solution formed upon cooling is, however, only stable at temperatures

above 800°C, below which it decomposes into metallic (bcc-Cr) and intermetallic (L10-NiMn

and B2-FeCo) phases [26]. This decomposition occurs over a prolonged period and has been

shown to decrease with decreasing grain size [27–29]. The solid solution can be maintained

through heat treatments above 800°C and standard cooling rates. The microstructure of

CrMnFeCoNi has been investigated using various techniques, including X-ray diffraction

[21, 30–32], scanning electron microscopy [26, 31, 33, 34], transmission electron microscopy

[33–35], electron backscatter diffraction [33, 34], and atom probe tomography [27, 36]. These

studies have revealed that the alloy is indeed a single-phase solid solution without any indica-

tion of local atomic clustering or short-range ordering. The presence of such local ordering

would have a significant impact on the mechanical properties, as predicted by density-

functional-theory calculations, which would affect critical properties such as stacking-fault

energy and dislocation mobility, ultimately controlling the mechanical properties [37].

Investigation of the mechanical properties of CrMnFeCoNi began a decade after its initial

discovery, unveiling several significant characteristics of the alloy [31]:

1. CrMnFeCoNi displays a notable temperature-dependent change in strength below

473 K while weakening at elevated temperatures up to 1273 K and showing a modest

strain-rate dependence at low homologous temperatures.

2. Both strength and ductility increase with decreasing temperature, reaching values in

excess of 1 GPa ultimate strength and 60% elongation at a cryogenic temperature of

77 K.

3. With decreasing temperature, the work-hardening rate strongly increases, postponing

the onset of necking and enhancing the tensile ductility.

4. The fracture of CrMnFeCoNi occurs transgranularly, with ductile microvoid coales-

cence, which is consistent with the observed high ductilities.
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Subsequent investigations examined the dislocation structures and microstructure evo-

lution of CrMnFeCoNi single and polycrystals under strain. These studies revealed that

slip initially occurs through planar glide of 1/2〈110〉 dislocations on {111} planes [35, 38–

45]. Perfect dislocations tend to split into 1/6〈112〉 partials, which bind a stacking fault

with average splitting distances ranging from 3.5-4.5 nm for edge dislocations to 5-8 nm for

screw dislocations, resulting in a stacking fault energy of 30±5 mJ/m2 [39]. The large partial

separations, particularly when normalized to the Burgers vector, suggest that cross-slip is

less favoured in CrMnFeCoNi, which is consistent with the planar slip and long dislocation

pile-ups observed in deformed CrMnFeCoNi [35, 40, 42]. Long and smoothly curved disloca-

tions on {111} planes without preferred line directions observed in single crystals [43] and

deformed micropillars [39] indicate similar mobilities of screw and edge segments.

With increasing strain at room temperature multiple slip systems are activated and disloca-

tions moving on inclined slip planes interact at their junctions. The dislocation density can

increase substantially and eventually from well-developed cell structures at strains above

20 % [38, 35]. Twinning at room temperature has only been reported for high strains [40] or

stresses close to fracture [38].

The values for the critical resolved shear stress (CRSS) for the activation of {111}〈110〉 slip

at room temperature, obtained through deformation of single crystals shows values of 42-

45 MPa [43] and 70 MPa [45], both in compression, and 53-60 MPa [44], 80-82 MPa [40, 46]

and 44 MPa [47], all in tension. In comparison, the CRSS from polycrystals was estimated

to be 55 MPa [35], while micropillar deformation yielded values of 33-43 MPa [39]. It is

noteworthy that the CRSS was found to be independent of the crystal orientation in all cases.

The mechanical properties of CrMnFeCoNi at cryogenic temperatures, particularly its in-

creased strength and ductility with decreasing temperature [35], have attracted significant

attention. Although the initial deformation mechanisms are similar at room and cryo-

genic temperatures [38], the onset of twinning has been reported for samples deformed at

cryogenic temperatures, depending on strain, crystal orientation, and whether single or

polycrystalline materials were used [40, 42–45, 48]. Twinning in combination with the dy-

namic Hall-Petch effect provides additional hardening mechanisms that allow for a constant,

steady work hardening rate at strains where dislocation hardening weakens or even fades,

resulting in remarkably high strains at failure. The critical stress for the onset of twinning has

been reported to vary depending on the experimental conditions, with values ranging from

153 MPa for (111)-oriented single crystals [45], 210 MPa for (001)-oriented single crystals

[44], and 378 MPa for (123)-oriented single crystals [43] to 235 MPa for polycrystals [38]. The

origin of the spread in values remains a subject of ongoing debate.
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2.3 The equiatomic TiVZrNbHf High-Entropy Alloy

In contrast to extensively studied face-centred cubic HEAs, such as the Cantor alloy CrMn-

FeCoNi and its derivatives, there is a scarcity of information on the fundamental structure-

property relationships of body-centred cubic HEAs, particularly refractory HEAs. Refractory

HEAs were first introduced in 2010 by Senkov et al. [49] and gained interest due to their ability

to maintain high strength at high temperatures up to 1600°C [50]. The initial refractory HEAs

contained five elements (V, Zr, Mo, Ta, W), but subsequent alloys have been derived from a

wider range of group IV, V, and VI elements. However, many of these alloys do not meet all

criteria of a HEA as previously defined (cf. 2.1), and only a few five-component equiatomic

refractory HEAs that form a single-phase solid solution have been reported to date [25]. One

such alloy that forms a single-phase solid solution and has been more extensively studied

is the "Senkov alloy" TiZrNbHfTa, which is named after Oleg Senkov due to his pioneering

role in its identification and development. In its as-cast and annealed state, it exhibits a

good combination of strength and ductility, with yield stresses ranging from 800 to 1000 MPa

and compressive strains exceeding 50 % [51–54]. At elevated temperatures, the yield stress

decreases with increasing temperature, reaching 535 MPa at 800 °C and 92 MPa at 1200 °C,

respectively [51]. Tensile tests of the as-cast Senkov-alloy indicated a room temperature yield

strength of 790 to 805 MPa [55], with tensile ductilities ranging from 6 to 9 %. Microstructure

analysis revealed that the deformation was localized in narrow dislocation bands within

large dislocation-free regions, with the number of bands and dislocation density increasing

with increasing strain [53, 56, 57]. The dislocations had a Burgers vector with b=1/2〈111〉.
The activation energy for plastic deformation, determined through stress relaxation at room

temperature, was approx. 50 b3 at yield and decreased to approx. 30 b3 at 20 % strain [53].

The TiVZrNbHf alloy was initially investigated by Fazakas et al. [58] who reported on its

mechanical properties, including a high ductility of up to 40 % for specimen heat treated

at 1173 K and a yield stress of 1400 MPa. Two additional studies related to TiVZrNbHf,

one calculating the mechanical properties of TiVZrNbHf through ab initio alloy theory [59]

and the other describing a six-component alloy in the Zr-Nb-Ti-Ta-Hf-V system without

investigating or discussing TiVZrNbHf [60], have been published. Feuerbacher et al. [61]

reported on the successful production of TiVZrNbHf polycrystals through arc and levitation

melting and motivated their investigation of an alternative single-phase bcc HEA closely

related to TiZrNbHfTa as an opportunity for comparative studies. By substituting Ta with

V, the melting point was calculated to be reduced from 2249 °C [51] to 2025 °C [61]. How-

ever, the inclusion of V in this alloy system may result in the formation of competing C15

Laves phases V2Zr and V2Hf. From thermodynamic considerations, Feuerbacher et al. [61]

concluded that the formation of a single-phase solid solution is energetically favourable
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compared to an alloy where either the V2Zr or the V2Hf Laves phase forms. The Gibbs free

energy of mixing of the solid solution was determined to be -30.58 kJ/mol, compared to

-27.40 kJ/mol for an alloy where the Laves phase with the lower mixing enthalpy, V2Zr, forms

[61]. Transmission electron microscopy and X-ray diffraction Feuerbacher et al. [61] revealed

that the TiVZrNbHf ingots indeed exhibit a single-phase bcc solid solution with a lattice

parameter of 0.336(5) nm. The melting point of TiVZrNbHf was also found to be much lower

(1590±20 °C) than the calculated value of 2025°C [61].

The phase stability of TiVZrNbHf was examined by Pacheco et al. [62] through CALPHAD

calculations, which showed that the solid solution phase is only stable at temperatures above

830 °C, at which point it decomposes into a mixture of bcc, hcp, and a cubic C15 Laves phase.

Through extensive annealing experiments, they demonstrated that a C14 Laves phase forms

below 830 °C instead of a C15 phase and that the solid-solution phase is metastable at room

temperature due to slow kinetics during cooling.



Chapter 3

Crystal Growth and Characterisation

This chapter delves into the synthesis of single and polycrystalline samples of the two

HEAs investigated in the present work. Details regarding the determination of critical

synthesis parameters, such as the melting temperature of the examined alloys, are provided.

An optimised growth route for large-volume CrMnFeCoNi single crystals was developed

through iterative adjustment of the growth parameters, and several CrMnFeCoNi single

crystals were successfully produced. Furthermore, a synthesis route for TiVZrNbHf samples

with two distinct grain sizes is outlined. Regrettably, the search for a growth route for single-

crystalline TiVZrNbHf was unsuccessful. Additionally, the growth techniques employed in

this study, including Bridgman growth, Czochralski growth, and zone melting, are discussed

in detail.

3.1 Crystal Growth Methods and Materials Preparation

3.1.1 Liquid-Solid Phase Transition in Crystal Growth

A liquid that is cooled beyond its equilibrium melting temperature, i.e. under- or super-

cooled, experiences a driving force for solidification. This process begins with the formation

of tiny particles or nuclei, which are phase areas created by thermal fluctuation that are in a

critical state. In order for the entire melt to solidify, the nucleus must grow at the expense of

nucleation work. Once the nucleus reaches a minimal radius, it is stable, can grow and form

a solid phase. The process of solidification can be illustrated by a simple phase diagram, such

as the one shown in figure 3.1. This phase diagram shows a binary alloy exhibiting a perfect

solid solution. If a melt with a composition C is cooled below its melting temperature (point

1), nucleus formation is initiated in the phase region where liquid and solid phase coexist. If

the melt is cooled further, the nuclei grow in size until the entire melt solidifies at point 2. In
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Fig. 3.1: Phase-diagram representation of the solidification of an alloy exhibiting perfect solid solution

more complex phase diagrams, the melt may undergo further reactions during solidification,

depending on its composition and the stability of the solid phases at temperatures below

the melting point. Crystal growth, as it is used in the present work to produce single crystals,

is a near-equilibrium process similar to the formation of nuclei in a liquid. Single crystals

are thus synthesised by setting the external conditions for the desired equilibrium state,

as described through the phase diagram, and allowing the system to move towards this

state in a controlled fashion by setting temperature gradients, cooling rates and withdrawal

rates, all of which influence the growth rate of the crystal. For a more detailed description of

the thermodynamics involved in solidification and crystal growth, the interested reader is

directed to sources such as [63].

In this work three growth methods have been utilised for the synthesis of high-quality HEA

crystals: Czochralski growth, Bridgman growth and Zone melting. These techniques were

employed with the aim of producing single-phase, and in the best case, single-crystalline

HEAs. Master alloys for each of these growth techniques were produced using cold crucible

levitation melting.

3.1.2 Cold Crucible Levitation Melting

In cold crucible levitation, metals are melted through inductive coupling to a high-frequency

current. The high-frequency current, applied via a coil, induces electromagnetic forces in

the melt, leading to levitation and strong stirring and resulting in the melt’s alloying without

contamination from a crucible. The schematic principle of cold crucible levitation melting

as employed in the present work is illustrated in figure 3.2.

The ingot is placed in a water-cooled crucible made from oxygen-free high-purity copper

segments, and a coil wrapped around the crucible is connected to a high-frequency power

supply. The high-frequency current running through the coil induces eddy currents in the
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Fig. 3.2: Schematic principle of a cold crucible levitation melting with (left) the current switched on
and melt levitating and (right) the current switched off and gravitational casting in progress

ingot and the crucible, generating Joule heat and causing the ingot to levitate as a result of

the current-induced electromagnetic field. Once the ingots is melted, it is held in this state

for some time to improve its homogenisation. Subsequently, the high-frequency current

can be shut off, and the levitation of the melt is terminated. The melt then rapidly solidifies

when making contact with the copper crucible.

In the present work, the melt was gravity-cast into a rod-shaped copper crucible by creating

a slit in the copper crucible segments in the instant the current was turned off. Both

CrMnFeCoNi and TiVZrNbHf rods, which were used throughout this work, were cast in this

manner.

3.1.3 Czochralski Growth

In Czochralski growth [64], a crystal is formed through the solidification of a melt around

a seed crystal. Figure 3.3 depicts the general setup of the Czochralski apparatus employed

in the present work. The melt is heated in a cylindrical crucible via an induction coil. The

seed crystal utilised in the process can be made of the same phase or crystal structure as the

desired crystal (homogeneous seeding) or made from a different material with a sufficiently

high melting point (heterogeneous seeding). Homogeneous seeding is beneficial when the

melt should crystallise along a predetermined direction, which is defined by appropriately

orientating the seed crystal.

The seed crystal is suspended from a pulling rod and, once the melt reaches the desired

temperature for growth, is dipped into the melt. When the seed crystal is pulled out of the

melt at an appropriate velocity, a stable meniscus can form at the solid-liquid interface.
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Fig. 3.3: Schematic setup for the growth of single-crystals using the Czochralski technique

By continuously pulling the rod, the crystal grows, with the diameter of the meniscus

determining the crystal diameter and being influenced by the melt temperature and/or

pulling velocity. A good homogenisation of the crystal can be achieved by rotating the

pulling rod and the crucible relative to one another.

The neck, as shown in figure 3.3, is an area of the crystal where its diameter is temporarily

reduced to attempt the selection of one grain that fills the entire volume of the crystal once

the diameter is increased again. Introducing a neck during pulling enhances the chances of

growing large-volume single crystals. The temperature of the melt is continuously monitored

with a thermocouple, and the growth process can be conducted under a vacuum or a gas

atmosphere.

In the present work Czochralski growth was employed to attempt the production of single-

crystalline CrMnFeCoNi initially.

3.1.4 Bridgman Growth

The Bridgman technique [64], similar to the Czochralski method, is a melt-based crystal

growth technique that involves growing a crystal by moving a crucible filled with the desired

material across a steep temperature gradient in a controlled fashion. In a furnace, two

regions of different temperatures are separated, and a crystal is grown by moving the crucible

from the part above the melting temperature to the one below the melting temperature .

A schematic setup of the configuration used in the present work is shown in figure 3.4. The

crucible, which has a double-conical pointed-tip shape, is placed inside a furnace on a

retractable water-cooled pulling rod under a vacuum or an inert gas. The temperature of

the crucible is controlled through a thermocouple placed inside the furnace, and ideally,
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the heater creates an isothermal hot zone enclosing the full volume of the crucible. The

solidification is initiated by pulling the crucible downwards out of the hot zone. A water-

cooled baffle creates a steep temperature gradient through which the crucible is pulled,

and when moving through the cooling baffle, a sharp and distinct solid-liquid interface is

created in the crucible, along which the melt solidifies. By design, the melt will first solidify

Heater

Cooling Baffle

Melt

Thermocouple

Crystal

Crucible

Water-cooled
cold finger

Pulling Rod

Hot Zone

Fig. 3.4: Schematic setup for the growth of single-crystals using the Bridgman technique

at the lowest end of the crucible, and the solidification will continue as the crucible is pulled

through the cooling baffle. The pointed tip of the crucible will provide a very small first

solidification volume, aiding the selection of a single nucleus in the reduced volume of the

lower cone.

The Bridgman technique was extensively utilized in the present study for the synthesis of

single-crystalline CrMnFeCoNi and in attempts to grow single-crystalline TiVZrNbHf.

3.1.5 Zone Melting

Zone melting or zone refining [65] is a technique based on initially solid materials. Figure 3.5

shows the schematic setup as used in the present work. In this technique, a cylindrical ingot

is placed in a vacuum or inert gas-filled chamber and suspended from a rotatable pulling

rod that is clamped at the lower end into a rotatable feeding rod. The ingot is heated in

a localized volume using an induction coil, and as the liquid-solid interface continuously
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moves through the ingot, a single-crystalline volume is created. This technique is particularly

Fig. 3.5: Schematic setup for the growth of single-crystals using the Zone Melting technique

advantageous for materials with high vapour pressures, as it involves a small liquid volume,

thereby minimizing the risk of excessive evaporation that can occur with other methods

such as the Czochralski and Bridgman techniques. In the present work, zone melting was

employed to produce single-crystalline TiVZrNbHf.

3.2 Fabrication of equiatomic CrMnFeCoNi

In the initial stage of the crystal growth experiments on CrMnFeCoNi, a master alloy was pro-

duced using high-purity elements that were weighed to achieve an equiatomic composition.

The elements were charged into a cold crucible levitation melting device and subjected to

multiple melting cycles to ensure a high degree of homogenization. Subsequently, the melt

was cast into a rod shape with a 10 mm diameter for easier handling along the subsequent

process.

The determination of the melting temperature of the CrMnFeCoNi HEA is crucial for a

well-designed crystal growth process. The melting temperature was determined using differ-

ential scanning calorimetry (DSC) on a Setaram SetSys Evolution DSC system [66]. Three

consecutive heating cycles at a heating rate of 10 K/min were conducted, and the results are

shown in figure 3.6. In all three cycles, a distinct melting event was observed. The melting

temperature was determined at the point of the energy minimum, which corresponds to

the endothermic melting reaction at 1354±5 °C. The slight variation in the melting tempera-

ture between the three cycles may be attributed to the continuous homogenization of the

sample during the experiment and the annihilation of mechanical stresses during the first
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Fig. 3.6: DSC heating cycles of the CrMnFeCoNi master alloy with the melting temperature indicated
for each cycle

cycle, which may lower the melting point [67]. The measured melting temperature is in

good agreement with values predicted by CALPHAD and Thermo-Calc calculations, which

estimate the melting temperature of the CrMnFeCoNi alloy at 1300±50 °C [68–70]. It should

be noted that these values differ significantly from the melting temperature calculated using

Vergard’s law [71], which predicts a melting temperature of 1516°C based on the weighted

average of the individual elements’ melting temperatures.

3.2.1 Growth of Single Crystals

Preliminary experiments were conducted to design a growth route using the Czochralski

and Bridgman techniques with full-volume initial ingots. The knowledge gained from these

experiments was utilised to develop an optimised growth route.

The master alloy ingot produced by cold crucible levitation melting was cut into several

pieces of approx. 1-1.5 cm3. About 70 g of these pieces were charged into a pointed-tip

double-conical shaped alumina crucible, which was placed in a Bridgman apparatus under a

300 mbar Argon atmosphere. The Bridgman furnace was heated to 1360 °C, slightly overheat-

ing the material to guarantee a fully molten ingot and further increase the homogenisation

of the melt while avoiding excessive evaporation of Mn.

The melt was homogenised for 1 h before the crucible was withdrawn from the furnace

through the cooling baffle. All samples investigated in the scope of this work were with-
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drawn from the hot zone at a rate of 100 mm/h. The influence of the withdrawal rate on

the morphology of the CrMnFeCoNi crystals was also investigated within this work, and the

results are described in 3.2.2. The general crystal growth process is illustrated in figure 3.7,

Fig. 3.7: Generalised process for the synthesis of high-quality CrMnFeCoNi single-crystals using the
Bridgman technique: (a) charge, (b) Bridgman set up in the laboratory and (c) as-grown single-crystal

where figure 3.7(a) shows the ingot pieces used as charge, 3.7(b) the crucible on top of the

water-cooled pulling rod in the Bridgman apparatus, and 3.7(c) an as-grown single-crystal.

It is notable that all single crystals produced through the process described here have a

rounded tip and did not fully fill the crucible tip.

3.2.2 Influence of the Withdrawal Rate

Within this work, the influence of the withdrawal rate during Bridgman growth on the

microstructure of CrMnFeCoNi was investigated. This is of interest as lower withdrawal

rates may lead to the evaporation of Mn due to prolonged times at elevated temperatures.

Furthermore, the withdrawal rate influences the final microstructure of the crystal and can

determine whether a single crystal is produced during growth.

Figure 3.8(a) depicts the microstructure of a crystal grown at a rate of 100 mm/h, as observed

in phase-contrast light microscopy [72]. Figures 3.8(b) and 3.8(c) show the microstructure of

crystals grown at rates of 50 mm/h and 20 mm/h, respectively. For comparison, figure 3.8(d)

shows the microstructure of a crystal grown using the Czochralski technique at a withdrawal

rate of 5 mm/h. The crystals were oriented so that the (011) plane was parallel to the pol-

ished surface, where possible. Reducing the withdrawal rate from 100 mm/h to 50 mm/h

still resulted in a large single-crystalline volume with a consistent dendrite structure. The

secondary dendrite arm spacing increased slightly, and the length of the secondary dendrites

was reduced with the decreased withdrawal rate. Reducing the withdrawal rate further to
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Fig. 3.8: Phase-contrast light microscope micrographs of crystals grown at withdrawal rates of (a)
100 mm/h, (b) 50 mm/h and (c) 20 mm/h using the Bridgman technique and (d) 5 mm/h using the
Czochralski technique

20 mm/h and 5 mm/h, respectively, led to the formation of grain boundaries. The crystal

produced at a withdrawal rate of 20 mm/h (figure 3.8(c)) exhibits large grains with a dendritic

microstructure. Secondary dendrite arm spacing and length are comparable to the 50 mm/h

Bridgman sample. The crystal produced by Czochralski growth was polycrystalline, with a

grain size comparable to that of the 20 mm/h Bridgman sample, but exhibited no dendrites.

The morphology of the liquid-solid interface or the growth front is influenced by the velocity

at which it moves through the melt, the solute concentration and the temperature gradient

at the interface [65]. When the temperature gradient at the interface and the flow of latent

heat into the liquid are high, the growth front is not flat but can form cells or dendrites

[63]. At high withdrawal rates, the solidification plane moves quickly through the liquid,

hindering diffusion processes, which can result in a wide impurity layer at the interface.

Models developed for the solidification superalloys predict that increasing the withdrawal

rate refines the dendritic microstructure [73–76]. This has been confirmed in experiments

for a range of Ni-based superalloys [77–82] and withdrawal rates of up to 350 mm/h [82]. A

refinement of the dendritic microstructure by a factor of 10 when increasing the withdrawal

rate by a factor of 10 has also been reported for directionally solidified HEAs in the Al-Cr-Fe-

Co-Ni [83, 84] and Cr-Fe-Co-Ni-Cu [83] systems. The observations made in this work are

therefore consistent with previous experiments.

The absence of dendrites in the crystal grown using the Czochralski technique (cf. fig-

ure 3.8(d)) is likely due to the slow withdrawal rate that was used, which results in an
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extended exposure of the crystal to high temperatures, similar to a heat treatment. The

effects of this on the microstructure of a CrMnFeCoNi crystal are described later in this

chapter. It has not been reported before that single crystals could only be grown using high

withdrawal rates and that slow withdrawal rates do not yield single-crystalline results. In two

prior studies, single crystals of two variations of the Al-Cr-Mn-Fe-Co alloy were successfully

synthesised using the Bridgman technique and the floating zone approach, respectively, at a

withdrawal rate of 5 mm/h [85, 86]. This finding supports the general consensus that slower

withdrawal rates lead to higher quality crystals [65]. This evidence also calls into question

the notion that the high chemical complexity of high-entropy alloys (HEAs) necessitates high

withdrawal rates for promoting single-crystalline solidification. Therefore, it is essential to

further investigate the influence of the withdrawal rate on the solidification and crystallinity

of CrMnFeCoNi and other single-phase HEAs.

3.2.3 Characterisation and Reproducibility

Any CrMnFeCoNi crystal that was grown was initially immersed in Kalling’s reagent II [87]

solution for approximately two hours. Afterwards, the crystal was mounted on a goniometer

and examined using a Laue X-ray apparatus with a back-reflection geometry [88]. With this

method, the back-reflection patterns obtained across the external surface of the as-grown

crystal can be verified for their consistency, meaning that when distinct rotations relative to

the initial spot yield an expected pattern, there is a high probability for a single crystalline

volume.

Figure 3.9 displays a sequence of Laue X-ray backscatter images captured at an intermedi-

ate height of an as-grown crystal. The goniometer was used to rotate the crystal so that a

Fig. 3.9: Laue backscatter patterns at intermediate height of a 100 mm/h Bridgman as-grown CrMnFe-
CoNi single-crystal: (a) fourfold (100) plane, (b) threefold (111) plane and (c) twofold (011) plane

low-index crystallographic axis was revealed in the Laue pattern. Subsequent patterns were

recorded after rotating the crystal. The Laue patterns displayed sharp, singular spots and are

mutually consistent regarding their relative tilting angles. Figure 3.9(a) displays the fourfold

axis of the (100) plane, figure 3.9(b) the (111) plane and figure 3.9(c) the twofold pattern of
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the (011) plane which is tilted 55° and 90° away from the (100) plane and by 35° with respect

to each other. The (011) plane is tilted about 15° away from the growth direction. A series of

Laue patterns recorded on either side of the crystal perpendicular to the (100)/(100) was

used to estimate the size of the single grain. It extends from approximately 1 cm above the

lower end of the crystal to just below the wide end, amounting to a volume of approximately

7 cm3 (cf. figure 3.7(c)).

Figure 3.10 depicts the microstructure of a sample slice from the as-grown crystal, captured

through phase-contrast light microscopy and backscattered-electron mode in a scanning

electron microscope at an approximate distance of 2 cm from the tip. The (011) plane of

Fig. 3.10: (a) Phase Contrast and (b) SEM back-scattered electron micrograph of a 100 mm/h Bridgman
as-grown CrMnFeCoNi single-crystal

the crystal is aligned parallel to the polished surface, and the crystal exhibits a low porosity

with only a few pores of dark contrast visible in the SEM micrograph. Energy-dispersive

X-ray spectroscopy [89] was used to determine the overall composition of the crystal, which

was found to be Cr20.33Mn20.10Fe20.00Co19.64Ni19.94. The phase-contrast micrograph reveals

the dendritic microstructure of the as-grown crystal, as previously described. A slight inho-

mogeneity in the elemental composition across the sample is visible in the backscattered-

electron image, indicating that the formation of dendrites is accompanied by segregation

of the constituent elements of the alloy. Laue X-ray backscatter patterns taken across the

surface of the sample show tilts of up to approx. 5° between individual regions of the crystal,

as illustrated in figure 3.11. These tilts are continuous across the sample surface and may

suggest the presence of sub-boundaries within the as-grown crystal. The presence of tilt

boundaries within a single crystal is attributed to an imperfect growth process, which dis-

rupts the perfect three-dimensional translation symmetry. This phenomenon is commonly

referred to as crystal mosaicity [90–92].

Figure 3.12 depicts Electron Backscatter Diffraction (EBSD) measurements for slices taken

from the crystal’s foremost tip, extending approximately 8 mm along the growth direction.

Panel A-D displays the band contrast image, which is a secondary electron image capturing
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Fig. 3.11: Representative micrograph of tilts between individual regions in a 100 mm/h Bridgman
as-grown CrMnFeCoNi single-crystal observed using the Laue X-Ray backscatter patterns. The initial
pattern was taken at spot 1, depicted in image 1, with patterns from spots 2-4 taken without rotation
of the sample. This reveals a tilt of the pattern in spots 2 and 4.

the analysed region for the EBSD orientation determination. The in-plane x component rep-

resents the crystal orientation in the image plane, pointing upward, while the out-of-plane z

component indicates the orientation of the crystal away from the image plane and towards

the viewer. The Laue X-ray back-reflection revealed an absence of a consistent orientation for

the foremost tip of the crystal, with indistinct or unidentifiable patterns. In the inverse pole

figures, particularly in the in-plane x and out-of-plane z components shown in figure 3.12,

the polycrystalline nature of the first 8 mm of the crystal volume is evident. The individual

crystallites are largely oriented in close proximity to similar crystallographic directions,

namely the in-plane x direction (001) and the out-of-plane z direction (101), as indicated by

the colour-coding of the inverse pole figure in the bottom left corner. The crystallite size

increases along the growth direction (Slice A to C), with the crystallites predominantly ori-

ented along (001) in the x-direction (fire-red areas) and (101) in the z-direction (neon-green

areas), respectively. At the height of slice D, individual crystallites are difficult to distinguish,

with a significant portion of the volume aligned along the (101) direction in the z-direction

and close to the (001) direction in the x-direction. The microstructure observed in slice D

is representative of the entire volume of the as-grown single crystal as shown in figure 3.10

and 3.11. The distortion from the (101) plane (light blue areas) observed in slice D may

be attributed to the effect of crystal mosaicity, which is also observed in the single-crystal

volume in figure 3.10 and 3.11. This indicates that although the tip of the alumina crucible

was not fully filled during the Bridgman growth, a single crystal was still successfully grown

through the process of self-selection of a dominant grain. The microstructure presented

here was reproducible in two additional crystals grown using the same parameters.
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Fig. 3.12: SEM band contrast micrographs and EBSD inverse pole figures of the foremost tip area of a
100 mm/h Bridgman as-grown CrMnFeCoNi single-crystal

3.2.4 Heat Treatment of as-grown CrMnFeCoNi Single Crystals

Figure 3.13(a) displays the distribution of the constituent elements in a specimen grown

at a withdrawal rate of 100 mm/h using the Bridgman technique in the as-grown state. As

seen in the EDX element maps, there is a slight segregation of Mn and Ni present. From the

scale of the inhomogeneities, it is inferred that they correspond to the dendrites observed in

figure 3.10. The interdendritic areas, which are enriched in Mn and Ni, are depleted of Cr, Fe,

and Co.

Figure 3.13(b) illustrates the elemental distribution after subjecting the sample to a heat

treatment at 1200 ◦ for 72 h in vacuum using Ti as an oxygen getter. The constituent

elements are now uniformly distributed throughout the crystal’s volume. An EDX line-

scan, depicted in figure 3.14, performed across the surface of the specimen before and after

the heat treatment shows that in the as-grown state, the concentration of the constituent

elements can vary by up to ±5 at-% from the nominal 20 at-%. After the heat treatment, the

concentration of the constituent elements only varies by approx. ±0.5 at-%, which is within

the relative error of common EDX systems. This finding is consistent with earlier reports on

heat treatments of CrMnFeCoNi, which indicate that exposure to 1200 ◦C in a vacuum for an

extended period of time yields a homogeneous single-phase material [21, 26]. Therefore, a

heat treatment subsequent to crystal growth should be beneficial for future investigations.
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(a)

(b)

Fig. 3.13: EDX maps of the constituent elements in the (a) as-grown 100 mm/h Bridgman crystal and
(b) after a heat treatment at 1200 °C for 72 h
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Fig. 3.14: EDX line scans of the constituent elements in the as-grown and heat-treated 100 mm/h
Bridgman crystal

Due to time constraints and concurrent investigations, all CrMnFeCoNi samples in this work

are in the as-grown state.

3.3 Fabrication of equiatomic TiVZrNbHf

The initial stage in the production of the equiatomic TiVZrNbHf alloy involves the syn-

thesis of a master alloy from high-purity elements. Due to the significant variation in the

melting points of some of the constituent elements, such as Hf at 2227 °C, an additional

step was introduced in the fabrication process compared to the CrMnFeCoNi alloy. To

achieve high homogeneity of the material, platelets containing the constituent elements in

equiatomic proportion were remelted several times in an arc-melter. Approximately 70 g

of these platelets were then charged into a cold crucible levitation melter, similar to the

CrMnFeCoNi alloy, and remelted at least twice for further homogenization. Finally, the melt

was cast into a rod shape with a diameter of 10mm.

DSC measurements did not provide reliable data for the melting point of the TiVZrNbHf

alloy. Unlike the CrMnFeCoNi alloy, no distinct melting event could be detected in the DSC

measurement curves (cf. figure 3.15). The melting point of the alloy was estimated through

a series of melting experiments. Small amounts of the alloy were heated at a low rate to

temperatures above and below the estimated melting point (±100 °C), and the presence of

molten samples was observed. The melting event was narrowed down to a range of 1550-

1650 °C. The melting temperature was then approximated by scanning this temperature

range in 10 °C-steps and was found to be 1590±20 °C [61]. This value is consistent with
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Fig. 3.17: V-Ti-Nb-rich phase appearing dark and Zr-Hf-rich needle-shaped phase appearing bright in
TiVZrNbHf crystals in (a) the as-grown state and (b) after 48 h at 1200 °C

Fig. 3.18: SEM Micrographs (BSE-detector) of TiVZrNbHf crystals produced by zone melting in (a) the
as-grown state and (b)details of V-rich needles at the outer edge of the as-grown crystal

crucibles. However, a heat treatment within the solid solution region of the TiVZrNbHf

phase diagram, as presented by Pacheco et al. [62] at 1200 °C for 48 h did not remove these

phases, as depicted in figure 3.17. The use of zone melting to produce TiVZrNbHf crystals

resulted in a polycrystalline product, as shown in figure 3.18(a). The formation of multiple

grains in the crystal may have been due to problems with stabilizing the molten zone and

continuously feeding the rod through the heating coil, potentially preventing the synthesis

of single crystals. Furthermore, the crystals produced by zone melting exhibited V-rich

needles along the outer edge of the crystal, making them unsuitable for the purposes of this

work.

Another issue that arose during the search for a single crystal growth method was the phase

stability of TiVZrNbHf, as described by Pacheco et al. [62]. The solid solution of TiVZrNbHf is

only stable at temperatures above 830 °C, and decomposes at lower temperatures. However,

the high-temperature solid solution can be frozen in its state through moderate cooling

rates. If these cooling rates cannot be achieved, a decomposition of the solid-solution phase

will take place as most likely happened during Bridgman growth as depicted in figure 3.16

and 3.17. This is due to the fact that the cooling rate of the crystal cannot be sufficiently
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controlled once it has passed through the cooling baffle of the Bridgman apparatus, and the

temperature of the crystal may be high enough for decomposition to occur, as predicted

by Pacheco et al. [62]. Unfortunately, a higher cooling rate could not be achieved with the

given experimental setup. Therefore, the search for a method to synthesize single crystals

of the TiVZrNbHf alloy was limited to the available techniques, which ultimately proved

unsuccessful.

The investigation of the TiVZrNbHf alloy was subsequently concentrated on polycrystalline

samples. In preparation for the mechanical experiments, the master alloy rods underwent a

heat treatment. This treatment was used to first remove any inhomogeneities that resulted

from the rapid cooling during casting. Additionally, the grain size of the material was con-

trolled by varying the length of the heat treatment. The Bridgman apparatus was utilized for

the heat treatments as it is capable of achieving the necessary temperatures and atmosphere

for the process. Specifically, two heat treatments in an Argon atmosphere were conducted

at 1200 °C for 2 h and 48 h, respectively. Following the heat treatments, the samples were

cooled in the Bridgman machine at a rate of 600 K/h until 500 °C and afterwards at 200 K/h

until room temperature.

3.3.2 Characterisation and Reproducibility

In the as-cast state, the TiVZrNbHf rods exhibit an inhomogeneous microstructure as de-

picted in figure 3.19(b). The microstructure is dense with a few pores and shows few larger in-

Fig. 3.19: Microstructure (SEM BSE-contrast) of an as-cast TiVZrNbHf rod, (a) overview image and (b)
detail of the microstructure displaying inhomogeneous element distribution

homogeneities. The overall composition was determined to be Ti19.29Zr20.87Nb20.30V19.89Hf19.66

through EDX analysis. The composition of the larger inhomogeneity, identified by its bright

contrast in figure 3.19(a)) was found to differ only slightly from the overall composition, with

an approximate 1 at-% increase in Zr content and equal decreases of 0.2 at-% each in the

other elements. EBSD measurements, shown in figure 3.20, revealed a grain size of 10-50 µm
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Fig. 3.20: SEM secondary electron contrast micrograph (a) and inverse pole figure (b) of the as-cast
TiVZrNbHf master alloy

Fig. 3.21: SEM band contrast micrograph (a) and inverse pole figure (b) of the TiVZrNbHf master alloy
annealed for 2 h at 1200 °C

in the centre of the rod. No preferential orientation of the individual grains was observed.

To eliminate the non-homogeneous microstructure, the as-cast samples were subjected

to two heat treatments at 1200 °C for 2̨h and 48 h, which were followed by cooling in the

furnace at cooling rates of 500 K/h until approx. 600 K and at 200 K/h thereafter until room

temperature.

The microstructure of a sample annealed at 1200 °C for 2 h is depicted in figure 3.21(a). The

most significant observation is the increase in grain size after heat treatment compared

to the as-cast state, where individual grains are clearly visible. The estimated grain size is

approximately 300-500 µm. The microstructure is homogeneous, and no segregations or sec-

ondary phases were observed. The overall composition of the sample, determined by EDX

to be Ti19.55Zr19.43Nb21.61V19.27Hf20.14, is, similar to the as-cast sample, close to equiatomic.

The inverse pole figure of an EBSD measurement performed after the heat treatment, shown

in figure 3.21(b), confirms the grain size of 300-500µm. The random orientation of the

individual grains is clearly visible.

Figure 3.22 displays the microstructure of a sample annealed at 1200 °C for 48 h. The in-

homogeneities present in the as-cast sample have been dissolved, and individual grains
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Fig. 3.22: SEM micrograph of the TiVZrNbHf master alloy annealed for 48 h at 1200 C

are clearly visible. The grain size has increased significantly compared to the as-cast state,

with some measuring up to 1 mm in size. The sample exhibits a dense and homogeneous

microstructure. The dark spots in the centre of the sample were identified as residual pores

or shrinkage cavities from the casting process. The deformation samples for this material

were machined from areas that show no shrinkage cavities. EDX measurements indicate

that the composition is close to equiatomic at Ti19.10Zr19.58Nb22.21V19.22Hf19.89.

Both heat treatments were performed on two different master alloy rods each time, resulting

in comparable microstructures and grain sizes as described here. It was demonstrated that

the selected cooling rates effectively prevent the decomposition of the alloy, as described

in paragraph 2.3 [62]. Samples that underwent either heat treatment were deformed and

investigated in the scope of this work. Throughout this work, samples that were annealed

for 2 h will be referred to as fine-grained, and those annealed for 48 h as coarse-grained,

respectively.



Chapter 4

Mechanical Properties of plastically

deformed High-Entropy Alloys

This chapter provides a comprehensive overview of the fundamental principles of crystal

plasticity. It discusses the physical concepts of dislocation motion and the theoretical

underpinnings of thermal activation processes. Additionally, the experimental techniques

utilized to determine thermodynamic activation parameters are explained in detail, as well

as the general procedure for conducting deformation experiments. These experimental

methods were employed simultaneously for the study of CrMnFeCoNi and TiVZrNbHf,

with the primary difference between the two materials being the maximum deformation

temperature. The strength of CrMnFeCoNi diminishes significantly above 500 K, falling

within the resolution limit of the deformation machine employed. Conversely, the maximum

deformation temperature for TiVZrNbHf was limited to 1150 K due to the alloy’s significant

softening above this temperature, as well as the potential formation of toxic Vanadium-(V)-

oxide [93]. The chapter concludes with a presentation and discussion of the results obtained

from the mechanical deformation experiments, with a particular focus on the determination

of the thermal activation parameters for the deformation process.

4.1 Fundamentals of Plastic Deformation

4.1.1 Dislocations and Plasticity

The external shape of a solid-state body is only modifiable through the application of an

external force. The process of deformation is characterised by the amount of external force

F applied to the sample, the dimensions of the sample, the time t and the temperature T at

which the force is applied. In uniaxial deformation, A is considered as the cross-sectional
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area of a solid body, and the stress that is acting on the body can be calculated as

τ= F

A
. (4.1)

Any amount of stress applied to the body results in strain, given by the relation between the

initial length l0 and the length variation ∆l due to the external force

ϵ= ∆l

l0
. (4.2)

The strain consists of an elastic and a plastic contribution, according to

ϵ= ϵel +ϵpl ast . (4.3)

For small strains, the deformation process is purely elastic, and the stress that is acting on

the body as a result of the applied external force is proportional to the elastic strain through

the material-specific elastic or Young’s modulus E yielding

τ= E ·ϵel . (4.4)

In the elastic regime, the body will return to its original shape almost instantly once the

external stress is removed. However, if the strain exceeds a certain value, the behaviour of

stress and strain deviates from the linear regime, marking the transition to the plastic regime

of deformation. Plastic deformation is non-reversible and results in a permanent shape

change of the body even after the external stress is removed.

Plastic deformation of a crystalline body is carried by the displacement of neighbouring

lattice planes against each other [94]. This is usually achieved through the movement of

individual dislocations, which move through the body and break only individual bonds along

their path. Dislocations are line defects characterised by their line direction l⃗ and Burgers

vector b⃗. The Burgers vector describes the magnitude and direction of lattice distortion.

Dislocations are classified as screw dislocations if the Burgers vector and line direction are

parallel and as edge dislocations if they are perpendicular [95]. Mixed dislocations, where

the Burgers vector is inclined with respect to the line direction, also exist.

The formation of an edge dislocation through the Volterra process is illustrated in figure 4.1.

Removing an atomic half-plane from an ideal crystal lattice produces a gap in the lattice.

Closing the gap and relaxing the lattice creates an edge dislocation. At the dislocation core,

the lattice atoms are displaced from their original positions, resulting in a strain field that

remains constant along the direction of the line.

The Burgers vector b⃗ is defined by tracing a Burgers circuit around a dislocation, as illustrated
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(a) (b) (c)

Fig. 4.1: The Volterra Process: (a) An atomic half plane indicated in red in an ideal crystal lattice. (b)
The half-plane is removed. (c) The lattice is closed, and relaxed and an edge dislocation is indicated.

(a) (b)

Fig. 4.2: Definition of the Burgers vector b⃗ by means of a Burgers circuit: (a) A Burgers circuit performed
around an edge dislocation with start (o) and finish (x) on the identical lattice point. (b) Burgers circuit
transferred to an undistorted lattice, defining the Burgers vector as the vector required to complete the
circuit.

in figure 4.2. Connecting the lattice sites around the dislocation forms a loop with start and

finish on the same lattice site. When the Burgers circuit is transferred to an undistorted

lattice, as depicted in figure 4.2(b), the starting and finishing points do not coincide. The

vector required to close the circuit is referred to as the Burgers vector.

The Burgers vector can be unambiguously defined through two conventions established in

literature [95]:

1. The Burgers vector is taken in a clockwise direction when looking along the positive

line sense or direction of the dislocation.

2. The Burgers vector runs from the finish to the start point of the reference circuit in the

perfect crystal.

It is important to note that when a Burgers circuit is performed around other crystal defects,

such as vacancies or interstitials, it will always form a closed loop [95].

A dislocation moving through a material causes a permanent shape change in the material

through its strain field. Conversely, an external force applied to the material results in a force
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acting on the dislocation. The Peach-Köhler force, K⃗ , acts perpendicular to the dislocation

line

K⃗ =
(
σ⃗ · b⃗

)
× l⃗ , (4.5)

where σ⃗ denotes the stress tensor [94]. When a dislocation propagates along a specific plane,

characterised by the Burgers vector b⃗ and the dislocation line l⃗ , this is referred to as slip. The

normal to this slip plane is given by the vector product of the Burgers vector b⃗ and the line

direction l⃗

n⃗ = b⃗ × l⃗ . (4.6)

A second type of dislocation motion is known as dislocation climb, where the dislocation

moves out of its slip plane. This motion is always accompanied by a local volume change

around the dislocation core, in contrast to dislocation slip. As a result, atomic movement

through diffusion is required for dislocation climb, which is typically observed at elevated

temperatures.

The slip plane (cf. 4.6) and slip direction, which determine the dislocation and its contribu-

tion to the plastic deformation of a material, combine to form the slip system. The shear

stress acting on a dislocation of this slip system is related to the external stress through a

geometric factor, the Schmid factor mS ,

τ= mSσ. (4.7)

The Schmid factor is directly determined by the geometry of the slip system, as shown in

figure 4.3. It is calculated using the cosines of the angles between the compression direction

Fig. 4.3: Relation between slip plane, slip direction and compression direction, defining the Schmid
factor
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and slip plane Φ, and the angle between compression direction and slip direction λ as

mS = cosΦcosλ. (4.8)

As a result of this equation, the Schmid factor ranges from 0 to 0.5.

Dislocations which propagate through a material contribute to the overall shearing and

straining of the material, depending on the orientation of the slip system. The strain resulting

from a given dislocation density ρ of mobile dislocations in the material is given by

ϵ= ρbx, (4.9)

where x represents the average distance travelled by a dislocation. The time derivative of

this equation yields the Orowan equation,

ϵ̇pl ast = ρbv. (4.10)

The Orowan equation describes the dynamics of the deformation process, where v repre-

sents the velocity of a dislocation. It thereby connects the important macroscopic value of

the plastic strain rate ϵ̇pl ast and the microscopic entity v . The assumption of constant struc-

ture, i.e. constant dislocation density ρ̇ = 0 during deformation, is made in this equation.

4.1.2 Thermal Activation

Dislocations in a given material at a specific temperature encounter energetic obstacles

that hinder their movement. These obstacles are either intrinsic, such as stress fields from

other dislocations, or extrinsic, such as precipitates, point defects, or lattice friction. These

obstacles limit the average velocity of the dislocations. In addition to the externally applied

stress and the resulting shear stress τ, a second stress field acts on a dislocation which results

from the microstructure of the material. The sum of all internal stresses τi , primarily the

stress fields of other dislocations, impedes the movement of a dislocation and reduces the

effective stress that acts on it

τe f f = τ−|τi |. (4.11)

According to equation 4.5, the force acting on a dislocation line with the length l = |⃗l | and

the Burgers vector b⃗ is given by

K = τe f f l b. (4.12)

If the friction stress τ f caused by energetic obstacles is lower than the effective stress acting

on the dislocation, it can propagate through the material. However, if the effective stress is
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x1 x2

lbτeff

ΔG

FR

Fig. 4.4: Schematic illustration of thermal activation with a dislocation (red) resting in a stable position
x1 in front of an energetic obstacle

smaller than the friction stress of an obstacle in its path, the dislocation cannot overcome

this obstacle and will remain in a stable position x1 in front of the obstacle, as illustrated

in figure 4.4. For temperatures above 0 K, there exists a finite probability for overcoming

obstacles due to thermal fluctuations. To do so, an energy barrier, represented by the Gibbs

free energy

∆G =
∫x2

x1

d x
(
τ f −τe f f

)
lb (4.13)

must be surpassed isothermally and at constant stress [96, 97]. The probability of overcom-

ing the obstacle through thermal fluctuation is given by [98]

P = exp
−∆G

kT
. (4.14)

If the dislocation velocity is governed by the thermal overcoming of obstacles, the process is

referred to as thermally activated. The dislocation velocity is then given as

v = v0xP, (4.15)

with the attempt frequency v0 [99] and the distance x travelled by the dislocation when

overcoming the obstacle. Using equations,4.14 and 4.15, the temperature dependence of

the plastic strain rate can be expressed with the Orowan equation (4.10) as

ϵ̇pl ast = ϵ̇0exp
−∆G

kT
. (4.16)

Here, the factor ϵ̇0 = ρbxv0 is specific to a given material and is assumed constant. The

temperature dependence of ∆G at a constant strain rate is then given by

∆G =αkT, withα= ln
ϵ̇0

ϵ̇pl ast
. (4.17)



4.1 Fundamentals of Plastic Deformation 39

lbτeff

ΔG

FR

ΔF

ΔW

Δx

Fig. 4.5: Schematic illustration of the relation between ∆F, ∆G, ∆W and ∆x

Thus, the Gibbs free energy is linearly dependent on temperature, and specifically, ∆G(T =
0) = 0.

4.1.3 Thermodynamics

The contribution of thermal fluctuations to the energy required for a dislocation to overcome

an obstacle is represented by the Gibbs free energy, which constitutes a portion of the total

energy needed to surmount the obstacle. The total energy needed to overcome an obstacle

is represented by the Helmholtz free energy

∆F =
∫x2

x1

d xτ f lb =∆G +∆W. (4.18)

∆W represents the work term resulting from the energy supplied by the effective stress

∆W =
∫x2

x1

d xτe f f lb. (4.19)

Integration of this equation under the assumption of a constant effective stress (τe f f =
const.) yields

∆W = τe f f l b∆x, (4.20)

where ∆x = x2 −x1 represents the distance covered by the dislocation when overcoming an

obstacle. The relation between all these values is depicted in a force-over-distance graph in

figure 4.5.

The Gibbs free energy is determined by the temperature and effective stress. Its differential

is defined as [100]

d (∆G) =−∆SdT −V ∗dτe f f , (4.21)

where

∆S ≡− δ (∆G)

δT

∣∣∣∣
τe f f

(4.22)
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Fig. 4.6: Schematic illustration of the area a dislocation covers during a thermal activation event

and

V ∗ ≡− δ (∆G)

δτe f f

∣∣∣∣
T

. (4.23)

∆S denotes the activation entropy, which is related to the Gibbs free energy through the

activation enthalpy [15]

∆G =∆H −T∆S. (4.24)

The most significant contribution to the activation entropy arises from elastic sources,

although other contributions stem from thermal expansion [101] and the formation of point

defects during activation [102]. All of these contributions ultimately accumulate [103].

The geometric interpretation of V ∗ is shown in figure 4.6. A dislocation with line element

L (l in equation 4.25), which is locked between two points P, may overcome an obstacle O

via thermal activation. In this event, the dislocation moves a distance of ∆x and covers a

surface area ∆A. The activation volume is represented by

V ∗ = l b∆x = b∆A. (4.25)

The comparison with equation 4.20 yields

∆W = τe f f V ∗. (4.26)

Together with equation 4.18 an important relation between the Helmholtz free energy and

Gibbs free energy is revealed

∆G =∆F −τe f f V ∗. (4.27)

If entered into equation 4.16, the stress dependence of the strain rate is found as

ϵ̇pl ast ∝ exp
(
τe f f V ∗)

, (4.28)

with the activation volume itself being dependent on the stress.
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4.1.4 Incremental Testing

Undertaking a deformation experiment necessitates the direct measurement of strain, strain

rate, applied stress, and temperature. However, the thermodynamic parameters introduced

in the preceding section cannot be directly obtained. Rather, they must be determined

through the accessible values and their interdependencies. This involves making assump-

tions that may only hold true to a certain extent. Particularly, the assumption of constant

structure in the derivatives assumed in the previous section is of critical importance. This

assumption can be made when suitable experimental procedures are employed.

The experimental activation volume can be considered as

V = kT

mS

δ ln ϵ̇pl ast

δσ

∣∣∣∣
T

(4.29)

where all values are accessible through experiments. The relationship between V and V ∗ (cf.

4.23) is represented by

V =V ∗
(
1+ δτi

δτ

∣∣∣∣
T

)
. (4.30)

If τi is independent of τ, V and V ∗ are equivalent [104, 105]. The activation volume offers

insights into the characteristics of dislocation obstacles. For thermally activated processes,

obstacles and activation volume are roughly equivalent [106].

The strain rate dependence of the stress can be determined through

I ≡ δσ

δ ln ϵ̇pl ast

∣∣∣∣
T

. (4.31)

With equation 4.30 it yields

V = ktT

mS I
. (4.32)

With the relation ϵ̇pl ast ∝σm [107, 108] the stress exponent

m = δ ln ϵ̇pl ast

δ lnσ

∣∣∣∣
T

(4.33)

can be determined. The stress exponent m is a creep parameter that is associated with

the applied stress and depends on the microstructure and mechanical state at minimum

creep rate, which are different for each starting stress. From its empirical nature, the stress

exponent allows a categorisation and modelling of the deformation processes [107, 108].

The Gibbs free energy is another value that cannot be directly obtained through experimental
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measurements. Only the activation enthalpy

∆H =∆G +T∆S =∆G −T
δ (∆G)

δT

∣∣∣∣
τe f f

= kT 2 δ ln ϵ̇pl ast

δT

∣∣∣∣
σ

(4.34)

can be determined for τi = const. Furthermore

∆H = kT
δ ln ϵ̇pl ast

δ(1/T )

∣∣∣∣
σ

(4.35)

which then yields

∆H =−kT 2 ·
δ ln ϵ̇pl ast

δσ

∣∣∣∣
T

·
δσ

δT

∣∣∣∣
ϵ̇pl ast

. (4.36)

These equations can be employed to determine the activation enthalpy from measurement

data.

4.2 Macroscopic Phenomena in Plastic Deformation

In this section, the emphasis is placed on specific aspects of plastic deformation that can

be observed during the deformation of a material. The stress-strain curve and the role

of dislocations in carrying deformation are central to this discussion. Building upon the

fundamentals of plastic deformation, thermal activation, and incremental testing outlined

in the previous section, this section delves deeper into the phenomena associated with

plastic deformation.

4.2.1 Yield Strength and Anomaly

The yield point signifies the juncture on the stress-strain curve of a material at which its

elastic behaviour ceases and deformation becomes non-reversible or plastic. Prior to this

point, all deformation is elastic, and the material will recover its original shape upon removal

of the applied stress.

Beyond the yield point, a portion of the deformation will be permanent, resulting in a non-

reversible shape change. The yield point and its corresponding yield strength are material

properties that depend on the crystal orientation, as specified by the Peach-Köhler equation

(cf. equation 4.5) [94]. Additionally, the temperature has a significant impact on the yield

strength. In most metallic materials, yield strength generally increases with decreasing

temperature as the motion of dislocation is thermally activated. Dislocations can overcome

obstacles with the aid of the thermal vibration of atoms and applied stress. With decreasing

temperature, thermal energy decreases, leading to an increase in yield stress [109].
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If a material’s yield strength does not exhibit the aforementioned behaviour, and instead

increases with increasing temperature, such behavior is referred to as a yield strength

anomaly (YSA). This anomaly never persists across the entire temperature range from 0 K to

the melting temperature, but rather occurs in a specific temperature range.

4.2.2 Serrated Flow

When a sample is subjected to deformation at a constant nominal strain rate, the total strain

at any given instant in time can be expressed as the sum of elastic and plastic strain, as

illustrated in equation 4.3, and in terms of the strain rate

ϵ̇= ϵ̇el ast + ϵ̇pl ast . (4.37)

Equation 4.37 can be rewritten as

ϵ̇= 1

E
σ̇+ ϵ̇pl ast . (4.38)

The observation of serrated flow occurs when the plastic strain rate ϵ̇pl ast surpasses the

imposed strain rate ϵ̇. This results in a sudden increase in ϵ̇pl ast and a corresponding

decrease in load. Several physical processes can give rise to serrations in the flow curve, as

outlined in the following list [110]:

(i) Instantaneous increases of ρ and/or v resulting in an increase of the plastic strain rate,

as expressed in equation 4.10.

(ii) Dynamic strain ageing 1 [111–114] resulting in sudden increases in both ρ and/or v .

(iii) Order-disorder transformations, as well as gradients or modulations of order in alloys

that are induced by moving dislocations [115–117].

(iv) The phenomenon of continuous mechanical twinning, which is characterized by a

positive temperature dependence and a negative strain rate sensitivity of the flow

stress, is also observed in dynamic strain ageing. [118–120].

(v) Sudden increase in specimen temperature due to adiabatic heating usually observed

in deformation at cryogenic temperatures [121–123].

(vi) Stress- or strain-induced phase transformations [124].

1Dynamic Strain Ageing is a phenomenon in which the energy barrier presented by an obstacle to a locked
dislocation is augmented by the diffusion of solutes during the period of locking.
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(vii) Yielding across the fracture surface as observed in brittle materials deformed under

hydrostatic or triaxial non-hydrostatic pressure [125].

All of the aforementioned causes for serrations have been reported and investigated in

the past. However, dynamic strain ageing, as mentioned in (ii), is the most prominent.

In particular, the Portevin-LeChatelier (PLC) effect, which arises from the interaction of

diffusing solute atoms and mobile dislocations, has been well-documented [111–114]. The

interpretation of the stress drops in the PLC effect is based on the occurrence of a negative

strain-rate sensitivity (SRS) of stress in a certain strain-rate interval, resulting in a N -shaped

σ(ϵ̇) dependence [126–130]. This dependence is illustrated in figure 4.7, where the resulting

σ σ

σ

ln έ(a)

(a)

(b)

(b)

ε

ε

Fig. 4.7: Schematic of the N-shaped stress–strain rate (σ-lnϵ̇) function of alloys showing the PLC effect
with the resulting stress-strain-curves

deformation curves are shown alongside. When the strain rate falls within the negative SRS

region (case b in figure 4.7), the deformation will oscillate between the left (slow) branch

and the right (fast) branch of the N -curve, resulting in a serrated σ(ϵ)-curve. If the strain

rate is outside of the negative SRS interval, the deformation curve will appear smooth. The

properties of the stress–strain rate (σ-lnϵ̇) function determine the strain-rate domain of

instability for a given temperature.

The appearance of the PLC effect in a stress-strain diagram is complex due to the inherently

heterogeneous behaviour of dislocations in real materials. However, several generic types

of serrations have been identified [110, 131–138] for polycrystals deformed under tension,

including those shown in figure 4.8. These serrations occur when the strain rate is located

between the upper and lower limit of the flow stress instability. Three types of serrations can

be distinguished in this regime:

• Type A [139] serrations exhibit periodic stress increases followed by backward drops

to or even below the nominal level accompanied by quasi-continuous propagation

of deformation bands along the specimen’s tensile axis. Preceding a stress rise is

the formation of a dislocation band at one end of the specimen, which will move
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through the specimen at a lower stress, which is usually accompanied by irregular

stress fluctuations.

• Type B [140] serrations appear as more regular stress oscillations with an appar-

ent characteristic scale and are related to the nucleation of deformation bands in

neighbouring regions of the specimen with each stress drop being related to one

individual band. Although these stress bands are either immobile or move only over

short distances, their correlated occurrence is commonly referred to as "relay-race" or

"hopping" propagation.

• Type C [141] serrations are characterised by deep drops below the nominal stress

level (higher stress values) caused by a deformation band that are, unlike in Type B

serrations, not correlated with a previous band formation. The lower the strain rate,

the more random the band formation becomes.

Figure 4.8 depicts all three types of serrations as described above. The categorisation into

Fig. 4.8: Schematics of motion, orientation, spatiotemporal appearances and strain-controlled tensile
curve characteristics of the PLC bands [138] with 1, 2 and 3 referring to the time evolution of the sample

three distinct types indicates the non-random nature of dislocation dynamics. However,

phenomenological models based on figure 4.7 that do not take into account intrinsic strain

heterogeneity are unable to explain the diverse range of deformation curves or the variations

in band kinematics that occur under different experimental conditions. The complexity of

irregular flow curves extends beyond a simple classification of types, and in some cases,

D and E-type serrations are used to account for specific patterns observed in commercial

alloys [110].
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4.3 Experimental Methods

4.3.1 Sample Preparation

The deformation experiments utilized samples prepared from oriented single crystals of

the CrMnFeCoNi alloy and poly-crystals of two distinct grain sizes, coarse and fine, as

detailed in section 3.3.2, of the TiVZrNbHf alloy. These samples were processed via electro-

discharge machining (EDM) and measured approximately 2 x 2 x 5 mm3. The long axis of a

set of CrMnFeCoNi samples was oriented in two specific directions, [531] and [210], which

were selected to promote either single-slip in the [531] orientation or dual slip in the [210]

orientation. However, such precise orientation was not achievable for the polycrystalline

TiVZrNbHf samples. After being cut, each side of a sample was ground to remove the surface

area affected by the EDM and finished with a 1200-grid SiC paper. Special attention was

paid to ensure the perpendicularity of the cross-section and the long axis of the samples.

4.3.2 Uniaxial Deformation Machine

All deformation experiments conducted within the scope of this work were carried out

utilizing a modified Zwick Z050 uniaxial deformation machine, as depicted schematically

in figure 4.9. In this configuration, the deformation sample (S) is positioned between two

Fig. 4.9: Schematic setup of the modified Zwick Z050 uniaxial deformation machine; detailed expla-
nation in text.

silicon-carbide compression anvils (A). These anvils are affixed to the moveable upper and

lower crosshead and the frame through alumina compression rods (F). A load cell (L) in series

with the lower compression rod allows load measurements up to 10 kN with an accuracy of
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1 N. The current strain is measured through a linear inductive differential transducer (M)

by directly measuring the length variation of the sample at the anvils using alumina rods

with an accuracy of ±10 nm. For measurements at elevated temperatures, the setup can

be enclosed by a cylindrical furnace (H). By means of a thermocouple (P), the temperature

is directly controlled at the sample, while two additional thermocouples (T) monitor the

temperature gradient within the compression anvils. Constant strain-rate experiments are

computer-operated in a closed-loop control. During an ongoing experiment, incremental

test procedures, as explained in the following paragraph, can be conducted.

4.3.3 Measurement Procedures

In the context of deformation experiments, strain and stress are typically defined as ϵtech ≡
(l0 − l/l0) and σtech = F /A0, respectively. However, in order to obtain true values that

correspond to the current dimensions of the sample being deformed, these raw values must

be transferred [94]. The relationship between the true values and the current dimensions of

the sample can be expressed as

ϵ= ln
1

1−ϵtech
(4.39)

and

σ= σtech

1−ϵtech
. (4.40)

Stress-Strain-Curves

The stress-strain curve obtained at a constant strain rate and temperature can be analyzed

for its overall form. From this curve, the yield strength and the elastic and plastic deformation

portions of the entire strain range can be identified. Additionally, during the loading and

unloading of the sample, the combined elastic modulus of the sample and deformation

machine can be determined from the linear elastic region. In the case of a stiff machine, this

value is typically quite close to the elastic modulus of the sample.

Stress Relaxation Experiments

A stress relaxation is a deformation experiment that is conducted at constant strain. In this

experiment, the deformation is stopped abruptly at a constant total strain, and the stress

decrease is measured as a function of time. All the relaxations that were conducted in this

work have a duration of 120 s. During the experiment the total strain rate is constant, i.e.

ϵ̇ = ϵ̇el + ϵ̇pl ast , meaning that elastic strain is transferred into plastic strain (ϵ̇el = −ϵ̇pl ast ).
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According to Hooke’s law, ϵel ∝σ, and therefore, ϵ̇∝−σ̇. Using equations 4.29 and 4.33, the

activation volume and stress exponent can be determined from stress relaxation experiments

by

V = kT

mS

δ ln(−σ̇)

δσ

∣∣∣∣
T

(4.41)

and

m = δ ln(−σ̇)

δ lnσ

∣∣∣∣
T

. (4.42)

From the slope of a ln(−σ̇) over σ plot the activation volume and the slope of a ln(−σ̇) over

lnσ plot the stress exponent can be determined, respectively.

Strain-Rate Changes

The sample is being subjected to a constant strain-rate and temperature, and it is undergoing

deformation. If the strain-rate is altered by ∆ϵ̇, a corresponding stress change ∆σ can be

measured. This difference in stress is evaluated at points in the flow curve that have the

same slope before and after the strain-rate change. Through this method, the differentials

δ
(
ln ϵ̇pl ast

)
/ δσ|T and δ

(
ln ϵ̇pl ast

)
/ δ lnσ|T can be approximated, which allows for the de-

termination of the activation volume and stress exponent according to equations 4.29 and

4.33.

Temperature Changes

At a constant strain rate, the sample is deformed at a temperature T1 until a defined strain

value is reached. Due to technical reasons and in accordance with equation4.34, a stress

relaxation is performed, followed by unloading of the sample. The temperature is then

slightly adjusted by ∆T , and the sample is reloaded at the initial strain-rate. The stress

difference ∆σ is measured in the flow curve at points of identical slope prior to and after the

temperature change. With this measurement, the temperature dependence of the flow stress

δσ/δT |ϵ̇pl ast
can be determined, which, in conjunction with a stress relaxation experiment,

allows for the determination of the activation enthalpy ∆H from equation 4.35. This method

is based on the assumption of constant structure for small temperature changes.
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Fig. 4.10: Stress-strain-curves of CrMnFeCoNi deformed at room temperature along (a) [531] and (b)
[210]

4.4 Results

4.4.1 Deformation of CrMnFeCoNi

CrMnFeCoNi samples were subjected to deformation along two different crystallographic

orientations, [531] and [210]. The purpose of selecting these orientations was to encourage

either single-slip in the [531] samples or dual slip in the [210] samples. According to Schmid’s

law (cf. equation 4.8), only one slip system with a high Schmid factor of 0.49 is available in

[531]-oriented f cc-crystals, namely [101](111), and two such slip systems in [210]-oriented

f cc-crystals, namely [101](111) and [101](111), respectively.

Stress-Strain-Curves

The stress-strain curves for CrMnFeCoNi samples deformed along both orientations at

temperatures ranging from room temperature to 500 K with a strain rate of 10−4 s−1 have

been recorded. Figure 4.10 depicts the stress-strain curves of a [531]- and a [210]-oriented

sample deformed at room temperature up to approx. 6.5 % total strain.

Additionally, figure 4.11 shows a comparison of representative stress-strain curves of [531]-

and [210]-oriented samples deformed at room temperature, 350 K, 400 K, 450 K and 500 K.

The curves in figure 4.10 and Figure 4.11 include features of stress relaxation experiments

(stress drops followed by a return to the initial stress level), strain-rate changes (stress drops

or jumps to lower or higher stress levels) and temperature changes (large stress drops to

σ ≈0 MPa followed by an increase to approx. the nominal stress level before the drop),

which will be further analysed in this chapter with respect to deformation orientation and

temperature. The temperature dependence of the yield stress, which decreases as the
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Fig. 4.11: Stress-strain-curves of CrMnFeCoNi deformed between room temperature and 500 K along
(a) [531] and (b) [210]

temperature increases, is evident for both deformation directions. The yield stress in the

[531] specimen is reduced from approx. 110 MPa at room temperature to approx. 70 MPa at

500 K and from around 120 MPa to 75 MPa, respectively, in the [210] specimen. The nearly

linear decrease of the yield stress with temperature in both [531] and [210] specimens can

be observed in figure 4.12. In this temperature range, the yield stress is reduced by approx.

1.5. For the [210] specimen, a minor, yet not significant, decrease in the flow stress can be

observed in the attainment of the yield stress at temperatures of 450 K and 500 K.

The progression of stress values was monitored at the conclusion of each deformation as the

specimen was relieved from the externally applied load. From these unloading curves, the

combined Young’s modulus of the CrMnFeCoNi specimen and the deformation machine

was determined to be approx. 100 GPa. It is widely recognised that unloading curves provide

a more precise measurement of Young’s modulus than loading curves in the elastic range

based on past experiences.

Stress Relaxation Experiments

Two exemplary stress relaxation experiments are shown in figure 4.13. The stress was

recorded as a function of time for a [531] specimen at room temperature and 400 K, respec-

tively, that were relaxed out of a strain rate of 10−4 s−1. The stress relaxation was interrupted

after two minutes, and the measurement data were plotted in the form of ln(-σ̇) as a func-

tion of stress or of the logarithm of stress, respectively. The activation volume and stress

exponent can be determined from the slope of the respective graphs (cf. paragraph 4.3.3).

Figure 4.14 depicts the ln(-σ̇) plot of a stress relaxation experiment of a [531] specimen at

room temperature. For this example, the slopes were determined as I=0.47 MPa and m=58.

To calculate the experimental activation volume from the stress value I, a Schmid factor of



4.4 Results 51

250 300 350 400 450 500

70

80

90

100

110

120

s y
 [M

Pa
]

T [K]

SX [531]
SX [210]

Fig. 4.12: Yield strength over temperature for CrMnFeCoNi specimen deformed along [531] and [210]

ms=0.49 was used, which corresponds to the primary slip system found in the [531] and [210]

specimen (cf. chapter 5.2.1). Equation 4.41 is utilized to determine the activation volume,

resulting in a value of 3.68 nm3.

Additionally, the activation volume can be determined through strain-rate changes, as de-

scribed in paragraph 4.3.3, and the stress-strain curve of such a strain-rate change at 420

K in a [210] specimen is illustrated in figure 4.15. By increasing the strain rate by a factor

of 1.5, the stress is increased by ∆σ=0.8 MPa and decreased by ∆σ=1 MPa if the strain rate

is decreased by a factor of 2, respectively. Using equation 4.41, an activation volume of

V=5.77 nm3 and V=6.1 nm3 is calculated for the individual strain-rate changes.

The experimental activation volume as a function of stress, as measured through relax-

ation experiments and strain-rate changes in the [531] and [210] specimen is shown in

figure 4.16(a). In the [531] specimen, the activation volume ranges from 3.3 nm3 up to

29.1 nm3. The activation volume of the [210] specimen ranges from 3.5 nm3 up to 30 nm3. A

distinctive stress dependency of the activation volume is clearly visible, following a hyper-

bolic shape. Figure 4.16(a) also displays the results of the strain-rate changes (open circles),

which are in remarkable agreement with the results of the relaxation experiments.

Temperature Changes

Temperature change experiments were routinely conducted in conjunction with stress re-

laxation experiments. Figure 4.17 illustrates a temperature change experiment on a [210]

specimen. The specimen was subjected to a constant strain rate until a steady hardening rate
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Fig. 4.13: Stress relaxation in deformation experiments of [531] specimen at (a) room temperature and
(b) 400 K

was achieved. At this point, a stress relaxation (perpendicular curve progression at ϵ=1.17 %)

was performed, after which the specimen was immediately unloaded. The temperature

was then elevated by 20 K, resulting in a decrease in flow stress. A second relaxation was

conducted at the point similar slope on the stress-strain curve, which corresponded to a

strain of ϵ=1.46 %.

In figure 4.18, the temperature change results (∆σ/∆T) are depicted as a function of the

temperature. The values of ∆σ/∆T are related to the geometric mean temperature of the indi-

vidual temperature changes [142]. With equation 4.36, the activation enthalpy of the plastic

deformation process can be calculated from ∆σ/∆T. The factor
δ ln ϵ̇pl ast

−σ̇
was calculated

from the average values of the stress relaxations conducted before and after a temperature

change. The activation enthalpy for both the [531] and [210] specimen is depicted in fig-

ure 4.19. For both deformation directions, comparable values for the activation enthalpy

ranging from approx. 1.4 eV at 360 K to approx. 3.4 eV at 560 K were observed. The activation

enthalpy exhibits a linear dependence on the temperature with a slope of 4.8·10−3 eV/K for

the [531] orientation and 6.5·10−3 eV/K for the [210] orientation, respectively, and zero in-

tercept at T=0 K. This linear relationship is illustrated in figure 4.19 as a solid line originating

from E=0 and T=0.

An additional value is presented in figure 4.19 in ∆W, the work term. By neglecting the

internal stresses, the work term can be determined by ∆W=τe f f V∗≈τV=kTσ ·δ ln(−σ̇)/δσ.

In the investigated temperature range, the work term displays similar values and a compa-

rable linear behaviour as the activation enthalpy for both the [531] and [210] specimens,

respectively.
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Fig. 4.14: Determination of (a) the activation volume and (b) the stress exponent of a [531] specimen at
room temperature
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Fig. 4.16: Activation volume of CrMnFeCoNi as a function of stress. Results of stress relaxations and
strain-rate changes are shown
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increase of 20 K results in a stress decrease of ∆σ=4.2 MPa

300 350 400 450 500 550
-0,3

-0,2

-0,1

 

Ds
/D

T 
[M

Pa
K-1

]

T [K]

SX [531]
SX [210]

/  Temperature Increase
          Temperature Decrease

Fig. 4.18: Results ∆σ/∆T of the temperature changes for temperature increases and decreases in [531]
and [210] specimen



56 Mechanical Properties of plastically deformed High-Entropy Alloys

250 300 350 400 450 500 550
0

1

2

3

4

250 300 350 400 450 500 550

 DH
 DW

E 
[e

V]

T [K]

SX [531]

 DH
 DW

SX [201]

T [K]

Fig. 4.19: Temperature dependence of the activation enthalpy ∆H and the work-term ∆W of [531] and
[210] CrMnFeCoNi specimen

4.4.2 Deformation of TiVZrNbHf

Stress-Strain-Curves

Deformation experiments were carried out on TiVZrNbHf at temperatures ranging from

room temperature to 1150 K, with a standard strain rate of 10−4 s−1. Figure 4.20(a) displays

three characteristic stress-strain-curves of fine grained TiVZrNbHf that were measured in the

examined temperature range. The stress-strain curves for TiVZrNbHf alloy exhibit a smooth
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Fig. 4.20: Characteristic stress-strain curves of fine grained TiVZrNbHf (a) deformed at room tempera-
ture, 600 K and 800 K and (b) detail of the deformation curve of the 600 K specimen

transition between the elastic and plastic regions, with no significant work-hardening ob-

served during plastic deformation up to a strain of 4.5 %. The stress-strain-curve depicted
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in figure 4.20(a) exhibits stress relaxations (stress drops followed by a return to the initial

stress level), with a slight stress overshot upon reloading. Strain-rate changes (stress drops or

jumps to lower or higher stress levels) performed between 2-3 % strain have minimal effect

on the flow stress.

In the intermediate temperature range of 500-750 K, the stress-strain curves exhibit a smooth

transition from the elastic to the plastic regime, with a moderate hardening behaviour. Two

temperature changes are visible at 1.5 % and 2 % strain, with little influence on the flow

stress in this temperature range. Similarly, strain-rate changes have no significant influence

on the flow stress. Figure 4.20(b) provides a detailed section of the deformation curve of

the 600 K specimen between 4.9 % and 5.2 % strain, revealing stress fluctuations that occur

parallel to the elastic loading segment in intervals of approximately 0.03 %. These stress

instabilities are present in all specimens deformed in the intermediate temperature regime

but absent in the low or high-temperature regime.

At temperatures above 750 K, TiVZrNbHf exhibits a high-temperature behaviour with a

smooth transition between the elastic and plastic regimes, as shown in figure 4.20(a) by a

specimen deformed at 800 K. The hardening rate is higher compared to the low and interme-

diate temperature regimes, and stress relaxations result in a considerable reduction of stress.

The combined Young’s modulus for the TiVZrNbHf specimen and the deformation machine

was determined to be approximately 750 GPa based on the unloading curves at the end of

each deformation. The stress-strain curves of the fine-grained (grain size 300-500µm) and

coarse-grained (grain size approx. 1 mm) TiVZrNbHf samples were found to be qualitatively

and quantitatively similar.

The yield stress as a function of temperature determined between room temperature and

1150 K is depicted in figure 4.21. The yield stress as a function of temperature for the

TiVZrNbHf samples was determined to decrease linearly between room temperature and ap-

proximately 500 K and above 850 K with a rate of about 1.05 MPa K−1 (dashed line). Between

500 K and 800 K, however, the yield stress increased with temperature. The temperature de-

pendence of the yield stress was found to be slightly more pronounced in the coarse-grained

material, and at 800 K, the yield stress of the coarse-grained material was approximately

10 % higher than that of the fine-grained material.

Stress Relaxation Experiments

Figure 4.22 illustrates the exemplary stress relaxations for the three characteristic temper-

ature regimes. The stress data is plotted as a function of time and has been scaled to the

initial value of each relaxation. In the low temperature regime, represented by a room tem-

perature relaxation, the stress decreases moderately by about 5 % over the whole relaxation
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Fig. 4.21: Yield stress over temperature for fine and coarse grained TiVZrNbHf specimen

0 20 40 60 80 100 120
0,65

0,70

0,75

0,80

0,85

0,90

0,95

1,00

Coarse Grained RT 600K 800K

s/
s 0

t [s]

Fig. 4.22: Stress relaxation curves normalised to the initial stress value of coarse grained TiVZrNbHf at
three characteristic temperatures
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Fig. 4.23: Stress dependence of the activation volume of fine and coarse grained TiVZrNbHf in the high
(squares) and low (triangles) temperature regime. Solid squares and triangles mark stress relaxations,
empty triangles strain-rate changes

time and exhibits a logarithmic behaviour characteristic to metallic materials [143]. In

the high temperature regime, represented by an 800 K relaxation, a qualitatively similar

time dependence is observed, although the stress decrease amounts to approximately 35 %

after 120 s. The relaxation at 600 K, representing the intermediate temperature regime and

corresponding to the yield stress anomaly (cf. figure 4.21), exhibits a noticeably different

behaviour with the stress remaining essentially constant over the entire relaxation duration.

The behaviour of the individual stress relaxations is also reflected directly in the stress-strain

curves in figure 4.20(a), where the vertical drop in stress resulting from the relaxations is

clearly distinguishable at room temperature and very distinct at high temperature, but hardly

recognisable in the intermediate temperature regime, even in the detail plot in figure 4.20(b).

Using the procedures described in paragraph 4.3.3 and already applied for the CrMnFeCoNi

alloy, the activation volume of the TiVZrNbHf alloy was calculated (cf. also equation 4.41

and Schmid factor ms=0.49). Figure 4.23 depicts the activation volume of TiVZrNbHf, which

was derived from both stress relaxation experiments and strain-rate changes in fine and

coarse-grained specimens, respectively. Triangles represent the activation volumes deter-

mined in the low temperature regime, while squares indicate results obtained in the high

temperature regime. In the high temperature regime, the activation volume was found

to be approximately 1.8 nm3 at low stresses and 0.1-0.4 nm3 at stresses above 400 MPa. In

this temperature range, the activation volume exhibits a hyperbolic dependence on the
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Fig. 4.24: Depiction of the non-logarithmic behaviour during stress relaxations of TiVZrNbHf in the
intermediate temperature regime

stress (dashed line). No systematic difference between the values obtained for the fine and

coarse-grained specimens was observed within the experimental scatter.

In the low temperature regime, the activation volume was measured to be around 1 nm3.

Due to the limited stress range accessible through the experimental setup, only stress values

between 900 and 1100 MPa could be investigated, yielding essentially constant activation

volumes with a slight tendency to decrease with increasing stress. Once again, no significant

difference between fine and coarse grained specimens was observed. The values obtained

from strain-rate changes (represented by open triangles) in the low temperature regime are

in good agreement with those from stress relaxations.

In the intermediate temperature range, the evaluation of the stress relaxation data is not pos-

sible due to the almost non-existent stress drop and the non-logarithmic behaviour of the

stress relaxation curve, as shown in figure 4.24. It is evident from the data that the strain-rate

sensitivity of the flow stress is exceedingly small. This conclusion is further substantiated by

the lack of a discernible change in flow stress despite varying strain-rate conditions in the

intermediate temperature range.

The stress exponent was determined from the relaxation experiments, as per equation 4.42.

In the high-temperature regime, values of 4.0 to 4.7, with an average of 4.4, were obtained

for both fine and coarse-grained specimens. In the low-temperature regime, large values

between 90 and 110 were obtained. However, in the intermediate temperature range, no

stress exponent could be determined due to the stress drop being almost non-existent and

not exhibiting logarithmic behaviour, as observed in figure 4.24.
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Temperature Changes

The determination of the activation enthalpy of deformation in TiVZrNbHf was achieved

through the measurement of the difference in flow stress before and after an increase in

temperature. Figure 4.25 shows the activation enthalpy in the temperature range of 800 K to
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Fig. 4.25: Temperature dependence of the activation enthalpy ∆H and the work-term ∆W of TiVZrNbHf

900 K, where the temperature change experiments allowed a reasonable interpretation of

the data. In this temperature range, absolute values of 0.4-3.1 eV, with an average of 2.0 eV,

were obtained for the activation enthalpy. No significant temperature dependence of the

activation enthalpy was observed between 800-900 K, and the difference between fine and

coarse grained specimens was negligible. However, no values for the activation enthalpy

could be determined for the intermediate temperature regime since no activation volume

could be obtained from the stress relaxations, and the temperature changes did not result in

a significant change in the flow stress (cf. figure 4.20).

In addition to the activation enthalpy figure 4.25 displays the work-term (∆W), which was

determined from the stress relaxations between 800-900 K. The work term generally showed

values of approximately 0.3-0.5 eV, with no significant temperature dependence or difference

between the fine and coarse-grained TiVZrNbHf specimens observed.
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4.5 Discussion

The results of the macroscopic deformation of single crystalline CrMnFeCoNi and polycrys-

talline TiVZrNbHf are evaluated and discussed in this section. The discussion of the out-

comes of microscopic investigations of plastically deformed CrMnFeCoNi and TiVZrNbHf

can be found in chapter 5.

4.5.1 Deformation of CrMnFeCoNi

The mechanical properties of single-crystalline CrMnFeCoNi were investigated in the tem-

perature range between 293 K and 500 K. With a melting temperature of 1627 K (cf. sec-

tion 3.2), the high-temperature limit of the investigation corresponds to a homologous

temperature of 0.31. Compression tests were conducted up to strains of 5 to 7 % with a focus

on thermodynamic activation analysis. The experiments were not designed to determine the

ductility limits of the material. The mechanical properties of the material were determined

for two distinct crystallographic orientations, i.e. [531] and [210], along which the material

was deformed in order to promote single slip or provoke the activation of two slip systems.

The yield stress of CrMnFeCoNi, depicted in figure 4.12, was found to depend slightly on the

crystal orientation during deformation. The CRSS was calculated using the Schmid factor

determined through TEM investigations (cf. chapter 5.2.1 and table 5.3), yielding values

between 50 and 55 MPa for samples deformed along [531] and approximately 57 MPa for

samples deformed along [210], respectively. These values are considerably close to each

other. Previous studies have reported CRSS values of 42-45 MPa [43] and 70 MPa [45], both

in compression and 53-60 MPa [44], 80-82 MPa [40, 46] and 44 MPa [47], all in tension, for

single crystal deformation of CrMnFeCoNi. The scatter in CRSS values has been attributed

to differences from the exact equiatomic composition ([40, 44–46]) or the microstructure

([43]). Kawamura et al. [43] assert that the presence of a dendritic microstructure in a sin-

gle crystal can significantly increase the CRSS. They speculate that sub-grain boundaries

within the dendritic microstructure obstruct dislocation motion, resulting in a scattering of

CRSS values. Kawamura et al. [43] observed that by growing single crystals at a withdrawal

rate of 40 mm/h and subsequently annealing them at 1473 K for 96 h, they were able to

produce crystals without a dendritic microstructure. However, Patriarca et al., Abuzaid et al.,

Kireeva et al. and Wu et al. [40, 44–46] did not report on the microstructure of the single

crystals they deformed. The CRSS values determined by Kawamura et al. [43] are in agree-

ment with estimates from previous studies that used polycrystal [31, 35, 144] and micropillar

deformation [39].

The CRSS values determined in this work for CrMnFeCoNi are consistent with those reported
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by Abuzaid et al. [44] and are reasonably consistent with the values determined by Kawa-

mura et al. [43] and estimates from polycrystal [31, 35, 144] and micropillar deformation

[39]. The slight overestimation of the CRSS in this work is consistent with the argument put

forth by Kawamura et al. [43] due to the presence of dendrites (cf. figure 3.11) and sub-grain

boundaries (cf. figure 3.12) in the as-grown state of the single crystals and their close to

equiatomic composition (cf. 3.2.3).

Kawamura et al. [43] showed that the CRSS is independent of the sense of loading (tension or

compression), indicating that dislocations in this HEA behave normally, similar to conven-

tional fcc-metals and alloys. A comparison of the flow (yield) stress to conventional fcc-alloys,

such as Cu-2Al [145], Cu-5Al [145], Cu-30Zn [146], reveals that they are quantitatively similar

to each other.

Scaled to the Burgers vector the activation volume (cf. figure 4.16) ranges from approxi-

mately 200 b3 at room temperature to 1000 b3 at 500 K for samples deformed along [531]

and from approximately 200 b3 to 1200 b3 at 500 K for samples deformed along [210]. The

strong temperature dependence of the activation volume can be observed in figure 4.16(b).

Considering the role of rate-controlling, localized obstacles, the significant decrease in the

activation volume with stress can be explained as follows: With increasing stress, the number

of obstacles that the dislocation line touches grows. As a result, the distance between the

contact points decreases, leading to a shorter mean length of a dislocation segment relevant

for a single thermal activation event [147]. Consequently, the activation volume decreases,

as per equation 4.25. Similarly, the increase in the activation volume with temperature,

as observed in figure 4.16(b) can be attributed to higher mean thermal energy required to

overcome obstacles at higher temperatures. The increasing ∆x in equation 4.23 leads to an

increase in the activation volume [148]. It is important to note that both representations of

the activation volume are intrinsically related [149]. Since the activation volume is related to

the area swept by a dislocation during an activation event, as illustrated in figure 4.6 and

equation 4.25, it is possible to derive the underlying mechanism of activation from the values

of the activation volume. Small values are observed for the kink pair mechanism (extension

of the dislocation line across the Peierls maximum), larger ones for dislocation solute inter-

actions (diffusion of solute atoms influencing the stress field of the dislocation), and very

large values for the forest mechanism (interaction of stationary and mobile dislocations)

[150], without reference to CrMnFeCoNi.

The values for the activation volume determined in this work are consistent with the values

reported by Kawamura et al. [43], for room temperature, they report 232.7 b3. However, at

higher temperatures, the values determined in this work are significantly different from

those reported by Kawamura et al. [43], who reported an activation volume of approximately

500 b3 at 500 K. Zhou et al. [47] studied the influence of annealing times and temperatures on
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the mechanical properties of single-crystalline CrMnFeCoNi and reported an activation vol-

ume at room temperature of 202±42 b3 after annealing for 1 week at 1000 °C and 192±42 b3

at 1200 °C, respectively. These values are in good agreement with the values determined in

this work. Other studies have reported activation volumes at room temperature of 360 b3

(Laplanche et al. [151]) and 36-87 b3 (Moon et al. [152]). Laplanche et al. [151] obtained their

values from strain-rate jump tests on polycrystalline CrMnFeCoNi and found that the activa-

tion volume decreases with increasing strain due to the introduction of forest dislocations.

Forest dislocations or a forest of stationary dislocations pose obstacles to mobile disloca-

tions [153]. When cutting through the forest dislocations, the mobile dislocation becomes

increasingly jogged, reducing its mobility, increasing the stress, and reducing the activation

volume [154]. The decrease can be minimized when performing measurements in the easy

glide region (up to approx. 10% strain), as reported by Kawamura et al. [43]. This is only

possible when investigating single crystals, as poly-crystals lack a region of easy glide due to

hardening starting almost immediately after yielding. The activation volume obtained from

samples deformed at room temperature in the present work is relatively strain-independent

(in the region between 120 and 200 MPa, cf. figure 4.16), which is consistent with the report

by Kawamura et al. [43]. Following their argumentation, it can be assumed that no short-

range order is present in the alloy or that a possibly existing short-range order does not

significantly affect the flow stress. This line of argumentation is supported by Zhou et al. [47],

who showed that the mechanical properties of CrMnFeCoNi single crystals remain essen-

tially constant even after considerable annealing times (1 week at 1200 °C and subsequently

1 week at 1000 or 1200 °C).

The values for the activation enthalpy ∆H and the work term ∆W, as depicted in figure 4.19,

are derived from temperature changes and relaxations. It is unusual that both the activation

enthalpy and work term have similar values, given that plastic deformation is considered

a thermally activated process, as described in previous works [155, 156]. This raises the

question of whether the deformation of CrMnFeCoNi is truly a thermally activated process

and whether the analysis presented in this work is applicable to this deformation process.

To the best of the author’s knowledge, this effect has not been previously reported, and

further investigation is necessary to fully understand its implications for the deformation

characteristics of CrMnFeCoNi.

The present study has comprehensively examined the mechanical properties of single-

crystal CrMnFeCoNi at temperatures ranging from room temperature to 500 K. The CRSS

and activation parameters for plastic deformation up to 10 % strain have been determined

for a single-slip and dual-slip orientation, providing a detailed picture of these values up

to intermediate temperatures. This allows for direct comparison between these specific

deformation cases and extends beyond previous reports, which only focus on low-index or
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single-slip orientations. It is noteworthy that similar values for the activation enthalpy and

work term have not been observed before, raising the question of whether the deformation

processes are thermally activated. Despite the detailed picture provided, the mechanical

properties of CrMnFeCoNi show no unique characteristics that differentiate it from simpler

fcc alloys, given its perfect solid solution microstructure.

4.5.2 Deformation of TiVZrNbHf

The deformation properties of polycrystalline TiVZrNbHf were examined in a temperature

range spanning from room temperature to 1150 K. Given the melting point of TiVZrNbHf

at 1863 K [61], the high-temperature limit of the tests corresponded to a homologous tem-

perature of 0.62. The experiments were conducted in compression, with a focus on ther-

modynamic activation analysis, up to strains of 6 to 8 %. The aim was not to determine the

ductility limit of the material.

The yield stress of polycrystalline TiVZrNbHf varies from approximately 1 GPa at room tem-

perature to about 90 MPa at 1150 K. The striking characteristic of the plasticity of TiVZrNbHf

is the presence of a yield-stress anomaly (YSA) in the temperature range of 500 K to 800 K.

In this range, the yield stress increases with increasing deformation temperature, which is

considered anomalous behaviour for metallic materials. However, outside this tempera-

ture range, a normal decrease in yield stress with increasing deformation temperature is

observed. YSAs have previously been reported in several ordered intermetallic alloys such as

Ni-Al, Cu-Al, Cu-Zn and Ti-Co, as well as in disordered alloys and pure metals [157]. To the

best of the author’s knowledge, a yield stress anomaly has not been previously reported for a

single-phase HEA.

In the intermediate temperature regime between 500 and 800 K, the stress-strain curves

exhibit notable fluctuations in the flow stress, which are absent in the low- and high-

temperature ranges where the curves are smooth. This observation suggests the presence of

flow-stress instability, leading to serrations in the flow stress within that specific temperature

range. Although the feedback loop controlling the flow stress may exhibit noisy behaviour

under the given experimental conditions of stress and temperature, it is difficult to make a

definitive statement regarding the cause of the observed flow-stress variations. However,

the sum of the experimental results suggests that these serrations are an actual effect of

deformation rather than a consequence of the feedback loop control.

1. The stress increments remain consistent throughout the deformation and are observed

after each regular strain increment.

2. The flow stress decreases in parallel with the elastic unloading curve of the specimen.
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3. Stress fluctuations are observed in the same temperature range where an extremely

low strain-rate dependence of the flow stress occurs.

4. No stress variations are observed in either the low or high temperature regime despite

similar stress values.

As mentioned earlier, this work has identified three distinct temperature regimes that are

characteristic to the deformation of poly-crystalline TiVZrNbHf. These temperature regimes

are not only evident in the yield stress, but also in the material’s response to stress-relaxation,

strain-rate, and temperature changes, as well as the smoothness of the stress curve. The

following paragraphs will delve into the specific characteristics of each temperature regime

in greater detail.

Low-temperature regime

In the low-temperature regime, ranging from 293 K, to 400 K, the yield stress decreases with

increasing deformation temperature, which is the regular behaviour for metals and most

metallic alloys. Notably, in this temperature range, the difference in yield stress between

coarse-grained and fine-grained specimens is almost negligible. In the stress-strain curves of

all specimens, coarse and fine grained, deformed in this temperature regime, a characteristic

overshoot of the flow stress after each reload from a stress relaxation is observed. During

the stress-relaxation experiments, the stress declines in a regular logarithmic fashion. The

activation volume in this temperature regime has values of about 1 nm3, regardless of the

grain size of the deformed specimen, with the stress exponent exhibiting values in the

order of 100. The material exhibits appreciable stress response upon strain-rate changes,

the response corresponding to the activation volume determined by the stress-relaxations.

Overall, the stress-strain curves, i.e. the flow stress, appear smooth without artefacts.

Intermediate temperature regime

The intermediate temperature regime, ranging from approx. 400 K to 800 K, exhibits a

yield-stress anomaly in which the yield stress remains constant or increases with rising

temperature. In this temperature range, the yield stress of coarse-grained specimens tends

to be about 10 % higher than that of fine-grained specimens (cf. figure 4.21). The flow

stress of TiVZrNbHf specimens deformed within this temperature range remains largely

unaffected by changes in strain rate or temperature. Following a brief initial drop resulting

from stress relaxations, the flow stress remains essentially constant. Specimens deformed

within a narrower temperature range, between 500 K to 700 K, within the intermediate
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temperature range display a serrated flow stress, in contrast to specimens deformed outside

this temperature range.

High-temperature regime

In the high-temperature regime above approximately 800 K, the yield stress decreases with

increasing temperature and shows little to no dependence on grain size. During stress

relaxations, the stress decreases in a consistent logarithmic manner comparable to the low-

temperature regime but with a stronger decline relative to the initial value at the beginning of

the relaxation experiment. The activation volume exhibits a hyperbolic behaviour, reaching

values of approximately 1.8 nm3 at 100 MPa and approximately 0.1 nm3 at 1 GPa. The stress

exponent (cf. equation 4.33)has a value of approximately 4.4. In this temperature range, the

flow stress displays significant responses to changes in strain rate and temperature. The

activation enthalpy is calculated to be around 2.7 eV, with no discernible dependence on the

grain size of the deformed specimen. Overall, the stress-strain curves, i.e. the flow stress,

appear smooth without any distinct features.

The high-temperature flow stress exhibits a strong temperature dependence, resulting in

a broad range of investigable stresses that allow for the determination of the stress de-

pendence of the activation volume. By fitting the activation volume data to a hyperbolic

function (dashed line in figure 4.23) using a single parameter, the best fit is obtained at

164 nm3/MPa. As stress and activation volume are directly related [104], it is possible to

convert the fit parameter into a stress exponent, yielding a value of 5.95. This value is in

reasonable agreement with the stress exponent determined directly from stress-relaxation

experiments in the high-temperature regime (4.4). A hyperbolic function calculated using a

stress exponent of 100 produces a curve that is consistent with the activation volume values

determined in the low-temperature regime (shown in figure 4.23) despite the much smaller

range of stress values available in that regime. This finding supports the consistency of the

experimental data and the applied analysis.

The observed stress exponent of 4.4 in the high-temperature regime is consistent with

frequently reported values for metallic materials. In contrast, the stress exponent of 100

observed in the low-temperature regime is much larger and suggests that a simple power

law description of the deformation behaviour is not appropriate for this temperature range.

The limited temperature range and the minimal temperature dependence of the flow stress

within the low-temperature regime make it impossible to adequately assess the influence

of stress on the activation volume. Due to the constraints of the experimental setup, an

extension of the temperature range to lower temperatures was not feasible, and even if it

were, it would not have resulted in a reduction of the stress range to lower values.
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Fig. 4.26: Yield stress over temperature of TiVZrNbHf as obtained in the present work (squares) com-
pared to data obtained by Gadelmeier et al. [158] (diamonds) and data obtained for TiZrNbHfTa by
Couzinié et al. [53] (circle) and Senkov et al. [159] (triangle)

Previous research on the plasticity of TiVZrNbHf polycrystals was conducted by Fazakas et al.

[58], who subjected polycrystalline samples to compression at a strain rate of 5 x 10−4 s−1

at room temperature. They observed high ductility in the material, with up to 40 % strain

for specimen heat-treated at 1173 K, and reported a yield stress of 1400 MPa. The yield

stress reported by Fazakas et al. is substantially higher than that measured in the present

work, which may be attributed to the higher strain rate used in their investigation. Tensile

deformation tests conducted by Gadelmeier et al. [158] on as-grown TiVZrNbHf samples are

in agreement with the data obtained in the current work and confirm the presence of a YSA

within the temperature range of 400 to 800 K. A comparison of the data by Gadelmeier et al.

and the present work is depicted in figure 4.26. Previous research has investigated the plastic

deformation behaviour of various refractory HEAs, including TiZrNbHfTa. Senkov et al. [159]

investigated the deformation behaviour of equiatomic TiZrNbHfTa polycrystals, which is

similar to the TiVZrNbHf alloy studied in the present work through the substitution of Ta and

V. However, despite this similarity, the plastic properties of the two alloys differ significantly,

with the yield stress for TiZrNbHfTa decreasing over the entire investigated temperature

range from 293 K to 1473 K, without any indication of a temperature-induced change in the

deformation mechanism. Feuerbacher et al. [54] report similar results for the TiZrNbHfTa

HEA for a smaller temperature range between 293 and 573 K. They also observed stress over-

shoots at low temperatures during the reloading of a specimen, which were also observed

during low-temperature reloading of TiZrNbVHf in the present work (cf. 4.20). Couzinié et al.



4.5 Discussion 69

[53] conducted stress-relaxation experiments to determine the activation volume for the

room temperature plasticity of the TiZrNbHfTa HEA. They reported a yield stress of 905 MPa

and an activation volume of 42 to 48 b3 for strains between 1 and 3 %, where the activation

volume was scaled by the cube of the Burgers vector b=a/2〈111〉. Feuerbacher et al. [54]

reported similar values for the activation volume in the range of 40 to 50 b3. The activation

volume values for TiZrNbHfTa at room temperature, as determined by Couzinié et al. [53],

are therefore in good agreement with the results of the present work.

Senkov et al. [159] explored two high-melting refractory HEAs, NbMoTaW and VNbMoTaW,

and found that the yield stress of these materials does not decrease strictly monotonically

with temperature. Instead, there is a slight plateau between 800 and 1300 K, which indicates

the presence of a YSA in these materials.

The mechanisms responsible for the YSA in TiVZrNbHf HEA could be different. In con-

ventional intermetallic alloys, Kear-Wilsdorf locks and antiphase-boundaries in ordered

phases, as well as dislocation locking mechanisms controlled by a diffusion mechanism, can

be responsible for a YSA. The latter mechanism typically involves flow-stress instabilities,

which are also observed in the temperature range of the YSA in the TiVZrNbHf HEA. Phase

transitions can also lead to YSAs, and it is important to consider these mechanisms in the

present material, as previous thermodynamic calculations using CALPHAD suggest the

presence of a competing low-temperature phase in the Ti-Zr-Nb-V-Hf alloy system [62]. A

detailed discussion of these mechanisms and their potential role in the YSA and plastic

deformation behaviour of the TiVZrNbHf HEA can be found in the section 5.3.

The current research has carried out an extensive examination of the mechanical proper-

ties of poly-crystal TiVZrNbHf at temperatures ranging from room temperature to 1150 K.

The CRSS and activation parameters for plastic deformation up to 10 % strain have been

ascertained, delivering a comprehensive picture of these values up to high homologous

temperatures that extend beyond previous reports, which have only carried out investiga-

tions at room temperature. It is worth noting that the yield stress anomaly has not been

previously observed. However, it remains uncertain whether this YSA is a direct result of the

solid solution microstructure of TiVZrNbHf based on the mechanical properties determined

in this study.





Chapter 5

Microscopic Investigation of plastically

deformed High-Entropy Alloys

To comprehensively elucidate the intrinsic mechanisms that govern the plastic deforma-

tion of crystalline materials, particularly at the microscopic level, this work conducted

mechanical experiments in conjunction with analyses of the microstructure of characteristic

deformed specimens of the two HEAs. Parameters at the microscale, including dislocation

densities, Burgers vectors, and slip systems, were determined using transmission electron

microscopy (TEM).

Most of the fundamental aspects of the plastic deformation theory were already introduced

in 4.1. This chapter delves deeper into the subject of diffraction contrast and the examina-

tion of dislocations in crystalline materials through the application of transmission electron

microscopy.

5.1 Experimental Methods

5.1.1 Sample Preparation

The samples selected for microscopic investigation were prepared in a uniform manner,

following identical protocols for each characteristic deformation regime. After reaching ap-

proximately 3 % strain, the samples were promptly removed from the deformation machine

and quenched on a metal plate to maintain the deformed microstructure. These samples

were cut perpendicular to the deformation direction using a wire saw, with a thickness of

about 0.7 mm. The samples were taken from the middle region of the deformation specimen.

The cut samples were then polished on one side with 1µm diamond paste and MasterPrep

finish and subsequently ground to an approximate thickness of 100 µm using 1200 SiC grind-
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ing paper on the opposite side. Extreme care was taken to minimize the force introduced

during grinding to avoid any sample deformation effects from the preparation process. The

thickness of the samples was further reduced to approximately 20-30 µm on the ground

side by dimpling. If necessary, the samples were attached to a copper support ring using a

two-component adhesive.

The electron transparent regions in the dimpled samples were prepared using ion beam

thinning on a Gatan PIPS II machine. The samples were thinned at 6 keV acceleration volt-

age, at an angle of ±6° from both sides, until an initial hole was formed. From this point, the

thinning angle was reduced to ±4°, and the samples were thinned at 2 keV, 1 keV and 0.5 keV

for 15 minutes at each voltage. Throughout the entire thinning procedure, the sample was

cooled -50 °C to prevent any heating effects on the microstructure.

5.1.2 Transmission Electron Microscopy

All experiments conducted in this study were carried out using a FEI (Thermo Fisher Scien-

tific) Tecnai F20 TEM at an acceleration voltage of 200 kV [160]. The sample was tilted using

a Gatan double-tilt holder, and imaging modes such as bright field and electron diffraction

were employed. Moderate magnifications around 7x103 were mainly used. For a compre-

hensive understanding of transmission electron microscopy, the reader is directed towards

standard literature sources such as [161].

5.1.3 Fundamental Techniques

The present work’s microstructural analysis of the HEAs was conducted through the use of

diffraction contrast imaging. The imaging of dislocation structures was performed in bright

field mode, where the contrast was formed under two-beam conditions.

To fulfil the Bragg condition for only one reciprocal lattice vector g⃗ , a diffraction image

was generated containing only the non-diffracted electrons from the direct beam and one

diffracted beam. By inserting an objective aperture that allowed only the direct beam to pass

through, a bright field image was created in the image plane of the microscope. A dark field

image would have been created if only the diffracted beam had been selected.

In a bright field image, areas that locally fulfil the Bragg condition corresponding to the

diffracted beam appear dark, as the respective intensity is blanked by the objective aperture.

This method allows for the detection of local strain fields, particularly the strain fields of

dislocations. If the Bragg condition of a dislocation strain field is fulfilled for a given g⃗ but

not for the surrounding perfect sample volume, the dislocation line will appear as a dark

line in the surrounding brightly illuminated image, and vice versa in a dark field image [162].
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Using this contrast formation, individual dislocations and dislocation structures can be

examined.

Determination of the Dislocation Density

The dislocation density is defined as the amount of dislocation length per unit volume,

which is expressed in units of square centimetres ρ = L/V in[cm−2]. In this work, the

dislocation density was calculated using the random intersection method, as described by

[163] and modified by [164]. This method involves randomly placing a circle of radius r on a

micrograph and counting the number of intersections, N , with the circle. The dislocation

density is then calculated using

ρ = 2· N

π ·r · t
, (5.1)

where t represents the thickness of the foil at the measurement position. The thickness of

the foil was determined using two separate methods.

1. Using the CBED method as described in [161], the thickness is determined by measur-

ing the distance between the Kossel-Möllenstedt fringes ∆θi and assigning appropriate

fringe integers n yields the sample thickness.

2. By measuring the projected length of an individual dislocation under different tilt

angles in relation to the line length in a defined state, the thickness can be calculated

when the lattice plane on which the dislocation propagates (i.e. the slip plane) is

known. The determination of the slip plane is described in the following paragraph.

In general, it may be noted that the exact determination of dislocation density within a

specific area is hindered by the uneven distribution of dislocations. Nevertheless, since the

order of magnitude of the dislocation density is the only aspect of interest, the associated

errors can be deemed acceptable.

Analysis of the Burgers Vectors of Dislocations

The analysis of dislocations in the deformed HEA samples involved investigating a series

of two-beam condition images. In an image, if the contrast resulting from the strain field

of a dislocation is extinct, the reciprocal lattice vector g⃗ and the strain field vector u⃗ are

perpendicular. The strain field of the dislocation does not contribute to the phase change of

the electrons passing compared to the unstrained area.

If the strain field is characterized by the Burgers vector b⃗, the extinction relationship is given

by

b⃗g⃗ = 0. (5.2)
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By finding at least two extinction conditions with linearly independent g⃗ , the Burgers vector

can be calculated as the vector product of the respective g⃗ .

Determination of the Line Direction and slip plane

The direction of the dislocation line may be ascertained through a series of tilting experi-

ments. In any TEM micrograph, the line segment of a dislocation is projected onto a plane

perpendicular to the incident electron beam. Consequently, the true line direction lies

on the plane spanned by the incident beam direction and the projected line direction. By

determining two such planes, one can locate the true line direction of the dislocation at the

intersection of the two planes. Selecting incident beam directions of low index, such as {100}

or {110}, and utilising the stereographic projection is advantageous for this procedure. To

confirm the result, a third redundant image of the projected line direction and the incident

beam may be analysed.

5.2 Results

5.2.1 Deformed CrMnFeCoNi Single Crystals

In the following paragraphs, the dislocation structures of CrMnFeCoNi single crystals de-

formed at characteristic temperatures are described. All samples were deformed and pre-

pared as described in 5.1.1.

Dislocation Density

Figure 5.1 illustrates the microstructures of CrMnFeCoNi single crystals that have been

deformed at room temperature, 400 K and 500 K. The samples were deformed along the

[531] and [210] directions at identical deformation temperatures. The thickness of the

samples, as determined using the CBED method and the projected line length method (cf.

chapter 5.1.3), is in good agreement with each other and amounts to 300±100 nm. The dislo-

cation density was measured multiple times at different locations across the samples. Using

equation 5.1, the dislocation density for all samples shown here is found to be 5·1010 cm−2

within the margin of error (±5·1010 cm−2) and the limitations of the technique described in

paragraph 5.1.3.

Overall, the dislocation structure of the deformed CrMnFeCoNi single crystals consists of

a mixture of long planar dislocations and dislocations running along stacked bands. This

structure can be observed regardless of the deformation direction and temperature. It is

worth noting that no stacking faults were detected in the CrMnFeCoNi samples.
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(a) [531] room temprature (b) [210] room temperature

(c) [531] 400 K (d) [210] 400 K

(e) [531] 500 K (f ) [210] 500 K

Fig. 5.1: Comparison of the microstructures of CrMnFeCoNi single crystals deformed along [531] and
[210] direction at room temperature, 400 K and 500 K, respectively
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Table 5.1: Burgers vectors of characteristic dislocations observed in deformed CrMnFeCoNi single
crystals with respect to deformation direction and temperature

[531] [210]

Room Temperature a
2 [101], a

2 [011] a
2 [101]

400 K a
2 [101] a

2 [101], a
2 [110]

500 K a
2 [101], a

2 [101], a
2 [011], a

2 [011] a
2 [101]

Burgers Vectors

The Burgers vectors of the dislocations observed in the TEM micrographs were analyzed us-

ing the extinction condition as described in paragraph 5.1.3. The process of determining the

Burgers vector of a set of characteristic dislocations is illustrated in figure 5.2. Figure 5.2(a)

shows a TEM micrograph near the [110] zone axis, where three distinct types of dislocations

were identified in blue, green, and orange. Additional images in figure 5.2(b), 5.2(c) and

5.2(d) display micrographs of the same specimen and the identical specimen location, but

tilted in a way that g=[111], g⃗=[020] and g⃗=[131], respectively. The contrast of dislocations of

type 1 and 2, which is clearly visible in figure 5.2(a), is extinguished in figures 5.2(b), 5.2(c)

and 5.2(d). Using equation 5.2, the Burgers vector of the dislocations of type 1 (blue) and 2

(green) was determined to be b⃗= a
2 [101], and the Burgers vector of the type 3 dislocations

was determined to be b⃗= a
2 [011] from the dislocations being extinguished in figures 5.2(b)

and (d). Undertaking an analysis of the Burgers vectors of characteristic dislocations present

in CrMnFeCoNi single crystals subjected to deformation along the [531] and [210] direction,

it was possible to identify the Burgers vectors for all characteristic dislocations. The Burgers

vectors for the characteristic dislocations observed in CrMnFeCoNi single crystals deformed

at room temperature, 400 K, and 500 K are summarized in table 5.1.

Slip Planes and Systems

The line directions and the slip planes of the characteristic dislocations in the deformed

CrMnFeCoNi single crystals were determined following the procedure described in 5.1.3.

This procedure is illustrated in figure 5.3. To determine the projected line direction for each

characteristic dislocation, a micrograph of the CrMnFeCoNi sample deformed at room tem-

perature is taken near a low-index zone axis, which is indicated in the respective micrograph

by an inset. By aligning the micrograph with the diffraction pattern, the projected line

direction can be determined. The slip plane for each characteristic dislocation can then be

determined from the intersection of these planes. For all three types, the procedure yields

(111) as the slip plane. The Burgers vector and slip plane together determine the slip system
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(a) Micrograph close to the [110] zone axis (b) Micrograph with g⃗=[1⃗11]

(c) Micrograph with g⃗=[020] (d) Micrograph with g⃗=[1⃗11]

Fig. 5.2: Extinction of a set of characteristic dislocations in a [531] single crystal deformed at room
temperature allowing the determination of their Burgers vector
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(a) Micrograph close to the [110]
zone axis

(b) Micrograph close to the [100]
zone axis

(c) Micrograph close to the [301]
zone axis

Fig. 5.3: Exemplary depiction of the determination of the slip planes of the characteristic dislocations
in a [531] single crystal deformed at room temperature

Table 5.2: Slip systems of characteristic dislocations observed in deformed CrMnFeCoNi single crystals
with respect to deformation direction and temperature

[531] [210]

Room Temperature [101](111), [011](111) [101](111)

400 K [101](111) [101](111), [110](111)

500 K [101](111), [101](111), [011](111), [011](111) [101](111), [101](111)

of the individual characteristic dislocations, which are of mixed edge and screw character.

The slip systems of the characteristic dislocations observed in the deformed CrMnFeCoNi

single crystals are listed in table 5.2. It is noted that more slip systems appear to be active in

the [531]-deformed samples, although they are deformed in a crystal direction with lower

symmetry than [210]. This discrepancy may be due to the lack of statistical investigations,

which could result in an overemphasis on the observed slip systems compared to the active

slip systems. The Schmid factor of a slip system was calculated using equation 4.8 and

table 5.3 lists the slip system with the highest Schmid factor observed in any deformed CrMn-

Table 5.3: Slip systems with the highest Schmid factor as observed in deformed CrMnFeCoNi single
crystals with respect to deformation direction and temperature

[531] mS [210] mS

Room Temperature [101](111) 0.49 [101](111) 0.49

400 K [101](111) 0.49 [101](111) 0.49

500 K [101](111) 0.49 [101](111) 0.49
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FeCoNi single crystal. Regardless of crystal orientation and temperature, all slip systems that

were observed, including those with a Schmid factor lower than 0.49, are characteristic for

face-centred cubic alloys, where slip occurs on {111} planes in
〈

110
〉

direction. Table 5.3 em-

phasizes that in any given deformed CrMnFeCoNi single crystal, a slip system with a Schmid

factor as high as 0.49 operates, regardless of the crystal’s orientation and the deformation

temperature.

5.2.2 Deformed polycrystalline TiVZrNbHf

The following paragraphs present a summary of the microscopic analysis outcomes for

TiVZrNbHf polycrystals deformed at characteristic temperatures. All specimens underwent

deformation and preparation as detailed in paragraph 5.1.1.

Dislocation Density

Figure 5.4 presents micrographs of fine-grained polycrystalline TiVZrNbHf that were de-

formed at characteristic temperatures ranging from room temperature to 850 K. Since the

samples were polycrystalline, the image indices differ for each image in figure 5.4, despite all

samples being cut perpendicular to the deformation direction. It is important to note that

the micrographs depict the dislocation structure within a single grain, as the grain size was

within the range of 300-500 µm.

The samples examined were chosen based on the characteristic temperature regimes that

were identified during the mechanical characterization. The 600 K sample represents the

microstructure of TiVZrNbHf at the onset of the YSA, the 750 K sample is near the maximum

yield stress increase, and the 850 K sample is after the yield stress drops considerably (cf.

figure 4.21). The dislocation structure of the sample deformed at room temperature in

figure 5.4(a) is characterized by densely packed dislocation bands that are oriented in two

distinct directions. The samples deformed at 600 K and 750 K have dislocation bands on

which dislocations are densely packed, with a few long planar dislocations in between. The

850 K sample shows elongated features of darker contrast (as indicated by a few white arrows

in figure 5.4) oriented in two directions, with short planar dislocations in between.

The thickness of the samples was determined according to chapter 5.1.3, with values around

100±50 nm. Using these thickness values, the dislocation density was determined according

to the technique described in chapter 5.1.3 for several randomly selected spots across the

sample surfaces. The dislocation densities were found to be in the range of 1010-1011 cm−2

for the deformed TiVZrNbHf samples, regardless of the deformation temperature. The

dislocation densities for TiVZrNbHf polycrystals deformed at characteristic temperatures

are listed in table 5.4.
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(a) Room temperature (b) 600 K

(c) 750 K (d) 850 K

Fig. 5.4: Micrographs of polycrystalline ZrTiNbVHf samples deformed at characteristic temperatures.
Arrows in (d) indicate the elongated feature.

Burgers Vectors

The Burgers vectors of the characteristic dislocations observed in the deformed TiVZrNbHf

polycrystals were determined using the extinction method in the same manner as for the

CrMnFeCoNi single crystals. The procedure is described in chapter 5.1.3 and demonstrated

for a deformed TiVZrNbHf sample in figure 5.5. Figure 5.5(a) shows a TEM micrograph of

the sample near the [111] zone axis, where four characteristic types of dislocations were

identified and labelled in blue, green, orange, and red. Additional images in figure 5.5(b)-

(f) show micrographs of the same specimen and the same location but tilted in different

directions. The contrast of the dislocations of type 1 and 4 is clearly visible in figure 5.5(a)

but is extinct in figures 5.5(c), (d) and (e). Using equation 5.2, the Burgers vector of the
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(a) Micrograph close to the [111] zone axis (b) Micrograph with g⃗=[110]

(c) Micrograph with g⃗=[112] (d) Micrograph with g⃗=[011]

(e) Micrograph with g⃗=[101]

Fig. 5.5: Extinction of a set of characteristic dislocations in a TiVZrNbHf polycrystal deformed at 750 K
allowing the determination of their Burgers vector
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Table 5.4: Dislocation densities of ZrTiNbVHf polycrystals deformed at characteristic temperatures

ρ [cm−2]

Room Temperature 5·109

600 K 9·1010

750 K 8·1010

850 K 7·1010

Table 5.5: Burgers vectors of characteristic dislocations observed in deformed TiVZrNbHf polycrystals
with respect to the deformation temperature

Burgers Vectors

Room Temperature a
2 [111]

600 K a
2 [111]

750 K a
2 [111], a

2 [111]

850 K a
2 [111]

dislocations of type 1 (green) and 4 (red) was determined to be b⃗= a
2 [111] based on their

extinction. Similarly, the Burgers vectors of the type 2 (blue) and 3 (orange) dislocations

were determined to be b⃗= a
2 [111] from their extinction in figures 5.5(b), (d) and (e). Table 5.5

provides an overview of the Burgers vectors of the characteristic dislocations observed in

the deformed TiVZrNbHf samples. As depicted in table 5.5, it is evident that only in the

specimen deformed at 750 K dislocations with a Burgers vector [111] were detected. However,

all observed Burgers vectors in the TiVZrNbHf samples are characteristic of body-centred

cubic alloys.

Slip Planes and Systems

The slip plane of the characteristic dislocations in the deformed TiVZrNbHf samples was

determined using the procedure outlined in parargraph 5.1.3 and illustrated in figure 5.6. The

micrographs of the TiVZrNbHf samples deformed at 750 K were taken near a low-index zone

axis, as shown in the insets of each respective micrograph. The projected line direction for

each characteristic dislocation was determined by aligning the micrograph and diffraction

pattern, and the slip plane was determined by intersecting these planes. The slip plane for

each characteristic dislocation was (101) for type 1 (green), (112) for type 2 (blue) and type 3

(orange) and (121) for type 4 (red). The Burgers vector and slip plane together define the

slip system of the individual characteristic dislocations, which are of pure screw and mixed
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(a) Micrograph close to the [111]
zone axis

(b) Micrograph close to the [110]
zone axis

(c) Micrograph close to the [101]
zone axis

Fig. 5.6: Exemplary depiction of the determination of the slip planes of the characteristic dislocations
in a TiVZrNbHf polycrystal deformed at 750 K

Table 5.6: Slip systems of characteristic dislocations observed in deformed TiVZrNbHf polycrystals with
respect to the deformation temperature

Slip Systems

Room Temperature [111](110), [111](110), [111](112)

600 K [111](110), [111](112), [111](011)

750 K [111](112), [111](112), [111](101), [111](121)

850 K [111](110), [111](121), [111](112)

edge and screw character, respectively. A summary of the slip systems of the characteristic

dislocations identified in the deformed TiVZrNbHf sample at the respective characteristic

deformation temperatures is provided in table 5.6.

Chemical Analysis of TiVZrNbHf Samples deformed at 750 K and 850 K

The TiVZrNbHf sample deformed at 850 K displays elongated features that were depicted in

figure 5.4(d). During the analysis of the sample, these elongated features could not be classi-

fied as dislocations. While the dislocations situated in between the elongated features were

completely characterised using the extinction method, the features themselves remained

uncharacterised. Moreover, the diffraction patterns of the features differed noticeably from

those of the surrounding material, exhibiting no clear pattern, which suggests the presence

of a secondary, possibly amorphous phase. Consequently, these samples were examined

using an FEI Titan G2 80-200 ChemiSTEM equipped with an EDX [165]. The High-Angle

Annular Dark-Field (HAADF) image in figure 5.7 displays the TiVZrNbHf sample deformed

at 850 K, along with the EDX measurement results of the constituent elements. The HAADF
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(a) HAADF (b) Ti (c) Zr

(d) Nb (e) V (f ) Hf

Fig. 5.7: HAADF image and EDX measurements of a TiVZrNbHf polycrystal deformed at 850 K

(a) HAADF (b) Ti (c) Zr

(d) Nb (e) V (f ) Hf

Fig. 5.8: HAADF image and EDX measurements of a TiVZrNbHf polycrystal deformed at 750 K

image in figure 5.7(a) clearly shows elongated features that were previously visible in fig-

ure 5.4(d). The EDX measurements in figure 5.7(b)-(f) reveal that the elongated features
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are depleted of Ti and enriched in V, while the other constituent elements are distributed

homogeneously throughout the sample’s volume.

In order to determine if the V segregation present in the TiVZrNbHf specimen deformed

at 850 K is also present in the TiVZrNbHf specimen deformed at 750 K, it was examined

using the EDX in a FEI Titan G2 80-200 ChemiSTEM as well. Figure 5.8 shows the HAADF

image of the TiVZrNbHf sample deformed at 750 K along with the EDX measurements of the

constituent elements. Although the sample is not oriented such that a Bragg condition is

fulfilled, the dislocation structure of the specimen is still visible in the HAADF image and

resembles the structure depicted in figure 5.4(c). The EDX measurements in figure 5.8(b)-(f)

reveal no obvious segregation or phase transformation after the deformation of TiVZrNbHf

at 750 K.

5.3 Discussion

Incorporating the findings from the microstructural investigations into the broader dis-

cussion of the plastic deformation behaviour of the materials under study necessitates

aligning the results of these investigations with the pertinent deformation parameters, such

as stress, strain, and deformation temperature of the specimen. To ensure that the observed

microstructure accurately reflects the state of deformation of the specimen as intended, it is

crucial to preserve the structure as closely as possible during both the termination of the

experiment and the preparation of the TEM sample. The impact of the TEM sample prepa-

ration on the microstructure of the specimen should be minimal. The decision regarding

the termination of the deformation experiment has a much more significant influence on

the microstructure of the specimen, particularly on the dislocation density.

The ideal termination condition would be to maintain the specimen under load while it is

rapidly cooled. This would result in the dislocations being frozen in their final loading state.

However, achieving these ideal conditions is not practical in experimental settings, and

an alternative approach must be chosen that is as close to ideal as possible. As previously

mentioned, all microstructure investigations of CrMnFeCoNi and TiVZrNbHf were carried

out on samples that were deformed to approximately 3 %, unloaded, and quickly removed

from the oven and deformation machine before being quenched on a metal plate. This

method preserves the dislocation density and avoids recovery processes. However, this

approach has a disadvantage in that the stress state changes during unloading, which can

result in dislocations relaxing into a stress-free state. This is particularly true for samples

deformed at higher temperatures, where mobile dislocations that can glide may change

position during unloading, but the overall dislocation structure remains unaffected during
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(100)

(111)

(10-1)

(101)

(11-1)

(53-1)

(210)

(1-10)

(01-1)(0-11)

(-111)

Fig. 5.9: Stereographic projection of the available slip systems with a high Schmid factor for deforma-
tion of single crystals along [531] and [210]

unloading and quenching. The main focus of this work is the analysis of dislocation density,

Burgers vector, and slip systems, so the chosen termination conditions should be as close to

ideal as possible.

5.3.1 Microstructure of deformed CrMnFeCoNi

The microstructure of the deformed CrMnFeCoNi single crystals was examined using TEM

for two different crystal orientations: [531] and [210]. The choice of crystal orientation was

made to either promote single-slip deformation (crystals deformed along [531]) or to trigger

a reaction in the material when deformed along a crystal orientation with two favourable slip

systems available (crystals deformed along [210]). The stereographic projection of the main

axes of a fcc crystal in figure 5.9 shows the slip systems with a high Schmid factor for each

crystal orientation in red. The dislocation density of CrMnFeCoNi has been investigated

at various deformation temperatures and under the two crystal orientations. Regardless

of the orientation and temperature, values of approximately 5·1010 cm−2 were observed.

Considering the limitations of the technique, the deformation stage and flow stress at the

termination point, similar dislocation densities are typically seen in other metals [166–169].

The dislocation structure of CrMnFeCoNi under deformation is illustrated in figure 5.1. The

dislocations either form long flat planes or are concentrated in bands, regardless of the

deformation orientation or temperature. Despite these similarities, samples deformed along

the [201] double slip direction may exhibit increased dislocation interaction, leading to
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higher yield and flow stress (cf. figure 4.11), as well as a slightly greater work hardening

rate compared to samples deformed along the [531] direction. However, due to the limited

sample size, this behaviour was not observed, and only the slip systems listed in table 5.2

were identified for the respective deformation directions. Further microstructure analysis

may be necessary to elucidate this issue.

The analysis of the dislocations depicted in figure 5.1 was carried out to identify their Burgers

vectors and the active slip systems during the deformation of CrMnFeCoNi single crystals

at various temperatures. As shown in table 5.1, the dislocations observed in the deformed

CrMnFeCoNi single crystals possess a Burgers vector of the a
2 〈110〉-type, regardless of the

crystal orientation. Additionally, the deformation is characterized by the slip of dislocations

on {111}〈110〉-type slip systems, independent of orientation. The Burgers vectors of the

dislocations and the slip systems they move on, in both [531]- and [210]-deformed samples,

are characteristic of fcc materials [94]. The crystal orientations chosen were designed to pro-

mote single slip in the [531] orientation or to provoke a reaction in the material by selecting

the [210] orientation, which has two favourable slip systems available. In the [531]-oriented

samples, slip should occur on the (111)[101] slip system, which has the highest Schmid

factor of 0.49 for deformation along [531]. Deformation along the [210] orientation provides

two slip systems with a high Schmid factor of 0.49, (111)[101] and (111)[101] (cf. figure 5.9).

Based on the information presented in table 5.3, it is evident that the slip systems with the

highest Schmid factors are activated in both the [531]- and [210]-deformed CrMnFeCoNi

single crystals. However, it is not unexpected that other active slip systems have been identi-

fied in either orientation, as deformation occurs on multiple slip systems simultaneously,

with only the slip system with the highest Schmid factor making a significant contribution

to the overall deformation. It is not possible to draw a conclusion on whether only one slip

system was activated in the [531]-oriented samples compared to possibly two slip systems

in the [210]-oriented samples based on the available information. The differences observed

in the macroscopic and microscopic investigations, as documented in figures 4.10, 4.12

and 5.1, respectively, may not only be a result of the different orientation, but could also

be attributed to factors such as imprecise orientation, microstructure differences, or local

variations in composition, which warrant further investigation. It is important to note that

no dissociation of dislocations or other dislocation reactions were observed at any of the

deformation temperatures or with regard to the crystal orientations that were investigated.

Previous research on the deformation structure of CrMnFeCoNi has focused on both single

and polycrystals. These studies examined several aspects, including the mechanisms of

plastic deformation from cryogenic to elevated temperatures and the determination of

orientation- and temperature-dependent critical slip and twinning stresses for samples

deformed in compression and tension. Kireeva et al. [40–42] conducted a series of studies
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to investigate the deformation behaviour of single-crystalline CrMnFeCoNi with respect to

crystal orientation. Their findings indicate that different dislocation structures and twinning

were observed depending on the orientation of the crystal, the deformation temperature,

and strain. In crystals oriented along [111], twinning was observed at room temperature at

strains larger than 5 % [41], while in crystals oriented along [123], winning was observed

at room temperature only at strains larger than 27 %, with a critical twinning stress of

τt w
C R = 140±10MPa [40]. No evidence of twinning was found in deformed [001]-oriented crys-

tals [42]. In crystals oriented along [111], dislocations formed tangles [40], similar to crystals

oriented along [001], which also exhibited dislocation pile-ups at strains beyond 2.5% [42].

In crystals oriented along [123], which is an orientation where single slip should take place,

dislocations dissociated into partials forming stacking faults at strains above 10 % [40]. The

findings of Kireeva et al. are consistent with the results of the present work, particularly

with respect to the [123]-oriented crystals, which compare well to the single slip-oriented

[531] samples of the present work, where no twinning or dissociation of dislocations was

observed at room temperature at strains as low as 3 %. Additionally, the dislocation structure

observed by Kireeva et al. [40] in the [123]-oriented crystals resembles closely the dislocation

structure of extensive planar dislocations forming pile-ups in one slip system, as observed

in the [531]-deformed samples of the present work.

In a study conducted by Abuzaid et al. [44], the deformation behaviour of single-crystalline

CrMnFeCoNi was investigated at various temperatures and crystal orientations. The authors

observed that in orientations along [111] and [149] at room temperature, dislocation slip

was the dominant deformation mechanism. In contrast, no twinning was observed in these

orientations at room temperature, and the authors suggest that it is not expected in the

[122]- and [123]-oriented crystals either. These findings are consistent with the results of the

present work and the reports by Kireeva et al. [40–42], which also did not observe twinning

at room temperature. Abuzaid et al. [44] further report that dislocation slip is the governing

deformation mechanism in the [111]- and [149]-oriented crystals at room temperature, with

single-slip occurring on either (111)[111] or (111)[011] in the [111]-oriented crystal and on

two systems, (111)[101] and (111)[101] in the [149] crystal. These findings are similar to those

of Moon et al. [152], who refer to dislocation slip as the commonly accepted deformation

mechanism at room temperature in fcc materials.

In a study conducted by Patriarca et al. [45], the slip nucleation in CrMnFeCoNi single

crystals oriented along [591] at 77 K and room temperature was investigated. The authors re-

ported that in the predominantly single slip orientation [591], dislocation slip was observed

on two slip systems [011](111) with a Schmid factor of 0.5 and [011](111) with a Schmid

factor of 0.44 at room temperature. These findings are consistent with the results of the

present work, where dislocations primarily moved on a high Schmid factor slip system in a
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single-slip oriented crystal, i.e. the [531] orientation, while secondary slip systems were also

detected.

In a comprehensive study, Kawamura et al. [43] investigated the deformation behaviour of

single-crystalline CrMnFeCoNi over a broad temperature range from 10 to 1273 K in both

tension and compression and assessed its dependence on crystal orientation. They focused

on single crystals oriented along [123], [126] and [3 9 11], which are selected to promote

single-slip. The authors discovered that deformation at room temperature is primarily gov-

erned by slip of dislocations for strains of up to 10%. Furthermore, they observed planar

arrays of dislocations throughout most of the investigated temperatures, with dislocations

beginning to climb out of their original slip plane at 1273 K. The presence of these extensive

planar dislocation arrays is attributed to the low stacking fault energy of the CrMnFeCoNi

HEA. Over a broad temperature range from 77 K to 1073 K, the dislocations, characterized

by a Burgers vector typical for fcc materials with b=1/2〈110〉, were widely dissociated into

partials separated by stacking faults. Kawamura et al. estimated the stacking fault energy to

be 30±5 mJ/m2, which is consistent with the report by Okamoto et al. [39]. Kawamura et al.

found that twinning only occurs in samples deformed at 77 K and is absent in all strains

at room temperature, which is different from previous observations by Kireeva et al. [40]

for the [123] orientation, where twinning was observed at strains above 27%. The results of

the present work are comparable to those of Kawamura et al. in the sense that both studies

show that dislocations form planar arrays and exhibit fcc-typical Burgers vectors. However,

unlike Kawamura et al., no dissociation of dislocations was observed in the present work,

and the reason for this is currently unclear. Additionally, twinning was not observed at any

temperature in the present study, which is similar to the findings of Kawamura et al., who

attributed the lack of twinning at room and elevated temperatures to the high true stress

of 890 MPa required for the onset of twinning, which they determined from tensile tests on

[123]-oriented specimens.

The present study has comprehensively examined the microstructure of single-crystal CrM-

nFeCoNi at temperatures ranging from room temperature to 500 K. Dislocation density,

slip systems and dislocation interactions for plastic deformation up to 10 % strain have

been determined for a single-slip and dual-slip orientation, providing a detailed picture of

these characteristics up to intermediate temperatures. This allows for direct comparison

between these specific deformation cases and, in its entirety, extends beyond previous

reports, which only focus on low-index or single-slip orientations. It is noteworthy that

despite the difference in orientation in both [531] and [210] oriented CrMnFeCoNi, similar

slip systems are activated during deformation. Despite the detailed picture provided, the

microscopic investigation of CrMnFeCoNi shows no unique characteristics that differentiate

it from simpler fcc alloys, given its perfect solid solution microstructure.
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5.3.2 Microstructure of deformed TiVZrNbHf

Table 5.4 contains the dislocation densities of TiVZrNbHf specimens deformed at character-

istic temperatures. It is important to note that all dislocation densities fall within the range

of 1010 cm−2, regardless of the deformation temperature. This result should be considered in

light of the limitations of the measurement technique and the margin of error. The disloca-

tion density of deformed TiVZrNbHf compares favourably to other metals when considering

the deformation stage and the flow stress at the point of termination, where similar values

for the dislocation density are typically observed [166–169]. Additionally, it is interesting to

note that the dislocation density of the specimen deformed in the temperature range of the

YSA is similar to those samples deformed outside the YSA temperature range. This suggests

that the YSA is not a result of increased nucleation of dislocations during deformation, which

could have led to an increased yield stress.

Previously, the mechanical properties of TiVZrNbHf have been studied, as detailed in para-

graph 4.5.2. However, the dislocation structure following deformation at different temper-

atures has not been extensively studied in any previous research, except in this work. To

date, the governing deformation mechanisms in refractory HEAs have been investigated

exclusively on the Senkov-alloy TiZrNbHfTa and only on samples deformed at room tem-

perature. This was achieved through a combination of mechanical testing and nanoscale

analysis [51, 53, 55–57, 159]. One notable exception is a study that investigated the flow-

stress dependence on strain rate and temperature at elevated temperatures, along with SEM

observations of the deformed TiZrNbHfTa samples [159].

In a study by Couzinié et al. [53] on as-cast TiZrNbHfTa, it was determined that the de-

formation of this material was governed by screw dislocations with b = a/2〈111〉 and the

formation of dislocation bands occurring at an early stage of the deformation. These findings

were later confirmed by Lilensten et al. [57] in their investigation of the room temperature

deformation mechanisms of homogenized TiZrNbHfTa under tension. Their deformation

experiments were conducted on cold-rolled and subsequently annealed sheets with a mean

grain size of approximately 30 to 65µm. The deformation in these samples was governed

by the slip of screw dislocations, which were found to be rectilinear and have low mobility.

This, combined with the determined activation volume, suggested high Peierls stresses in

TiZrNbHfTa. Short-distance solid solution-related obstacles were proposed as the reason for

the high yield stress of this particular alloy. Increasing dislocation density and the formation

of a band structure were responsible for the strain hardening in TiZrNbHfTa, as reported by

Lilensten et al. [57]. This conclusion was also reached in a study by Dirras et al. [55]. The

findings of atomistic calculations conducted by Rao et al. [170] on dislocation configurations

and mobility in a bcc multi-component concentrated solid solution indicate that short-range
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obstacles may be linked to local concentration fluctuations, which influence the dislocation

core configuration and mobility. As reported by Rao et al. [170], the critical resolved shear

stress for edge dislocations in refractory complex concentrated alloys may be comparable

to that for screw dislocations, contrary to classical bcc metals. In addition, Senkov et al.

[159] suggested that solute drag can serve as a strengthening mechanism in TiZrNbHfTa at

elevated temperatures.

Similar to the findings of Couzinié et al. [53] and Lilensten et al. [57] for TiZrNbHfTa, the

deformation of the TiVZrNbHf samples, as investigated in this work, is governed by slip of

screw or mixed dislocations with a Burgers vector of the b = a/2〈111〉 type. The observed

Burgers vectors are characteristic of the deformation of bcc materials [94]. Considering the

slip planes of the governing dislocations, as listed in table 5.6, it is evident that dislocations

in TiVZrNbHf predominantly move on slip systems of the 〈111〉 {110}- and 〈111〉 {112}-type

(either pure screw or mixed character), which are characteristic of the deformation of bcc

materials [94]. The dislocation structure of TiVZrNbHf samples deformed at characteristic

temperatures is depicted in figure 5.4. At room temperature, dislocations are tightly packed

into long, narrow bands running along two distinct directions. Although the bandwidth

varies, affected by the different orientations of the image plane, a similar dislocation struc-

ture is observed in samples deformed at 600 K and 750 K. At both temperatures, dislocations

are tightly packed into bands running along two distinct directions. From the selected

areas, it may seem that the sample deformed at 600 K exhibits a far higher dislocation den-

sity than the samples deformed at room temperature and 750 K, respectively. However,

measurements reveal that this is not the case (cf. table 5.4). The dislocation structure of

the sample deformed at 850 K differs from the previous temperatures in that dislocations

are not confined to bands but are instead randomly distributed throughout the sample.

The dislocation structure observed in TiVZrNbHf at room temperature is similar to that of

TiZrNbHfTa, as reported by Couzinié et al. [53]. Their study found the formation of dislo-

cation bands at plastic strains above 0.85 %, which is consistent with the results obtained

for TiVZrNbHf. Moreover, the densely packed dislocation bands observed in TiZrNbHfTa at

plastic strains of 2.3 % are similar to those observed in TiVZrNbHf at 3 % plastic strain. The

study by Lilensten et al. [57] of TiZrNbHfTa also showed similar results for the dislocation

structure at strains of 2.89 %, with dislocations located in densely packed bands with two

distinct directions, moving primarily on 〈111〉 {110} and 〈111〉 {112} systems.

A comparison of the dislocation structures of TiVZrNbHf that has been deformed at elevated

temperatures cannot be made with TiZrNbHfTa, as temperature-dependent TEM investiga-

tions have not been reported for TiVZrNbHf. Although both TiVZrNbHf and TiZrNbHfTa

exhibit similar deformation mechanisms at room temperature, TiZrNbHfTa does not dis-

play a YSA at elevated temperatures. It is important to examine the micro- and dislocation
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structures of the specimen deformed in the vicinity of the YSA maximum, at 750 K and 850 K,

respectively, to understand the origin of the YSA. The formation of Kear Wilsdorf locks and

anti-phase boundaries would require an ordered crystal structure, which is not present in

TiVZrNbHf. Moreover, the identical dislocation structure and identified slip systems of the

sample deformed at 750 K, close to the YSA maximum, compared to the sample deformed at

600 K, right at the onset of the YSA, suggest that the activation of secondary slip systems is

not responsible for the YSA.

The YSA of TiZrNbVHf could have been caused by a diffusion-controlled mechanism other

than Kear Wilsdorf locks, resulting in dislocation locking or phase transitions. Figures 5.7

and 5.8 show the EDX measurements of samples deformed at 750 K and 850 K, respectively.

Figure 5.7 reveals that the 850K deformed sample exhibits elongated features, which are

V-enriched and Ti-depleted segregations. These segregations are only visible in the sample

deformed at 850 K and not in the sample deformed at 750 K, close to the maximum of the

YSA. However, the EDX measurements do not allow for the exclusion of diffusion-based

mechanisms being responsible for the YSA. As suggested by Rao et al. [170], short-distance

obstacles and local dislocation fluctuations could be responsible for limited dislocation

mobility, ultimately leading to the YSA. This effect could wear off, though, as soon as the local

concentration fluctuations become large-scale precipitations, as observed in the TiVZrNbHf

samples deformed at 850 K. The increased temperature could also enable the activation of

secondary and ternary slip systems, suggesting that the diffusion coefficient for Vanadium

in TiZrNbHf is extremely low. To better understand the mechanism behind the YSA, detailed

investigations of the strain-rate dependency of the material combined with microstructure

investigations at characteristic temperatures could be performed. These experiments would

also provide insight into the origin of the serrations observed in TiZrNbVHf in the intermedi-

ate temperature regime (cf. figure 4.20).

The present study has comprehensively examined the microstructure of poly-crystal TiVZrNbHf

at temperatures ranging from room temperature to 850 K. Dislocation density, slip systems

and dislocation interactions for plastic deformation up to 10 % strain have been determined,

providing a detailed picture of these characteristics up to high homologous temperatures

that extends beyond previous reports, where microstructure investigations have only been

carried out on samples deformed at room temperature. The YSA observed in the macro-

scopic investigation could not be tied definitively to specific changes in the dislocation

characteristics at the microscopic level. The appearance of a secondary phase may indicate

a diffusion-based mechanism as a reason for the YSA. Despite the detailed picture provided,

further investigation of the microstructure is necessary to reveal the true nature of the YSA

in TiVZrNbHf between 500 and 750 K.



Chapter 6

Conclusion and Outlook

6.1 Conclusion

In the present work, the deformation behaviour of two HEAs with distinct crystal structures,

one fcc and one bcc, was examined. The fcc-HEA CrMnFeCoNi single crystals were studied in

single-slip and dual-slip orientation. The mechanical properties of the bcc-HEA TiVZrNbHf

were studied over an extended temperature range, revealing the presence of a yield strength

anomaly at elevated temperatures that has not been reported in HEAs previously. The

deformation properties and characteristics of both HEAs, determined through mechanical

spectroscopy and TEM analysis, are discussed in chapter 4 and 5 in relation to the existing

literature. This conclusion presents a few points for further investigation and highlights

open questions.

1. The mechanical and microstructural characteristics of CrMnFeCoNi that have been

observed in this study are consistent with existing data, thereby reinforcing the current

hypothesis that CrMnFeCoNi is a conventional fcc alloy with exceptional strength. It

is suggested that any potential short-range order does not have a significant impact

on the material’s mechanical properties, a proposition that is supported by the room

temperature activation volume, which is essentially insensitive to strain as illustrated

in figure 4.16 over the range of 120 to 200 MPa.

2. It is widely acknowledged that CrMnFeCoNi exhibits low stacking fault energy. How-

ever, only one study [43] has reported the dissociation of dislocations at low strains

in single-slip oriented single crystals deformed at room and elevated temperatures.

The existing literature is, therefore, inconclusive regarding the conditions that lead to

the dissociation of dislocations in CrMnFeCoNi at room temperature and above. As

no dissociation of dislocations was observed in the present work, further investiga-
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tions focusing on the microstructure, specifically dendritic versus non-dendritic, may

provide a clearer understanding of the phenomenon.

3. The need for further investigation into the dissimilarity in dislocation structure and

activated slip systems between [531] and [210]-deformed CrMnFeCoNi is warranted

in order to elucidate whether double slip is truly activated in samples oriented along

[210] (cf. figure 5.9).

4. The present work has revealed substantial differences in the thermodynamic acti-

vation properties, particularly the activation volume, of CrMnFeCoNi at elevated

temperatures compared to previous investigations [43]. The reason for this discrep-

ancy remains unclear, but the differences are substantial, with a factor of almost 2

distinguishing the current findings from previous research.

5. The mechanical properties and dislocation structure of TiVZrNbHf, examined in this

work, exhibit a striking resemblance to those of TiZrNbHfTa, likely attributable to the

close similarity between the two alloys, arising from the interchange of Ta for V. The

observed dislocations are characteristic of the deformation of bcc alloys, with regard

to their Burgers vector and the active slip systems.

6. The YSA observed in TiVZrNbHf in the present work is unprecedented for HEAs. The

low strain-rate sensitivity of the material and the flow stress instabilities observed in

the corresponding temperature range suggest that the YSA may be a true feature of the

plastic deformation rather than an artefact. The independent observation of the YSA

by Gadelmeier et al. [158] further supports this conclusion (cf. figure 4.26). It is worth

noting that the strain-rate sensitivity of the material should be negative in the YSA

temperature range and that further investigations should focus on the relationship

between the serrations observed in the YSA regime and the strain-rate sensitivity of

the material. Such investigations will require specific experimental techniques.

7. Based on the microstructure investigations conducted on TiVZrNbHf in the present

study, it is not possible to draw a definitive conclusion regarding the origin of the YSA.

However, the observation of V-rich segregations above 800 K suggests that diffusion-

controlled mechanisms may play a role in the formation of the YSA. Further investiga-

tions using high-resolution TEM, potentially conducted in situ, would be beneficial in

deepening our understanding of the YSA’s origin.
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6.2 Outlook

Following the conclusions and open questions of this work, as summarized above, this sec-

tion outlines future experimental approaches to improve the understanding of the structure-

property relationships in the CrMnFeCoNi and TiVZrNbHf high-entropy alloys. These

approaches will mostly be conducted at the Ernst Ruska-Centre (ER-C) and the future in-

frastructure ER-C 2.0 at Forschungszentrum Jülich. The proposed experiments will utilize

the newly developed TOMO TEM, which integrates atom probe tomography (APT) [171], to

further investigate the microstructure of these alloys.

6.2.1 CrMnFeCoNi

As previously mentioned, CrMnFeCoNi is presently considered a conventional fcc alloy with

remarkable strength. However, the genuine impact of the five-component high-entropy

alloy remains ambiguous, particularly with regard to potential short-range orders that may

form in the alloy and the influence these (non-)orders have on dislocation movement. To

enhance comprehension of the dislocation movement in CrMnFeCoNi regarding possible

existing short-range orders and the random distribution of the constituent elements on

the lattice, high-resolution in-situ TEM examinations may be useful. Additionally, the

use of a TOMO microscope could shed light on the controversial question of whether

short-range orders exist in CrMnFeCoNi by combining diffraction analysis and APT. In

order to establish a more comprehensive understanding and model for the deformation

mechanisms in fcc high-entropy alloys (HEAs), the in-situ high-resolution investigation

of the dislocation movement could be repeated and compared to other five-component

solid-solution HEAs or neighbouring alloys of CrMnFeCoNi where only one element is

replaced while the alloy remains equiatomic and a solid solution. In this light, it is essential

to reconsider and modify the production route for CrMnFeCoNi to ensure the production of

high-quality single crystals that accommodate changes in the composition. Additionally,

this optimization should include investigating the impact of a dendritic microstructure on

dislocation movement at the atomic level. Kawamura et al. [43] posited that a dendritic

microstructure leads to an overestimation of the CRSS, which remains to be confirmed at

the microstructure level. Furthermore, it is necessary to explore the stacking fault energy

and the dissociation of dislocations in CrMnFeCoNi. Statistically relevant measurements

of the stacking fault energy are needed, as well as further investigation into the conditions

under which dislocation dissociation occurs in this material. On the macroscopic level, it

is important to conduct additional statistically relevant measurements of the activation
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parameters of CrMnFeCoNi at all temperatures to elucidate the differences between this

study and other reports, particularly at elevated temperatures.

6.2.2 TiVZrNbHf

The primary observation of this work is the existence of a YSA in TiVZrNbHf at interme-

diate temperatures. The source of this YSA remains unconfirmed, and further research

should concentrate on elucidating the mechanisms responsible for it. To accomplish this, a

more stringent temperature grid should be used during mechanical testing to pinpoint the

YSA’s maximum and onset. This tighter grid would also enable a more precise examination

of the material’s strain-rate sensitivity, which would offer a clearer understanding of the

YSA’s underlying mechanisms. Developing a growth method to produce single crystals of

TiVZrNbHf and analysing the mechanical properties of specific crystallographic orienta-

tions would provide detailed information about the activation parameters. Additionally,

microtesting existing TiVZrNbHf poly-crystals could offer similar insights, as these samples

contain large enough grains to be analysed using TEM for in-situ mechanical analysis at the

microscale. These tests could follow similar paths as described for CrMnFeCoNi by focusing

on short-range order detection, dislocation-solute interaction at different temperatures, and

microstructure development across characteristic temperature regimes. Specifically, in-situ

deformation within the TOMO microscope near the maximum of the YSA could provide

valuable insights to deepen the understanding of the YSA. It would also showcase whether

diffusion processes play a detrimental role in the YSA, as they might occur only on an atomic

level. Utilising the TOMO would provide a deeper understanding of the cigar-shaped fea-

ture observed in the material after deformation at 850 K, where the TOMO could provide a

combination of diffraction analysis and APT. By understanding the mechanism behind the

YSA in TiVZrNbHf, future experiments could provide insights into whether the YSA could be

harnessed for practical applications of bcc alloys in intermediate temperature regimes.
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