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SUMMARY

Dual phase oxygen transport membranes, consisting of ionic and electronic
conducting phases, exhibit great potential in high-purity oxygen generation due to
their high stability under harsh application atmospheres. Oxygen-ion conductive
fluorite oxides (e.g. CeosGdo2025) and electron conductive spinel phases (e.g.
FeCo0,04) are promising material candidates for such a dual phase oxygen transport
membrane. Mechanical properties (e.g. elastic modulus, hardness, strength and
subcritical crack growth behaviour) and oxygen permeation of the membrane are
important parameters regarding reliability for future applications. These parameters
have close relationships with composition and microstructural characteristics, like
grain size, phase distribution and defects (e.g. microcracks). However, these
relationships are currently not fully understood. Therefore, in this thesis, the
influence of composition, grain size and microstructural defects on mechanical
properties are investigated for CeosGdo2025-FeCo,0Os membranes. Milling
procedures during powder fabrication and ceramic sintering profiles are optimized
to overcome the formation of unfavorable microstructural defects. Furthermore, the
effects of grain size and phase distribution on oxygen permeation are discussed for
a 85 wt% Ceo sGdo20:-5-15 wt% FeCo,04 membrane.

Chapter 1 of this thesis presents currently known potential applications and basic
concepts of oxygen transport membranes (e.g. mechanism of oxygen transport and
material candidates). Promising prospects for dual phase oxygen transport
membranes are reflected, in particular those for the Ceo3Gdo20:-5-FeCo,04

composites.

Chapter 2 reports on investigations and quantifications of phase compositions and
microstructural features including volume fractions, grain sizes, and contiguity for
the different phases in zCeo3Gdo02-5-(1-z)FeCo020s4 (z = 50, 60, 70, 85 or 90 wt%)

composites. The characterizations reveal a multi-phase system containing Ce;.
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«Gd;O025° (x = 0.1), and Fe,Co3,04 (0.2 < y < 1.2), CoO and Gdo s5Ceo.15Fe0.75C00.2503
phases in the membranes. A novel model is derived to calculate the ambipolar
conductivity using the quantified phase constituents and microstructural features.
These calculations results indicate that, if the grain sizes of all phases in the
composites are identical, a 85 wt% CeosGdo2025-15 wt% FeCo,0Os4 composite
exhibits the highest ambipolar conductivity. Besides, both experimental data and
calculated results indicate a rather poor ambipolar conductivity of the membrane

containing a significant amount of large grains.

The mechanical limits regarding application in particular strength and lifetime are
presented in Chapter 3 for zCeosGdo202.5-(1-z)FeC0,04 (z = 50 or 85 wt%)
composites containing a significant amount of large grains. In general, the fracture
strengths of as-sintered membranes are reduced by the presence of tensile residual
stresses and microcracks. In particular, for the 85 wt% CeosGdo2025-15 wt%
FeCo,04 composite, after an operation time of 10 years, the failure stress, inducing
a failure probability of 1 %, significantly decreases from ~ 48 MPa to ~ 2 MPa,

which appears to be a result of tensile residual stresses and microcracks.

To improve the mechanical properties and ambipolar conductivity, the grain size of
the membranes is reduced by starting with smaller initial particle sizes of the powder
mixtures. These powder mixtures with reduced particle sizes are subsequently used
to sinter CeosGdo20:.5-FeC0204 composites that are further investigated as outlined

in Chapters 4-7.

Studies of the effects of sintering profiles on microstructural and mechanical
characteristics of 85 wt% CeosGdo20:.5-15 wt% FeCo0,04 composite are presented
in Chapter 4. The results indicate that the optimal sintering temperature appears to
be 1200 °C with a holding time of 10 h, since the microstructure sintered at this
temperature possesses a density exceeding 99 %, relatively small grains and small
surface defects, which contributes to a high average flexural strength of
approximately 266 MPa. This optimal sintering profile is further applied to sinter the
Ce0.3Gdo20,.5-FeC0,04 composites as described in Chapters 5-7.
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Chapter 5 reports the elastic modulus and hardness of zCe.sGdo202-5-(1-z)FeC0,04
(z=150, 60, 70, 85 or 90 wt%) composites as well as of the individual phases in these
membranes. The mechanical properties were determined by nanoindentation tests at
room temperature. It unveils that the magnitude of the elastic moduli of the different
phases is in the order GdooCeo.1Feo5C00.203> Ce1.xGd 05 = FeyCo3.,04 > Co0O, and
difference in hardness values are also in the same order. The average elastic modulus
and hardness of the composites are in the ranges of ~ 214-223 GPa, and ~ 10.5-11.5
GPa, respectively. The elastic modulus of the composites marginally decreases with
increasing iron cobalt spinel content, while the hardness values of the composites are
affected to a slightly stronger extent by porosity rather than by the compositional
variation. Any compositional effect appears to diminish above a porosity of around
1%.

Chapter 6 focuses on fracture strength and its relationship to residual stresses of
zCe0.8Gdo202-5-(1-2)FeC0204 (z = 50, 70 or 85 wt%) composites. The strength was
determined by ring-on-ring bending tests, and the residual stress and residual stress
gradient were derived from X-ray diffraction (based on the sin? ¢ method) and the
indentation method. The results reveal that the strength of composites increase with
decreasing spinel content. The low fracture strength of the composites with high
spinel content is attributed to tensile residual stress gradients and microcracks at the
surface. It is found that for 50 wt% Ceo3Gdo.20-5-50 wt% FeCo0,04 composite, the
residual tensile stress decreases when a dwelling step at 850 °C for 100 h is applied
after sintering. However, it is proposed to limit the spinel content to a nominal value
of 15 wt% in order to eliminate the residual tensile stress and thereby yielding a

material of high mechanical strength.

In Chapter 7 oxygen permeances are discussed for 85 wt% Ceo3Gdo202-5-15 wt%
FeCo,04 membranes with three different microstructures. The first membrane has a
small average grain size (~ 0.4 um) and a homogeneous distribution of the two
phases, while the second membrane has bigger grains and a less homogeneous phase

distribution. The results indicate that the membrane with a fine and homogeneous
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microstructure exhibits higher oxygen permeance (~ 1.7 x 10® mol-cm?s?! at ~
900 °C, measured for a bare membrane with a thickness of ~ 0.96 mm) than a
membrane with larger grains due to good connections between ionic/electronic
conducting phase and large triple phase boundaries (TPBs) at the surface. Finally, a
dry powder mixing method is introduced to prepare the third membrane. This
membrane has a unique microstructure with relative straight paths for ionic and
electronic conduction, resulting in significantly improved oxygen permeance (~ 2.7
x 10® mol-cm?s™! at ~ 900 °C, measured for a surface-activated membrane with a
thickness of ~ 0.96 mm), if compared with the other two membranes after the
limiting effect from surface exchange is overcome by a ~ 10 pm porous

Lao‘5gsro‘4C00,2Feo,go3_5 1ayers.

Finally, Chapter 8 reflects the overall findings, and give perspectives for future
research. It is reflected that the membranes with a high iron cobalt spinel content
suffer from low mechanical strength due to the existence of microcracks and residual
tensile stresses. A crack-free microstructure with only small surface defects and
small grain size is obtained for 85 wt% CeosGdo202-5-15 wt% FeCo,0O4 membrane
using the optimized powder preparation procedure and sintering profile. This
microstructure exhibits significantly improved strength and oxygen permeation.
Future improvements in oxygen permeation without compromising mechanical
strength can be realized by further reducing the grain size without inducing
microstructural defects like microcracks and pore agglomerates. It is recommended
to use nano-sized powder mixtures and/or apply a two-step sintering profile. Besides,
it is necessary to investigate the mechanical stability of the membrane after a long-

term operation.
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Keramische zuurstof-selectieve membranen, die uit een separate ionen- en
elektronen-geleidende fase bestaan, bieden interessante mogelijkheden voor het
verkrijgen van zuurstof met hoge zuiverheid, terwijl deze materialen een hoge
mechanische en chemische stabiliteit vertonen onder extreme omstandigheden. In
dit proefschrift worden de mechanische eigenschappen (bijv. elasticiteitsmodulus,
hardheid, sterkte en sub-kritische scheurgroei) en de zuurstofpermeatie beschreven
van composietmaterialen die bestaan uit het zuurstofionen geleidende fluoriet
Ce0.3Gdo 2025 en het elektronen geleidende spinel FeCo,04. De relatie is onderzocht
tussen deze parameters en de microstructuur van het membraan, zoals keramische
korrelgrootte, kristal fase verdeling en grootte/grootteverdeling van eventueel
aanwezige microscheurtjes. De maalprocedures tijdens de fabricage van de
keramische poeders alsmede het temperatuur programma tijdens sinteren van het
keramisch membraan zijn geoptimaliseerd om de vorming van defecten in het
materiaal tegen te gaan. Daarnaast wordt in dit proefschrift ingegaan op de effecten
van keramische korrelgrootte en kristal fase verdeling op de zuurstof permeatie door
het membraan. Met de resultaten van dit onderzoek is het keramisch fabricageproces
zodanig aangepast, dat een membraan is verkregen met optimale mechanische en

zuurstoftransport eigenschappen.

Hoofdstuk 1 van dit proefschrift geeft de stand van zaken weer voor potentiéle
toepassingen van deze 100 % zuurstof-selectieve membranen. Daarnaast wordt het
zuurstoftransport mechanisme behandeld. Tevens wordt ingegaan op de
mogelijkheden van verschillende veelbelovende tweefasen zuurstoftransport
membranen met in het bijzonder de CesGdo2025-FeCo204 composieten: Het

materiaal waar in dit proefschrift aandacht aan wordt besteed.



Samenvatting Il

In hoofdstuk 2 worden de volume fracties, korrelgroottes en contiguiteit van de
verschillende fasen gekwantificeerd voor composieten met als algemene
samenstelling: zCe8Gdo20:.s-(1-z)FeC0,04 (z = 50, 60, 70, 85 of 90 gew. %). Al
deze composieten bestaan uit meerdere kristalfasen; nl: Ce;..Gd,Oz5 (x = 0.1),
Fe,Co3,04 (0.2 <y < 1.2), CoO en GdossCeo.15Fe0.75C00.2503. Daarnaast wordt, aan
de hand van de resultaten in dit hoofdstuk, een model gepresenteerd voor het
berekenen van de ambipolaire geleiding van deze materialen. De resultaten van deze
berekening tonen aan dat een composiet, bestaande uit 85 gew. % Ce.sGdo 2025 en
15 gew. % FeCo0,04, de hoogste ambipolaire geleiding vertoont, indien de
korrelgroottes van alle fasen in het materiaal identiek zijn. Daarnaast tonen zowel de
experimentele als berekende resultaten aan, dat een membraan met aanzienlijk aantal

grote korrels een slecht ambipolaire geleiding vertoond.

De maximale mechanische belasting, gerelateerd met sterkte en levensduur voor het
toepassen van zCe.gGdo202.5-(1-z)FeC0204 (z = 50 of 85 gew. %) composieten met
een aanzienlijk aantal grote korrels is beschreven in hoofdstuk 3. In het algemeen
neemt de breuksterkte van de membranen af door de aanwezigheid, na sinteren, van
resterende trekspanningen en microscheurtjes. Met name voor het 85 gew. %
Ce08Gdo202.5-15 gew. % FeCo,04 composiet is aangetoond dat de faalspanning,
uitgaande van een faalkans van 1 %, sterk afneemt van ~ 48 MPa naar ~ 2 MPa na
een gebruiksperiode van 10 jaar. Dit is vooral een gevolg van de aanwezigheid van

resterende trekspanningen en microscheurtjes.

Om de mechanische eigenschappen en de ambipolaire geleiding van deze materialen
te verbeteren moet de korrelgrootte van de membranen worden verkleind. Dit kan
worden gerealiseerd door uit te gaan van kleinere deeltjesgroottes van de
uitgangspoeders. Gesinterde Ceo.sGdo.202.5-FeC0,04 composieten, uitgaande van
deze fijnkorrelige poedermengsels, worden verder onderzocht in de hoofdstukken
4-7.

Hoofdstuk 4 behandelt het effect van verschillende sinterproficlen op de

microstructurele en mechanische karakteristieken van het 85 gew. % CeosGdo202.
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en 15 gew. % FeCo,04 composiet materiaal. De resultaten tonen aan dat het optimale
sinterprofiel 1200 °C is met een verblijftijd van 10 uur bij deze temperatuur. Op deze
manier wordt een relatieve dichtheid van ruim 99 % verkregen met relatief kleine
keramische korrelgroottes en relatief weinig defecten aan het oppervalk. Deze
microstructuur resulteert in een hoge buigsterkte van 266 MPa. Dit optimale
sinterprofiel wordt verder toegepast in de hoofdstukken 5-7 voor het sinteren van

Ce03Gdo20,-5-FeC0204 composieten.

Hoofdstuk 5 gaat in op de elasticiteitsmodulus en hardheid van zCe 3Gdo202-5-(1-
z)FeC0,04 (z = 50, 60, 70, 85 of 90 gew. %) composieten, inclusief die van de
afzonderlijke kristalfasen in deze membranen. Deze mechanische eigenschappen
zijn bepaald aan de hand van nano-indentatie metingen bij kamertemperatuur. De
resultaten tonen aan dat zowel de elasticiteitsmodulus als de hardheid van de
verschillende fasen afneemt in de volgorde: GdosCeo1Fe05C00203 > Ce1.Gd 0.5 =
Fe,Co3.404 > Co0. De gemiddelde elasticiteitsmodulus en hardheid waarden van de
verschillende composieten zijn respectievelijk in de ordegrootte ~ 214-223 GPa en
~ 10.5-11.5 GPa. De elasticiteitsmodulus neemt marginaal af met een toenemende
concentratie van de ijzer-kobalt spinel fase in het composiet. De hardheid wordt in
iets sterkere mate beinvloed door de porositeit dan door de (chemische)
samenstelling van de composieten. Daarnaast kan geconcludeerd worden dat voor
alle composieten met een porositeit van meer dan 1 % de porositeit een sterker effect

heeft op elasticiteitsmodulus en hardheid dan de chemische samenstelling.

De relatie tussen breuksterkte en de restspanningen na het sinteren van zCeo.gGdo.20»-
s-(1-z) FeCo0,04 (z = 50, 70 of 85 gew. %) keramische materialen wordt behandeld
in hoofdstuk 6. De breuksterktes zijn bepaald aan de hand van ring-op-ring
buigtesten, terwijl de waarden voor restspanning en restspanningsgradiént verkregen
zijn door analyse van Rontgen diffractie (gebaseerd op de sin?1) methode) en
indenter metingen. De resultaten tonen aan dat de sterkte van de composieten
toeneemt met afnemende concentratie van de spinel fase. De lage breuksterkte voor

de composieten met hoge spinel concentratiec kan worden toegeschreven aan de
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aanwezigheid van trekspanningsgradiénten en microscheurtjes aan het oppervlak
van het materiaal. Daarnaast is aangetoond dat voor CeosGdo20245-50 gew. %
FeCo,04 composieten de aanwezige trekspanning in het materiaal afneemt als na het
sinteren het materiaal gedurende 100 uur bij 850 °C wordt gehouden. Tenslotte wordt
in dit hoofdstuk voorgesteld om een nominale concentratie van 15 gew. % van het
spinel in het composiet te hebben om de resterende trekspanningen te elimineren en

daarbij een materiaal te hebben met een hoge mechanische sterkte.

In hoofdstuk 7 wordt de zuurstof permeatie beschreven van 85 gew. % CeosGdo20,-
s-15 gew. % FeCo,04 membranen met drie verschillende microstructuren. Het eerste
membraan heeft een kleine gemiddelde korrelgrootte (~ 0.4 pum) en een homogene
verdeling van de fasen terwijl het tweede membraan grotere korrels heeft en een
minder homogene verdeling van de fasen. De resultaten tonen aan dat het membraan
met een fijnkorrelige en homogene microstructuur een hogere zuurstof permeatie
vertoont van 1.7 x 10® mol-cm?s' bij ~ 900 °C, gemeten aan een gesinterd
membraan met een dikte van ~ 0.96 mm. Deze hogere zuurstof permeatie in
vergelijking met het grofkorrelige, inhomogene membraan wordt toegeschreven aan
een betere hechting tussen de ionogene en elektronen geleidende fasen in het
keramiek en daarnaast een grotere drie-fase grenslijn concentratie aan het oppervlak.
Tenslotte wordt in dit hoofdstuk een derde type membraan beschreven, welke
gemaakt door uit te gaan van het droog mengen van de uitgangspoeder. Het
resulterende membraan heeft een unieke microstructuur met relatief rechte transport
paden door het membraan voor zuurstof ionen en elektronen, wat resulteert in een
duidelijke verbetering van de zuurstof permeatie (2.7 x 108 mol-cm?-s! bij ~ 900 °C,
gemeten aan een oppervlakte geactiveerd membraan met een totale dikte van ~ 0.96
mm) in vergelijking met de andere twee membranen, nadat de limitering door de
zuurstof uitwisselingsreactie aan het oppervlakte is overwonnen door het aanbrengen

van een 10 um oppervlakte-actieve poreuze Lag ssSro4Coo2Fe030s.s laag.

Tenslotte geeft hoofdstuk 8 een evaluatie van de resultaten en bevindingen weer,

die in dit proefschrift zijn gepresenteerd, plus suggesties voor verder onderzoek op
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dit gebied. Aangetoond is dat membranen met een hoge concentratie van de ijzer-
kobalt spinel fase een lage mechanische sterke hebben vanwege de aanwezigheid
van microscheurtjes en resterende restspanningen. Een keramische microstructuur
zonder microscheurtjes met slechts een klein aantal oppervlakte defecten en kleine
korrelgroottes kan verkregen worden voor een 85 gew. % Ce3Gdo202-5-15 gew. %
FeCo,04 membraan, waarbij gebruik gemaakt wordt van de optimale poeder
bereidingsprocedure in samenhang met het optimale sinterprofiel. Deze
microstructuur vertoont een duidelijk verbeterde sterkte en zuurstof permeatie.
Verdere verbetering in de zuurstofpermeatie, zonder compromissen te sluiten met
betrekking tot mechanische sterkte, kan worden gerealiseerd door verdere reductie
van de keramische korrelgrootte zonder dat er defecten in de keramische
microstructuur ontstaan, zoals microscheurtjes en het agglomereren van porién. Om
deze microstructuur te realiseren wordt aanbevolen om poedermengsels te gebruiken
met nanokristallijne deeltjesgrootte en tijdens het sinteren een twee-staps
temperatuur programma te gebruiken. Als laatste moet nog aangegeven worden dat
verder onderzoek noodzakelijk is naar de mechanische stabiliteit van het membraan

na een lange periode van in bedrijfstelling.
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Introduction




Introduction 2

1.1 Energy consumption

The global energy demand has increased substantially in a concurrent trend with
modern society development [1]. Between 2018 and 2050, global energy demand is
expected to rise by almost 50 percent [2], as presented in Figure 1.1. To satisfy this
growing demand, upsurges of fossil fuels (oil, coal, petroleum and natural gas)
production have appeared successively over the past few decades, while the energy
conversion by other sources is growing slowly, as exemplified in Figure 1.2 for
United States [3]. It is predicted that fossil fuels will continue to play an important
role in meeting global energy needs in the coming decades [2,4], as indicated in
Figure 1.3. Fossil fuels are projected to continue to account for no less than 70
percent of total world energy consumption until 2050, although consumption of

renewable energy is rising [2].
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Figure 1.1 Total world energy consumption. Data adapted from U.S. Energy Information

Administration [2].
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However, the continuous usage of a vast amount of fossil fuels rapidly increases the
carbon dioxide (CO;) concentration in the atmosphere [1,5], which is commonly
recognized as a critical cause of global warming [6]. The environmental problems
associated with increasing CO; emissions lead to a growing concern from the global
community. Agreements such as the Kyoto Protocol [7] and the Paris Agreement [§]
were signed by many countries as common efforts to reduce the emissions of
greenhouse gases and slow the pace of global warming. It is very crucial to develop

technologies to minimize the CO, emissions from the usage of fossil fuels.

1.2 Carbon capture technologies

Carbon capture technologies have been developed to reduce CO, emissions from
processes based on burning of fossil fuels. The carbon capture technologies are
mainly based on three different implementation schemes: post-combustion, pre-

combustion and oxyfuel combustion [9].

In the post-combustion scheme, CO, is captured from the exhaust gases resulting
from fuel combustion with air. This route can easily be retrofitted into existing plants,
but the capture efficiency is significantly challenged by the low CO, content in
combustion flue gas [10], which is caused by a significant volume of nitrogen (~ 79
vol%) from the air, used for combustion [11]. The energy penalty and the associated
costs are elevated in order to achieve a CO; concentration above 95.5 % for transport
and storage [12]. It was estimated that the utilization of post-combustion in gas and
coal-fired plants would increase the cost of electricity by 32 % and 65 %,

respectively [13].

By contrast, in the oxyfuel combustion scheme, the combustion of fuel is conducted
in almost pure oxygen instead of air. The exhaust gases possess a rather high
concentration of CO- (over 80 %) and a low nitrogen content, which simplifies the
subsequent CO, purification and separation processes [12]. The oxyfuel technique
can be regarded as a modified post-combustion, and is technically feasible if a large

quantity of high purity oxygen is continuously supplied [11]. The major part of the
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efficiency losses within the oxyfuel combustion process is due to the need of an

oxygen feed [14].

In the pre-combustion scheme, CO; is separated and captured from a gas mixture of
H; and CO» with high CO, concentration (>20 %) [12]. The gas mixture results from
the reaction between steam and syngas (mainly CO and H»). The syngas can be
obtained by partial oxidization of coal or hydrocarbon fuels (e.g. CHs), where a pure
stream of oxygen is needed. With a more moderate energy penalty of 10 %, the pre-
combustion capture tends to have a broad potential [12]. However, deploying

facilities for pre-combustion capture requires very high capital investments [12].

In general, if oxygen can be produced by economic processes, the oxyfuel

combustion scheme is more promising to realize economical capture of CO,.

1.3 Oxygen transport membranes

Ceramic oxygen-ion transport membranes are very attractive materials due to their
capability to enhance the efficiency of pure oxygen production. Substantial
economic and environmental benefits can be attained by applying ceramic oxygen-

ion transport membranes in carbon capture technologies [9].

Large-scale oxygen production is currently relying on the cryogenic air separation
process, in which air is firstly compressed, then liquefied at very low temperatures
(approximately -185 °C), and distillation is carried out to remove oxygen from the
air [15]. This process is very effective: it can be controlled precisely by adjustments
of pressure and temperature [15]. However, due to the use of electromotive-driven
equipment to compress the air, a substantial energy penalty is incurred [16]. In
addition, the costs of investment in a cryogenic distillation unit is high and may
account for more than 30 % of the total costs of investment [17]. Therefore, the
cryogenic air separation process is typically costly and is not an economical process

for CO; capture through the oxyfuel combustion scheme.
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To lower capital costs and energy consumption for pure oxygen production, a high-
temperature membrane air separation technology can be implemented using dense
mixed ionic-electronic conductive ceramic membranes as key components, which
possess a 100 % selectivity regarding O, [18]. The oxygen permeation through the
membrane initiates when two sides of the membrane experience different oxygen
partial pressures at high temperatures. The mechanism of oxygen transport and

membrane materials are introduced in section 1.3.1 and 1.3.2, respectively.

1.3.1 Mechanism of oxygen transport

When an oxygen partial pressure (Pp,) gradient is imposed across the membrane at
elevated temperatures (typically in the range of 700-1000 °C), the oxygen
permeation process starts with three main steps: gas-solid interfacial exchange at the
membrane surface exposed to high oxygen partial pressure (Pp,), ambipolar
diffusion of charged carriers through the bulk of the oxygen transport membrane and
gas-solid interfacial exchange at the membrane surface exposed to low oxygen

partial pressure (Pp,).

The gas-solid interfacial exchange process is also known as surface exchange. For
surface exchange at the membrane surface, exposed to high oxygen partial pressure,
multiple steps take place: oxygen adsorption, oxygen dissociation, incorporation of
dissociated oxygen ions into the membrane lattice and catching electrons, which can
be written as equation (1.1) using the Kroger-Vink notation [19]. Correspondingly,
the reversed form of equation (1.1) can represent surface exchange at the membrane

surface exposed to low oxygen partial pressure, as shown in equation (1.2).

0, + 2V - 4k + 20% (1.1)
4h' 4 20% - 0, + 2V (1.2)
where subscripts Op, V and h represents an oxygen ion occupying an oxygen lattice

site, an oxygen vacancy and an electron hole, respectively. And superscripts X and -

denote an electroneutral state and one positive effective charge, respectively.
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When oxygen ions and electrons are regarded as charge carriers and the diffusion
paths of oxygen ions are not addressed, the overall reactions related to oxygen

exchange at two sides can be simplified as equation (1.3) and equation (1.4),

respectively [19].
0, + 4e~ - 20%" (1.3)
20% - 0, + 4e” (1.4)

The ambipolar diffusion of charge carriers through the bulk is schematically
illustrated in Figure 1.4. The oxygen ions and electrons resulted from equation (1.3)
and (1.4), respectively, pass through the bulk of the membrane in opposite directions
(see Figure 1.4). Oxygen ions diffuse either through oxygen vacancies or oxygen

interstitial sites [19].

0,

o¢o High Po,

20%- Membrane de”

CP Low Po,

Figure 1.4 Schematics representing oxygen transport processes through a mixed ionic-
electronic conductive ceramic membrane when charge carriers are considered to be oxygen

1ons and electrons.

The overall oxygen transport process is limited by the slowest step. If bulk diffusion
is the only rate-limiting step, the oxygen permeation flux through the membrane can

be described by the Wagner equation [20, 21]:

R . T lnPl’)IZ
Jo, = —mf . Oamb "In Py, (1.5)
InPy,

where T is the temperature, R the gas constant, L the thickness of the membrane, F

the Faraday constant, g, is the ambipolar conductivity.
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When the limiting effects from surface exchange are not negligible, the oxygen

permeation flux is reduced according to [20]:

]02 =

1 R-T [P0
f Oamp " In Py, (1.6)
1

1+2L ‘16-F2-L

I
nPy,

where L. is a characteristic thickness, defined as being the thickness where the
resistances from bulk diffusion and surface exchange are equal [22]. When L, < L,
the limiting effect from surface exchange is negligible, hence, bulk diffusion is the
major rate-limiting step, and equation (1.6) can be simplified leading to equation
(1.5). However, when L is in the vicinity of L., the limiting effects from surface

exchange are non-negligible [20].

1.3.2 Membrane materials

According to the phase constituents used for the realization of ambipolar diffusion
of oxygen ions and electrons, the membrane materials can be classified into two
groups: single phase membranes and dual phase membranes [23], as illustrated in
Figure 1.5. The single phase membranes rely on one phase to realize mixed ionic-
electronic conductivity (see Figure 1.5(a)), while the dual phase membranes utilizes
two kinds of phases to obtain mixed ionic-electronic conductivity (see Figure 1.5(b));

each kind of phase contributes either to ionic or electronic conductivity.

(a)

0,- Iean air

)

Figure 1.5 Schematics representing (a) single phase membrane and (b) dual phase membrane

(b)

0,-lean air

Air Vacuum

for oxygen permeation. In (b), the hexagons represent the electronic conducting phase, which

is surrounded by the ionic conducting phase.
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Single phase membranes

Single phase membranes, exhibiting high oxygen flux are typically made of ceramics
with the perovskite structure. An ideal perovskite structure is a cubic symmetry with
a formula of ABOs, in which A, B and O are the larger cations, smaller cation and
oxygen anion, respectively. A can be either a rare earth metal, an alkali metal or an
alkaline earth metal, locating at the corners surrounded by twelve equidistant oxygen
ions [24], as schematically displayed in Figure 1.6(a). B is typically a transition metal
or rare earth metal at the centre of the cube, forming an octahedral with six
neighboring oxygen ions [24]. As an alternative representation, Figure 1.6(b)
provides a view of the cubic structure with A cations at the centre and B cations at

the corner [24].

To allow oxygen ion conductivity, it is necessary to introduce oxygen vacancies by
partial substitution of original cations at the A-site by another cation with a lower
oxidation state than the initial one [25]. On the other hand, the B-site usually contains
cations with variable valences, e.g. Fe and Co, which introduces high electronic or
hole conduction. Typical perovskite materials with A and B-site doping are
Bay sSro.5C00.8Fe0203.5 (BSCF) and Lag 6Sro.4Coo2Fe0803.s (LSCF), which have been
studied intensively for application as oxygen transport materials due to the
exceptional oxygen permeability [26-34]. However, the BSCF membrane suffers
from poor structural stability at intermediate temperature due to the growth of the
hexagonal phase, which already leads to a 50 % decrease in oxygen permeability
after 240 h of operation at 750 °C [35]. Besides, BSCF and LSCF membranes are
prone to irreversible material deterioration on exposure to CO, and/or SO under a
chemical potential gradient at elevated temperatures [36-43]. For example, the
oxygen flux of the BSCF membrane decreases to zero within several minutes when
exposed to CO, due to due to carbonating reactions [36, 41]. Irreversible
decomposition was reported for the LSCF membrane after SO, exposure [38].
Consequently, these high oxygen permeable perovskite materials are not suitable for

application in carbon capture technologies.
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Figure 1.6 Schematic views of ideal cubic perovskite structures (ABOs) with individual

centres of (a) A cation and (b) B cation.

Dual phase membranes

Dual phase membranes consist of an oxygen conducting phase (or phases) and an
electron conducting phase (or phases), which are responsible for conducting oxygen
ions and electrons, respectively (see Figure 1.5(b)). Oxides with a fluorite structure,
e.g. gadolinium- or samarium-doped ceria, and yttria-stabilized zirconia, are often
selected as the ion-conducting phase for these dual phase membranes because of
their high ionic conductivity as well as their high chemical stability in an acidic
atmosphere [44-46]. The high ionic conductivities of fluorite oxides are benefiting
from oxygen vacancies generated by doping. In case of Ce..GdO2.5 (x =0.1 or 0.2),
as examples, oxygen vacancies are created by the substitution of Ce in CeO, by Gd

according to [47]:

ce0,
Gdy05 — 2Gd}, + 305 + Vy (1.7)

where subscripts Ce and O represents the Ce and O site within the fluorite lattice,
respectively. Superscripts X, ’, and *- denote an electroneutral state, one negative
effective charge, and two positive effective charges, respectively. The introduction
of oxygen vacancies expands the lattice, which is known as a chemical expansion
[48].

The electron conducting phase should ideally possess a stability as good as the

typical ionic conducting phases, i.e. fluorite oxides. Besides, it should be thermally
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and chemically compatible with the ionic conducting phase. Spinel oxides, e.g.
Fe.Co03.0s (x = 1 or 2), NiFe,O4, and Mn,; 5Co,504, have attracted considerable
attention as suitable electronic conducting phases combined with fluorite oxides to
form robust high-performance dual phase membranes [49-53]. For example, 60 wt%
Ce0.9Gdo.102.5-40 wt% NiFe,O4 membranes experienced no decline of the oxygen
permeation flux within a 100 h operation using CO, as sweep gas [54]. Furthermore,
40 vol% CeosTbo20.5-60 vol% NiFe,O4 membrane remained stable in wet SO, and
CO; containing gas at 800 °C for 170 h [55], and its oxygen flux was reported to

even increase after 76 h permeation test using CO; as sweep gas [55].

Overall, the key advantage of a dual phase membrane over a perovskite membrane

is the high stability under acidic atmospheres (e.g. CO, and SO»).

Promising material candidates for carbon capture

Dual phase membranes are supposed to have more potential for oxyfuel applications
than perovskite membranes. A promising material candidate, developed specifically
for oxyfuel combustion, is the CeosGdo202.5-FeC0,04 membrane, which mainly
consists of a Ce1.4Gd,O25 (0 < x < 0.2) (CGO) fluorite phase as the ion conducting
phase, as well as a Fe,Co3,04 (0 < y < 2) (FCO) spinel phase and a
Gdo35Ceo.15Fe0.75C002503 (GCFCO) perovskite phase as the electron conducting
phases [49]. The composition 85 wt% CeosGdo202.5-15 wt% FeCo,04 possesses
high tolerance over 200 h operation in CO- and SO,-containing gas mixtures at
850 °C under an oxygen partial pressure gradient [50]. To reduce cost from carbon
capture, it is necessary to develop facile, efficient and economical synthesis methods
to prepare membrane components with high and reliable mechanical and chemical
performance. Hence, solid-state reaction plus sintering in a single-step thermal
process (i.e. solid-state reactive sintering) appears to be a very attractive method for

scaling up the production of oxygen transport membranes [56].
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1.4 Scope of the thesis

This thesis includes a concise framework of studies on CeosGdo20:-s-FeCo0,04 dual
phase membranes prepared by solid-state reactive sintering using CeosGdo202-5,
C0304 and Fe;Os as raw materials. The main aim of the work is to enhance
mechanical reliability and oxygen permeation of CeosGdo20:-5-FeC0,04 dual phase
membranes by optimizing the powder preparation method, which affects phase
constituents and microstructural characteristics (i.e. density, grain sizes, phase
distributions and defects/microcracks) of the sintered membranes. The powder
mixtures used for solid-state reactive sintering are prepared by different mixing and
milling procedures to tune the particle size and homogeneity. The microstructural
characteristics and phase constituents of the sintered membranes are analyzed in
detail, and their influences on mechanical reliability (i.e. residual stress, mechanical
properties, subcritical crack growth, and lifetime prediction) and chemical
performance characteristics regarding ionic/electronic conductivity and oxygen

permeation are discussed.

Detailed characterizations and quantifications regarding phase constituents and
microstructural features for CeogGdo20:.5-FeCo20s dual phase membranes are
presented in Chapter 2. All aspects including phase constituents, phase volume
fraction, grain size, and phase contiguity are discussed, as well as the relation
between these microstructure features and chemical properties. Besides, a novel
model is utilized to assess the evolution of the ambipolar conductivity with respect

to phase constituents and microstructural features.

In Chapter 3, the mechanical properties and subcritical crack growth behaviour of
the synthesized CeosGdo202-5-FeC02,04 dual phase membranes are characterized
based on mechanical testing results from Vickers indentations and ring-on-ring tests
using different loading rates. The objective is to assess the limits in mechanical
application in particular regarding reliability and lifetime. Mechanical properties,
including elastic modulus, hardness, fracture toughness and fracture strength are

assessed at room temperature, and their relationships with the composition, residual
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stress and microstructural characteristics, like grain size and microcrack
size/concentration, are discussed. The subcritical crack growth behaviour and the
failure probability are analyzed based on fracture stress data obtained at different
loading rates, and based on the lifetime under static stress. The associated effects of

composition, residual stress and microcracks are discussed.

The CeosGdo202-5-FeC0,04 dual phase membranes investigated in Chapter 2 and
Chapter 3 are further improved regarding mechanical and chemical performance by
optimizing particle sizes and homogeneities of initial powder mixtures. The

improved membranes are the research focus in Chapters 4-7.

The effects of sintering profiles on the microstructural and mechanical
characteristics of 85 wt% Ce.sGdo202.5-15 wt% FeCo,04 membrane prepared by
using optimized powder mixtures are investigated in Chapter 4. The phase
interaction temperatures as determined by high-temperature X-ray diffraction are
selected as sintering temperatures to assess the effect of the phase interactions on
microstructural characteristics. The relations between the mechanical properties and
the microstructural changes are discussed, and finally, an optimal sintering
temperature is proposed, and applied to sinter the CeosGdo20:.5-FeCo0,04 dual phase

membranes to be investigated in Chapters 5-7.

In Chapter 5, micro-mechanical properties (elastic modulus and hardness) of
Ce0.3Gdo20,.5-FeC0,04 dual phase membranes prepared by the optimized powder
mixtures are characterized via indentation testing at room temperature. In order to
reveal contributions of the mechanical properties of individual phases to the
mechanical properties of the composites, the grain sizes of individual phases in
composites are optimized for the mechanical properties assessment of individual
phases via targeted indentation testing. The relationships between mechanical
properties of the composites and compositional variations as well as porosities are

discussed.
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As the membranes need to provide sufficient mechanical strength to realize long-
term reliable operation, Chapter 6 focuses on the characterization of fracture
strength and residual stresses, as well as the development of thermal processing steps
to alleviate detrimental residual stresses (tensile stresses), for CeosGdo202-s-
FeCo,04 dual phase membranes prepared by optimized powder mixtures.
Investigations are focused on the typical aspects that challenge the fracture behaviour,
including composition and microstructural defects, as well as residual stress and
residual stress gradient, which are derived from X-ray diffraction (based on the
sin? 1 method) and the indentation method. The relation between fracture strength
and residual stress is discussed according to fractography analysis for membranes
fractured with different surface positions that experience different residual stress

states after sintering.

Chapter 7 compares microstructural characteristics and oxygen permeation
performance of a 85 wt% CeosGdo.202-5-15 wt% FeCo,04 membrane prepared by the
unoptimized and optimized powder mixtures. The effect of milling procedures on
particle sizes of the raw materials and powder mixtures are analyzed in detail. In
comparison to the traditional ball-milling method, a facile but effective dry mixing
method is developed to prepare inhomogeneous powder mixtures. The
microstructural characteristics and phase constituents of all sintered membranes are
analyzed in detail, and their influence on oxygen permeation performance is

discussed.

Finally, Chapter 8 reflects on the importance of the overall findings, and provides

recommendations for future research.
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CHAPTER 2

Phase and microstructural characterizations for
Ce08Gdo202.5-FeC0204 dual phase oxygen transport
membranes

Abstract

Dual phase oxygen transport membranes were prepared via solid state reaction at
1200 °C. The sintered membranes were characterized via X-ray diffraction, back
scattered electron microscopy and electron backscatter diffraction, and associated
with image analysis and calculations to quantify phase compositions and
microstructural features including volume fractions, grain sizes, and contiguity. The
characterizations reveal a multi-phase system containing Ce;..Gd.O25 (x = 0.1)
(CGO10), and Fe,Co3,04(0.2 < y < 1.2) (FCO), CoO and Gdo.gsCeo.15Fe0.75C00.2503
(GCFCO) in the sintered membranes. In addition, a novel model is utilized to assess
the evolution of the ambipolar conductivity with respect to microstructural features.
Both experimental and calculated results indicate that if the grain sizes of all phases
in the composites are similar, the optimal ambipolar conductivity is reached with a
volume ratio of ionic conducting phase to electronic conducting phase close to 4:1.

Meanwhile, the GCFCO phase dominates the effective electronic conductivity.

This chapter has been published as: F. Zeng, J. Malzbender, S. Baumann, M. Kriiger, L.
Winnubst, O. Guillon, W.A. Meulenberg, Phase and microstructural characterizations for
Ce0.8Gdo20,-5-FeCo,04 dual phase oxygen transport membranes, Journal of the European
Ceramic Society 40(15) (2020) 5646-5652.
DOI: 10.1016/j.jeurceramsoc.2020.06.035.
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2.1 Introduction

Mixed ionic-electronic conducting (MIEC) membranes provide, due to their almost
100% selectivity with respect to oxygen, high efficiency in terms of pure oxygen
separation [1], oxyfuel coal combustion [2] and petro-chemical processes [3].
Typical perovskite-type single phase MIEC membranes, such as
Bay sSro.5C00.8Fe0203.5 [4] and Lag 6Sr0.4Coo2Feos03.5[5], achieve high oxygen fluxes
but suffer from carbonation or sulfating reaction induced phase instabilities at

elevated temperature on exposure to CO> or SO» [6, 7].

Dual phase oxygen transport membranes become recently the focus of scientific
studies. They consist of separate ionic and electronic conducting phases, and exhibit
good chemical stability under flue gas conditions [8]. Their oxygen permeability can
be optimized by either selecting high performance and stable individual conducting
phases, and/or tailoring microstructural factors like phase volume fraction, grain size,
and spatial distribution of the phases [9-11]. The selection of conducting materials
permits flexibility since plenty of ionic and electronic conducting phases have been

developed and tested regarding their individual performance [12-15].

However, microstructural aspects are more challenging since their influence on
properties are not fully understood. For example, it has been suggested for dual phase
oxygen transport membranes that a minor phase should possess a volume fraction
above 30% to form percolation to obtain high ambipolar conductivity and oxygen
permeability [1]. Besides, the grain size of the minor phase was recommended to be
smaller or equal to that of the matrix phase [9, 11, 16]. However, for dual phase
oxygen transport membrane with a minor phase volume of less than 30%, good
oxygen permeability was also reported, such as for 80 vol% CeosSmo20>.5-20 vol.%
PrBaCo,0s.s with a fiber-shaped electronic conductive skeleton [17], and for 81.5
vol% Ceo.3Gdo202-5-18.5 vol% FeCo0,04 with a multi-phase system consisting of the
Ce1.xGd02.5° (0 < x < 0.2) (CGO) fluorite phase, the Fe,Co3.,04 (0 <y < 2) (FCO)
spinel phase, the CoO rock salt phase, and the GdossCeo.15F€0.75C00.2503 (GCFCO)
perovskite phase [8].
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Based on the realization of the complex but important microstructures of dual phase
oxygen transport membranes, the microstructural characterization, quantification,
and optimization are essential as the initial step, especially for dual phase oxygen
transport membranes that involve phase interactions. Hence, the current work reports
on a detailed characterization and quantification regarding phase constituents and
microstructural features for CeosGdo202.5-FeC0,04 composites. All aspects
including phase constituents, phase volume fraction, grain size, and phase contiguity
are discussed, as well as the relation between these microstructure features and

chemical properties.

2.2 Experimental

Powder mixtures of Ceo8Gdo20:.s(CGO20) (Treibacher Industrie AG, 99 %), Co304
(Merck, 99 %) and Fe,Os3 (Merck, 99 %) (the mole ratio of Co3;04/ Fe,O3 was fixed
at 4:3 to form FeCo0,04 (FC20) spinel) were inserted into a polyethylene bottle with
ethanol and 5 mm diameter zirconia balls, and ball milled on a roller bench for 3
days. The mass ratio of powder-ball-ethanol was set to be 1:2:3. After milling, the
powders were dried at 75 °C for 3 days, then they were uniaxially pressed into disc
shapes with a pressure of 20 MPa and sintered at 1200 °C for 10 h in air to obtain
dense composites [18]. Each sintered composite was ground and polished to a mirror
finish for characterizations of crystal structure and microstructure. The sintered
composites were abbreviated as CF. Finally, five CF composites, abbreviated as
50CF, 60CF, 70CF, 85CF and 90CF, were synthesized via powder mixtures with
weight fractions of CGO20 equal to 50 wt%, 60 wt%, 70 wt%, 85 wt% and 90 wt%,
respectively. It should be noted, that the amount and chemical composition of each
phase in the sintered membranes might be different from the nominal ones in the

starting powder mixtures due to phase interactions.

Crystal structures were determined via X-ray diffraction (XRD) (Empyrean,
Malvern Panalytical Ltd) equipped with a Cu long fine focus tube, Bragg-Brentano'®

mirror, PIXcel3D detector. Crystal structure analysis and associated phase
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quantifications were carried out by Rietveld refinement using the software TOPAS
6 (Bruker AXS GmbH) with crystal structure data from the Inorganic Crystal
Structure Database (ICSD) (FIZ Karlsruhe GmbH) as references. Microstructures
were characterized via backscattered electron images and color-coded phase maps
captured from data obtained by back scattered electron microscopy (BSEM) (Merlin,
Carl Zeiss Microscopy Ltd) and electron backscatter diffraction (EBSD)
(NordlysNano, Oxford Instruments Ltd), respectively. Accordingly, microstructure
aspects including grain sizes, and area fractions of the different phases, were deduced
via image analysis by the HKL Channel 5 software packages. The volume fraction
was regarded to be equal to the area fraction for each phase in a random section
through each composite [19]. The porosity of the sintered membrane was deduced
from the area fraction of pores based on analysis of at least three BSEM pictures via

Imagel software.

The ambipolar conductivity (04;,p) is defined as a function of partial conductivity
of the ionic and electronic conducting phases within the membrane composites [20,
21]:

Op,i " Ope

Oy = 2 TP 2.1)
Oyt O

where o,; and o,. represent the partial ionic and electronic conductivity,

respectively.
The sum of 0y, ; and gy,  equals to the total conductivity (a;) [20]:
O = 0p; + 0pe (2.2)

The ionic transport number (t;) and electronic transport number (t,) are defined by

equation (2.3) and (2.4), respectively [20-23]:

£, =22 (2.3)

(2.4)
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The sum of t; and t, always equals to unity to maintain electroneutrality [24].

A novel model is proposed here to estimate the effect of microstructural
characteristics (e.g. volume fraction and grain size) on ambipolar conductivity. The
microstructure of a randomly distributed dual phase oxygen transport composite can
be disassembled into an equivalent structure containing three portions: effective
ionic conducting portion ([), effective electronic conducting portion (II) and
insulated portion (III), as illustrated by schematic diagrams in Figure 2.1. The
effective ionic/electronic conducting portion is a continuous medium (see Figure
2.1(b)), and assumed to provide the effective ionic/electronic transport paths, and the
insulated portion is not contributive to the conductivity. The volume fraction of the
effective ionic/electronic conducting portion is then defined as effective volume
fraction of ionic/electronic conducting phases. If ionic/electronic conducting phases
in the composites possess pure ionic/electronic conductivity, and there are no
frictional interactions during ionic and electronic diffusion, the partial conductivity
at an equilibrium state under a given temperature and oxygen partial pressure
gradient is predicted to be proportional to the effective volume fraction. And the
proportionality factor is approximated as intrinsic ionic/electronic conductivity of
the ionic/electronic conducting phase in a form of a dense single phase material, as

presented by equation (2.5) and (2.6):

Op,i = 0i* Verp,i (2.5)
Ope = Oc * Verfe (2.6)

where o; and g,are the intrinsic ionic conductivity of the ionic conducting phase and
the intrinsic electronic conductivity of the electronic conducting phase, respectively,
while Verr; and Vesg o are effective volume fraction of the ionic and electronic
conducting phases within the composite, respectively. As can be seen in Figure
2.1(b), the volume of each conducting phase disassembled into continuous and
insulated portions, hence, the cumulated effective volume fraction of the
ionic/electronic conducting phase is practically always less than the total volume

fraction of ionic/electronic conducting phase.
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(b)

‘:’ Tonic conducting phase

. Electronic conducting phase

Figure 2.1 Schematic diagrams represent (a) microstructure of a randomly distributed dual
phase oxygen transport membrane, and (b) equivalently disassembled structure of (a)
(reproduced from [25]). (I, II and III are effective ionic conducting portion, effective
electronic conducting portion and insulated portion assuming that transport can only take

place across edges and not across corners, respectively)

The effective volume fraction defined here is equivalent to the parameter reported as
continuous volume fraction [25], and it was also reported that the continuous volume
fraction of one phase within a dual phase material is equal to the product of the
contiguity and the total volume fraction of this phase [26]. Hence, the effective
volume fractions of ionic and electronic conducting phases are calculated by
equation (2.7) and (2.8), respectively:

Verri = Ci*V; (2.7)
Verre = Ce Ve (2.8)
where V; and V, are the total volume fractions of ionic and electronic phases,

respectively, and C; and C, denote the contiguities of the ionic and electronic phases,

respectively.
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The contiguity of a phase within a dual phase material is expressed as the fraction of
the total interconnected surface area of this phase shared with particles of the same
phase [27], and it is correlated with the total volume fractions and the grain size ratio
of two phases within the dual phase material, as indicated by the following equations
[25, 27]:

Vi'R
Ci=——— 2.9
= TRTTL 29
Ci+C,=1 (2.10)
Vi+V, =1 (2.11)
de
R=— 2.12
a (2.12)

where C, V, d, and R are contiguity, volume fraction, grain size and grain size ratio
of electronic phase to ionic phase, respectively, and subscript i and e represent ionic

and electronic phase, respectively.

Combining relations from equation (2.5)-(2.12), equation (2.1) can be expressed as:

_VZ'R-g;-(1-V)? 0, 1
Tamb =y R g+ (1-V)2-0, 1+ (R—1)-V;

(2.13)

Equation (13) provides estimations of effects of microstructural and intrinsic
properties on ambipolar conductivity. In case the R value equals 1, equation (2.13)
simplifies to:

Gy = V7 o+ (1-V)?* o,
b T2 g+ (1=-V)? o,

(2.14)

With known o; and a,, the influence of the volume ratio on ambipolar conductivity

can be assessed by equation (2.14) for dual phase composite membranes.
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2.3 Results and discussion

2.3.1 Microstructure characterization

The microstructures of CF composites were investigated via BSEM and EBSD. An
example for S50CF is presented in Figure 2.2, which demonstrates the coexistence of
CGO fluorite, FCO spinel, GdFeOs-type perovskite, and CoO rock salt phase. The
formula of GdFeOs-type perovskite has been reported to be Gdo ssCeo.15Fe0.75C00.2503
(GCFCO) [8, 28]. FCO possesses a rather uneven grain size, being coarsely
distributed among CGO. Each sample has a density that exceeds 99 % (Table A2.1).

% : o b : S W % ' o
Figure 2.2 Microstructure investigation via BSEM (left) and EBSD phase mapping (right) on
SOCF. (the yellow, red, blue and green phase are CGO, GCFCO, FCO and CoO, respectively)

The volume fraction of each phase was obtained from EBSD phase mapping results,
which can be seen in Table 2.1. As expected, the volume fraction of CGO in the
sintered composites increases with the increasing weight ratio of CGO20 to FC20
in the starting powder mixture. Besides, a relatively considerable amount of GCFCO
perovskite is characterized, and the maximum GCFCO perovskite content exists for
85CF. All composites except 90CF possess a high-temperature stable CoO phase,
which remains at room temperature as a result of uncompleted oxidization [18]. In
addition, normalized volume fractions of ionic and electronic conducting phases are

also calculated, regarding CGO as ionic conducting phase and FCO, CoO and
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GCFCO phase as electronic conducting phases, since FCO, CoO and GCFCO phase

are electronic conductive phases with negligible ionic conductivity [29].

Table 2.1 Volume fractions of the different phases in the CF composites sintered at

1200 °C.

CGO as Electronic conducting phase
. ionic
Composti Corpl)(llll:s:temg FCO (vol%) ((}VC:I;()) CoO (vol%)  Sum (vol%)
(vol%)
50CF 40.4 43.0 5.4 11.2 59.6
60CF 52.3 322 7.3 8.2 47.7
70CF 66.2 21.0 83 4.5 33.8
85CF 80.1 9.0 10.0 0.9 19.9
90CF 93.6 34 3.0 0 6.4

Grain sizes were also deduced from the EBSD measurements and results are
presented in Table A2.2. The grain sizes of CGO and GCFCO are ~ 0.6 um and ~
0.5 pum, respectively. They are almost the same and rather similar among all
composites, while grain sizes of the FCO and CoO phases decrease slightly with

increasing CGO content and possess large standard deviations.

Since the limited number of characterized FCO and CoO grains might induce large
inaccuracy in the grain size calculations (Table A2.2), an image analysis based
method was conducted via ImageJ software for comparison, but average grain sizes
of FCO and CoO grains were merged into one value in the calculation as FCO and
CoO can hardly be separated via thresholding in backscattered electron images.
Based on the rather good detection of a large number of black FCO and CoO grains
(see Figure A2.1), the obtained average grain sizes of FCO and CoO, as shown in
Table 2.2, are slightly larger than the ones measured via EBSD, meanwhile, they
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show a bimodal distribution profile with a second peak at a large grain size of ~ 3
um (Figure A2.2), which leads to large uncertainties in the determination of the
average grain sizes. The calculated average R values of the CF composites, as given

in Table 2.3, vary between 1 and 2 with rather large deviations (~ 90 %).

Table 2.2 Average grain size of FCO and CoO as obtained via an image analysis method.

Parameter Average grain size
Number of grains g( Ign)
Composite 3
50CF 2525 1.2+09
60CF 2539 1.0£0.8
70CF 2276 09+0.6
85CF 1106 0.8+0.6
90CF 709 0.8£0.6

Table 2.3 Calculated average R values for the CF composites.

Composite Average R
50CF 1.7£1.5
60CF 1.3+1.2
70CF 1.3+1.1
85CF 1.2£1.0
90CF 1.1£1.0

According to the characterized volume fractions and average grain sizes, contiguities
of ionic and electronic conducting phases were calculated using equations (2.9)-

(2.12). The contiguity of electronic conducting phases is lower than that of ionic
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conducting phase, and monotonously decreases with increasing volume fraction of
ionic conducting phase, as shown in Figure 2.3, but the reduced R contributes slightly
to an improvement of the contiguity of the electronic conducting phases. For a phase
within a dual phase composite, higher contiguity and higher volume fraction
indicates a larger continuous volume and less tendency of insulation (as can be seen
by equation (2.7) and (2.8)), and hence a better percolation and will further improve

the conductivity.

Volume fraction of electronic conducding phase (%)
60 50 40 30 20 10

LO y T

0.8

g
=N

Contiguity

<
~

0.2

0.0 L . 1 . 1 . 1 . 1 . 1
40 50 60 70 80 90

Volume fraction of ionic conducting phase (%)

Figure 2.3 Contiguities of ionic and electronic conducting phases in the CF composites with
solid lines as actual value and dotted lines corresponding to simulated value with associated

R shown for each line.

2.3.2 Phase characterization

The phase constituents of CF composites were investigated via XRD. The XRD
patterns (Figure A2.3) reveal a multi-phase system that is similar to the one
investigated by EBSD (see Figure 2.2). For S0CF, 60CF and 70CF, four phases are
identified: Gd-doped ceria fluorite (CGO), cobalt iron spinel (FCO), GCFCO
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perovskite and CoO rock salt. But for 85CF, CoO can be hardly found and quantified
by XRD due to its limited amount as revealed in Table 2.1. And for 90CF, it seems
that diffraction patterns of CoO instead of FCO can be fitted. However, according to
the volume fractions obtained from EBSD investigations (see Table 2.1), CoO does
not appear in 90CF. Hence, diffraction patterns of FCO are fitted for 90CF to derive
weight fractions. It is not possible to match any kind of cobalt iron spinel in the [CSD,
which confirms the coexistence of FCO spinels with variations of the cobalt to iron
ratio. The lattice parameters of CGO and GCFCO are almost identical among the
composites (Table A2.3), which indicates a similar composition in the respective

phase in each composite.

The weight fraction of each phase was deduced from the XRD data. As shown in
Table 2.4, the characterized CGO content in each sintered composite is lower than
the nominal CGO20 content in the respective starting powder mixture due to phase
interactions between CGO20 and FC20. The tendency regarding the weight fraction
of each phase as a function of nominal CGO20 content in the starting powder is

identical in terms of the volume fraction as shown in Table 2.1.

Table 2.4 Weight fractions of the different phases in the CF composites sintered at 1200 °C.

Nomn}gl Composition after sintering at 1200 °C
composition
Composite
CGO20 FC20 CGO FCO GCFCO CoO
(Wt%)  (wt%) (Wt%)  (wWt%) (Wt%) (Wt%)
50CF 50 50 40.2 41.9 8.5 9.4
60CF 60 40 47.7 34.8 10.7 6.8
70CF 70 30 59.0 25.2 10.9 4.9
85CF 85 15 70.9 14.5 14.6 0

90CF 90 10 83.5 4.2 12.3 0
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The formation of the GCFCO perovskite consumes Gd from CGO20 as well as Fe
and Co from FC20. The phase reaction is presented in equation (2.15).

Since the ionic conductivity of Gd-doped cerium oxide depends on the Gd content
[30, 31], and the electronic conductivity of cobalt iron oxide is a result of the ratio
of Fe to Co [32], it is necessary to determine the stoichiometry of Gd, i.e, x, in the
Gd-doped cerium oxide and the one of Fe, i.e. y, in the cobalt iron spinel formed in
the sintered composites. Hence, x and y were calculated by equation (2.16) & (2.17)
and (2.18) & (2.19), respectively. The parameters a and b were known inputs, and
the f and g were deduced from the characterized weight fraction from the XRD
patterns (Table 2.4).

a Ceo_ng0_202_5 + b C0304_ + 075 ) b F6203 +c 02 = d Cel_deXOZ_é" +

e Fe,Coz_,04 + f GdygsCey15Feg75C00 2503 + g CoO +h 0, (2.15)
08-a=(1-x)'d+0.15-f (2.16)
02-a=d-x+085-f (2.17)
3+b=e-(3—y)+025-g (2.18)
1.5-b=e-y+075-f (2.19)

where a, b, d, e, f, g are stoichiometric coefficients of CeosGdo202.5 (CGO20),
CO304, Fezoz., Ce1.Gd.Os.5 (CGO), FeyC03-yO4 (FCO), Gdo.35Ceo.15Fe0.75C00.2503
(GCFCO) and CoO phases, respectively. The parameters ¢ and h are stoichiometric

coefficients of O,. The subscripts dand ¢’ refer to the oxygen non-stoichiometry.

The calculated results are presented in Table 2.5. The average CGO in the CF
composites can be characterized as Ceo9Gdo.1O0,- 50 (CGO10) since the average
stoichiometry of Gd in CGO is close to 0.1 and almost independent of CGO content
in the CF composites. The stoichiometry of Fe in FCO, however, varies between ~
0.2-1.2. It should be noted, that there is a small amount of CoO in 85CF, which is
not capable to be quantified by XRD, but it induces limited errors in the derived y
value of 85CF. Thus, it can be concluded that the formation of the GCFCO phase
consumes maximally about 50 % of the Gd in CGO20 with sufficient stoichiometry
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of Fe. But it should be pointed out that among different grains the stoichiometry

might locally deviate from the average value.

Table 2.5 Calculated average in x Ce;.«Gd O2.s' (CGO) and y in Fe,Co3,04 (FCO).

Composite x y
50CF 0.12 1.18
60CF 0.11 1.10
70CF 0.12 1.04
85CF 0.12 0.47
90CF 0.13 0.24

2.3.3 Effect of microstructure parameters on ambipolar conductivity

The oxygen permeation through the membrane is controlled by both oxygen surface
exchange and ambipolar bulk diffusion of oxygen ions and electrons [1]. When the
surface exchange is rather fast compared to the bulk diffusion, the ambipolar
conductivity is dominating [1], and this ambipolar conductivity can then be predicted
by equations (2.13) or (2.14) with consideration of the influence from microstructure

aspects, such as volume fraction, grain size and contiguity.

Since the studied composites contained two main electronic conducting phases, i.e.
GCFCO and Fe,Co3,04 (0.2 < y < 1.2), but only one ionic conducting phase, i.e.
CGO (can be estimated as CGO10), calculations of the ambipolar conductivity via
equation (2.14) were performed for three assumed dual phase composites with an R
value equals to 1. One of the assumed composites consists of CGO10 and GCFCO,
abbreviated as CGO10&GCFCO, the other one contains CGO10 and FeCo0,0s4,
named as CGO10&FC20, and the last one composes of CGO10 and Co304, denoted
as CGO10&Co304. The ambipolar conductivities of the CF composites are expected
to be higher than that of CGO10&GCFCO but lower than that of CGO10&FC20
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and CGO10&Co0304. CoO is not considered here because CoO is only stable at a
temperature above 950 °C [33], below which CoO tends to be gradually oxidized

into spinel with time.

The O, permeation conditions for the calculations of ambipolar conductivities were
set to be at a temperature of 800 °C, and the atmospheres of two sides of the
membrane were selected to be air and Ar, respectively. Necessary inputs for equation
(2.14) include the volume fractions and intrinsic conductivities of ionic and
electronic conducting phases under the selected calculation conditions. Although
FCO segregation and reduction were investigated at the surfaces of the CF materials
in the temperature range of ~ 700-1000 °C with an air/Ar gradient, phase structures
and compositions in the bulk of the CF materials are rather stable [8]. Hence, the
volume fractions of ionic/electronic conducting phases under the selected O»
permeation conditions are considered as approximately the same as the investigated
ones at room temperature. Meanwhile, the electronic conductivity of GCFCO and
FCO for the calculation of ambipolar conductivity is estimated to be the same as the
one in air at 800 °C, as listed in Table 2.6. Since the stoichiometry of Fe in FCO
varies between 0.2 and 1.2 (see Table 2.5), the lower and upper bound for electronic
conductivity of FCO are assumed to be equal to the electronic conductivity of Co3O4
and FC2O0, respectively. Besides, although CGO10 exhibits electronic conductivity
in addition to ionic conductivity under low oxygen partial pressure [34], it was
reported for CGO10 that in Ar atmosphere (~ 10~ atm) and at a temperature of
800 °C, the total conductivity is almost equal to the ionic conductivity [30]. In the
O permeation test, Ar is used as a sweep gas, which is continuously enriched in
oxygen and, thus, the low oxygen partial pressure is fairly above 10~ atm, which
indicates that the experimental conditions can hardly be sufficient to reduce Ce*" to
Ce*" and, hence does not significantly induce small polarons in CGO10. Therefore,
for the calculation of ambipolar conductivity, CGO10 is regarded as a pure ionic
conducting phase with an ionic conductivity estimated to be the same as the one

measured in air at 800 °C as shown in Table 2.6.
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Table 2.6 Ionic and electronic conductivity of the different phases at 800 °C in air.

Conductivity (S/cm)
Phase Reference
O; O¢

Ce0.9Gdo.102- 5 0.075 - [30,31]

Gdo.ssCeo.15Fe0.75C00.2503 - 2.56 [8]
lower bound: i 6.7 36, 37]

FeyC03,yO4 Co304
(02<y<12)  upper bound:
FeCoy0s - 19.8 [8]

Accordingly, the ambipolar conductivity was calculated as a function of volume
fraction of ionic/electronic conducting phase as presented in Figure 2.4. Meanwhile,
the experimental ambipolar conductivities of 60CF, 85CF, and 90CF were also
shown in Figure 2.4. These experimental values were deduced via equation (2.20)
based on oxygen permeation results at 800 °C that have been reported for the CF
composites with a verified R value close to 1 [8, 29, 35]:

16-L-F2j,, 0o

Camy = — /lnpggveed (2.20)

where jo, is the oxygen flux, L the thickness of the membrane, T the temperature,

feed ep

R’ the gas constant, F the Faraday constant, and the pg, © and pg:'e are the

oxygen partial pressures at the feed and sweep side, respectively.

The calculated curves (see Figure 2.4) indicate that the maximum o, improves
when CGO10 partners with an electronic conducting phase with higher electronic
conductivity, meanwhile more CGO10 content is necessary to achieve the maximum
Ogmp - The maximum 0,4y, for CGO10&GCFCO, CGO10&Co304, and
CGO10&FC20 appears when CGO10 is ~ 76 vol%, ~ 82 vol%, and ~ 87 vol%,
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respectively. The composite with ~ 87 vol% CGO10 and ~ 13 vol% FC2O0 possesses

the highest 0,,,;, among the ones calculated for all composites.

Volume fraction of electronic conducting phase (%)
100 90 80 70 60 50 40 30 20 10 0

0.048 F T |. T T T T T T T
B Experimental data
CGO10&FC20
0.040 | CGO10&Co,0,
—— CGO10&GCFCO
85CKH
0.032 -
F]
L 90CE
a
7 0.024 -
§
o)
0.016 Fé_6‘OCF
0.008
0.000 1 1 1 1 1 1 1 1
0 10 20 30 40 50 60 70 80 90 100

Volume fraction of ionic conducting phase (%)
Figure 2.4 Ambipolar conductivity as a function of volume fraction of ionic/electronic

conducting phase when R = 1.

In contrast to calculation results, the experimental o,,,;, of the CF composites,
except 60CF, are located between the calculated a,,,;, of CGO10&GCFCO and
CGO10&FC20. The experimental o4, of 90CF is located slightly above the
calculated g, 0of CGO10&C0304, it could be owing to the fact that the FCO spinel
in 90CF possesses a small amount of Fe (see Table 2.5), and exhibits a higher
electronic conductivity than that of Co03Os [32]. Furthermore, the highest
experimental 0, of the CF composites is lower than the calculated ones of
CGO10&Co0304and CGO10&FC20, but rather close to the one of CGO10&GCFCO.
This infers that GCFCO is dominating the effective electronic conductivity in the CF
composites with the highest o), i.e. 85CF, among all the electronic conducting

phases. However, according to the study on 60 vol% CeosGdo20:-540 vol%
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Fe,CoO4 composite [38], the newly formed perovskites are completely isolated.
With similar phase constituents, 85CF is expected to form also a poorly connected
GCFCO. Therefore, the effective electronic conductivity of 85CF relies on the
electronic conductive network formed by GCFCO and FCO, and is determined by
the component with the lowest electronic conductivity, i.e. GCFCO [29].

For 85CF with an R value larger than 1 as shown in this study, the g,,,;, was
determined to be ~ 0.021 S/cm at 800 °C as derived via equation (2.20) on the basis
of reported oxygen permeation results [18]. It is much lower than the o,,,,; of 85CF
with R being close to 1, since the larger FCO grains cannot bridge the GCFCO grains
as good as the small FCO grains can do this. Therefore, future improvement of the

performance will rely on the reduction of the grain size of FCO.

2.4 Conclusions

Phase and microstructure characterizations were carried out for the CF composites
prepared via solid state reaction. It reveals the formations of Ce.«Gd,O,.5 (x = 0.1),
Fe,Co3,04 (0.2 < y < 1.2), CoO and a newly formed perovskite phase -
GdossCeo.15Fe0.75C00.2503. Meanwhile, the grain size ratio of electronic conducting
phases (i.e. FCO, CoO and GCFCO) to ionic conducting phase (i.e. CGO10) is
between 1 and 2 with a large standard deviation, since grain sizes of FCO and CoO

are rather large and uneven.

New equations are proposed to assess the evolution of ambipolar conductivity as a
function of the volume fractions and grain size ratio of the two phases. When R is
close to 1, the measured o, of 85CF and 90CF are located between the calculated
ones of CGO10&FC20 and CGO10&GCFCO. Furthermore, the measured highest
ambipolar conductivity for the CF composites is achieved for 85CF with ~ 80 vol%
CGO10, it is much close to the calculated one for CGO10&GCFCO with ~ 76 vol%
CGO10; Thus, the GCFCO dominates the effective electronic conductivity in the
electronic conductive network formed by FCO and GCFCO in the bulk of 85CF in
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the oxygen permeation process. Furthermore, small FCO grains contribute to

bridging the GCFCO gains and improving the ambipolar conductivity.

Overall, the new material combination provides the basis of a viable high-
performance oxygen-separation membrane at least for applications with oxidizing
atmospheres, such as oxy-combustion processes. Although the stability of the spinel
phase is rather limited in low oxygen partial pressure, e.g. membrane reactors, this
phase is partly transformed into the chemically more stable perovskite during
sintering. Therefore, the solid state reactive sintering approach paves the way to
further material development covering a wide range of applications. Nevertheless,
specific stability testing in targeted application conditions is mandatory for any kind
of material because long term stability is key to success for proving novel

technologies such as membrane reactors.
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Appendix A2

Table A2.1 Porosities of the CF composites via image analysis.

Composites Porosity (%)
S50CF 05+0.2
60CF 09+0.2
70CF 0903
85CF 04+02
90CF 03+£0.2

Table A2.2 Grain sizes of the CF composites via EBSD.

Quantification Grain numbers Grain size (um)

Composites CGO FCO GCFCO CoO CGO FCO GCFCO CoO
50CF 3348 1051 584 257 06+02 09+08 05+02 1.0+0.7
60CF 3656 791 769 220 07+02 09+08 05+02 1.0+0.6
70CF 2639 423 638 106 06+03 07407 04+02 0705
85CF 4025 342 763 48 06+02 05+04 05+02 0503
90CF 4534 112 286 - 06+03 06105 04+0.1 -
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Table A2.3 Lattice parameters of respective phases in the CF composites.

Phase

CGO fluorite GCFCO perovskite
Compositions a(A) a(A) b(A) c(A)
50CF 5.42 5.34 5.62 7.66
60CF 5.42 5.34 5.62 7.66
70CF 5.42 5.34 5.61 7.66
85CF 5.42 5.34 5.61 7.65
90CF 5.42 5.34 5.62 7.64

Figure A2.1 Detection of (b) FCO and CoO from (a) SEM of 85CF.
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Figure A2.2 Grain size distributions of FCO and CoO.
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Figure A2.3 XRD patterns of the CF composites after sintering at 1200 °C (non-overlapped

peaks highlighted as orange, yellow, green and grey can be matched as CGO fluorite, FCO

spinel, GCFCO perovskite and CoO rock salt, respectively).
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CHAPTER 3

Mechanical reliability of CeosGdo.202-.5-FeC0204 dual phase
membranes synthesized by one-step solid-state reaction

Abstract

Ce03Gdo20,-5-FeC0204 composites are attractive candidate materials for high-purity
oxygen generation providing robust chemical stability. Aiming for future industrial
applications, a feasible solid-state reaction process with one thermal processing step
was used to synthesize 50 wt% CeosGdo20245-50 wt% FeCo204 and 85 wt%
Ce0.8Gd202.5-15 wt% FeCo0,04 composites. Mechanical reliabilities of the sintered
membranes were assessed based on the characterized mechanical properties and
subcritical crack growth behaviour. In general, the fracture strengths of as-sintered
membranes were reduced by tensile residual stresses and microcracks. In particular,
the enhanced subcritical crack growth behaviour, which leads to limited stress
tolerance and high failure probability after a 10-years operation, was evaluated in
more detail. Further materials and processing improvements are needed to eliminate
the tensile stress and microcracks to warrant a long-term reliable operation of the

composites.

This chapter has been published as: F. Zeng, J. Malzbender, S. Baumann, W. Zhou, M.
Ziegner, A. Nijmeijer, O. Guillon, R. Schwaiger, W.A. Meulenberg, Mechanical reliability of
Ce0.8Gdo20,-5-FeCo,04 dual phase membranes synthesized by one-step solid-state reaction,
Journal of the American Ceramic Society (2020).

DOI: 10.1111/jace.17583.
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3.1 Introduction

Environmentally friendly and efficient processes for energy generation and
conversion are of great importance [1]. Among the solutions for CO, capture
technologies to reduce greenhouse gas emissions, ceramic oxygen transport
membranes represent key components [2], due to their almost 100 % selectivity to
oxygen [3]. Moreover, oxygen transport membranes have the capability to improve
the efficiency of other industrial processes, such as production of pure oxygen [4-6],

petro-chemical processes [7-11], and oxy-combustion [12-14].

Ceramic perovskites, such as BagsSrosCoosFeo203.5[15], and LagsSro4Coo2FeosOs.
s [16], are the most popular material candidates due to their high oxygen permeation
fluxes. But practical applications of these single phase perovskite membranes are
limited due to their degradation in atmospheres containing CO, and SO, [17-24].
Such a stability limitation can be overcome by the development of dual phase
membrane materials, which consist of two separate phases responsible for ionic and

electronic conduction, respectively [25-33].

Ce1xGdiO2.5 (x=0.1 or 0.2) is often used as the ion-conducting phase because of its
high ionic conductivity (~ 0.075-0.1 S:cm™) [34-37] and chemical stability [25-27,
29, 31, 33, 37-41]. The high ionic conductivity of Ce..GdO2.5 (x = 0.1 or 0.2) has
been attributed to oxygen vacancies created by the substitution of Ce in CeO, by Gd
according to [42]:

ce0,
Gdy05 — 2Gd}, + 305 + Vy (3.1)

where subscripts Ce and O represents the Ce and O site within the CGO lattice,
respectively. And superscripts X, ', and - denote an electroneutral state, one
negative effective charge, and two positive effective charges, respectively. The
introduction of oxygen vacancies expands the lattice, which is known as chemical

expansion [43].
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A suitable electron-conducting phase for Ce;.«GdO2.5 (x = 0.1 or 0.2)-based dual
phase membranes should have a comparable conductivity to achieve high ambipolar
conductivity [3], and similar thermal expansion coefficients to avoid formation of
large residual stress and microcracks [39]. In addition to excellent electronic
conductivities (~ 0.85-19 S-cm™) that are adjustable by Fe content [25, 37, 44, 45],
Fe,Co3..04 (0 < x < 3) spinels have appropriate thermal expansion coefficients that
are close to the thermal expansion coefficient of Ce;.,Gd.O25 (x = 0.1 or 0.2) (~ 12
x 10 k') [44, 46, 47]. Furthermore, Fe,Co3..04 (0 < x < 3) spinels can serve as
sintering agents for Cei..Gd\O.s (x = 0.1 or 0.2) to reduce the sintering temperature

and increase the density of the material [36, 47].

Ce03Gdo20,-5-FeC0204 composites synthesized by a Pechini process, as typical
examples, were revealed to possess a crack-free microstructure with high density (~
97 %) after sintering at 1200 °C [48]. The optimal nominal composition with the
highest oxygen permeation flux and best chemical stability against CO, and SO; was

reported to be 85 wt% Cey.8Gdo202-5-15 wt% FeCo204 [25].

Aiming toward future scaling-up of dual phase membranes for industrial applications,
mechanical behaviour and robustness, in addition to chemical performance and
stability, are of critical importance to warrant long-term safe operation [7, 20]. Only
a limited number of reports focused on the mechanical properties of dual phase
membranes [49-53], reporting values for, e.g. elastic modulus, hardness, fracture
strength and fracture toughness. The subcritical crack growth behaviour of dual
phase membranes, though, has not yet been studied. In fact, long-term mechanical
reliability of ceramic materials only allows limited subcritical crack growth [54-57],
since a fast degradation of fracture strength with increasing service time can be
expected for ceramics that are susceptible to subcritical crack growth [55]. Such
dependence of strength on service time can be predicted utilizing a lifetime assessing
model based on failure probability analysis, i.e. Weibull analysis, and parameterized

subcritical crack growth behaviour [58].
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In this work, we are comparing the mechanical reliability of CeosGdo202.5-FeCo204
composites with two different compositions. One composite is 85 wt% Ceo sGdo 0.
5-15 wt% FeCo,04, which has great potential due to its excellent chemical stability
and good oxygen permeance [25]. For comparison, a fairly different composite 50
wt% Ceo.3Gdo202-5-50 wt% FeCo0,04 was prepared to reveal the potential effect of
the compositional differences. Mechanical properties, including elastic modulus,
hardness, fracture toughness and fracture strength, were assessed at room
temperature, and their relationships with the phase structure, residual stress and the
microstructural characteristics are discussed. The subcritical crack growth behaviour,
failure probability and lifetime under static stress are analyzed based on fracture

stress data obtained by ring-on-ring tests at different loading rates.

3.2 Experimental

A solid-state reaction process with one-step thermal processing, as a very promising
technique for scaling-up manufacturing process [13], was utilized to synthesize
Ce0.8Gdo.20,.5-FeC0,04 composites. Ceo.sGdo.O1.9 (Treibacher Industrie AG, 99 %)
(CGO), Co304 (Alfa Aesar, 99.7 %) and Fe,Os (Sigma-Aldrich, 99 %) powders (the
Co/Fe mole ratio fixed at a value of two to obtain a nominal FeCo0,04) were mixed
in a plastic bottle, and ball milled with ethanol and 5 mm (diameter) zirconia balls
for 3 days. The weight ratio of powder-ball-ethanol was set to be 1:2:3. The milled
powder mixtures were then dried and pressed into pellets using a pressure of 50 MPa.
The pellets were sintered in air at 1200 °C for 10 h. A slow cooling rate of 0.5 K/min
was applied for the cooling step from 900 °C and 800 °C to facilitate the oxidization
of CoO rock salt phase [59]. The heating/cooling rate for other temperature range
was 3 K/min. Two composites were sintered, and they will be referred to as SOCF
and 85CF corresponding to weight ratios of CeosGdo.202.5 to FeCo204 being equal to
50:50 and 85:15 in the starting powder mixtures, respectively.

To reveal possible variations of phase structure, microstructure and associated

mechanical properties across the sintered pellets, we investigated the as-sintered
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surface, the sub-surface, as well as the bulk material. The sub-surface and the bulk
material were exposed using two different surface preparation procedures. The as-
sintered surface without any surface preparation serves as a reference and will be
referred to as “surface”. The first polishing procedure included five polishing steps
on the as-sintered pellet surfaces to obtain a mirror-finished surface exposing the
sub-surface material. Particle sizes of the diamond pastes used during polishing were
reduced in every polishing step from 15 um to 6 um, then to 3 um, and finally to 1
pm. The final step was conducted using 50 nm colloidal silica suspension. The
polishing time for each step was ~ 1 h to remove the defects and scratches from the
preceding step. A thickness of approximately 30 um was removed after finishing the

five polishing steps, hence, the obtained surface will be referred to as “sub-surface”.

The second procedure included additional grinding steps before polishing to reveal
the bulk material. The surfaces of the as-sintered pellets were first ground using
Si0;-sandpaper with grit sizes ascending from 400 to 1200, and then polished with
the same steps as the ones used for the first procedure. Potential residual stress
induced by grinding was removed by the fine polishing steps [60]. These combined
grinding and polishing steps removed a thickness of approximately 0.3 mm. The
obtained surfaces are expected to represent the bulk of the material and will be

referred to as “bulk”.

The crystal structure at the surface and in the bulk of the sintered composites was
characterized by X-ray diffraction (XRD) (Empyrean, Malvern Panalytical Ltd). The
instrument was equipped with a Cu long fine focus tube (40 kV / 40 mA), Bragg-
Brentano™ mirror (divergence = 0.4°), and PIXcel3D detector (1D-mode, active
length = 3.35°, 255 channels).

The residual stress (o,) of the surface and the sub-surface of the sintered composites
were determined by XRD based on the sin? 1) method assuming an equibiaxial stress
state [61]. Such a method is most appropriate for cubic phases with isotropic elastic

constants [61]. Hence, the residual stresses were only determined for CGO and FCO
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phases. Lattice spacing (d) of crystal planes (311) of CGO, crystal plane (440) of
FCO and crystal plane (220) of CoO were derived based on the diffraction peaks
obtained at different angles (). The diffraction peaks at high 26 positions (> 85°)
were recorded to enable sufficient intensity for analysis using a Philips MRD Pro
diffractometer with Cr-K, (35 kV /50 mA) radiation. For a homogeneous stress state,
the lattice spacing is approximately linearly proportional to sin?. The residual
stress (o0,-) was calculated by [61]:

E 1 0dy
TV d—% d sin2

(3.2)

where E and v are elastic modulus and Poisson's ratio, and dy,, is the lattice spacing
in a stress-free sample; dy, is the lattice spacing at an angle 1. The E values for CGO,
FCO and CoO were 229 GPa, 209 GPa and 193 MPa, respectively [53]. The v was

assumed to be 0.3, which is a typical value for ceramics [62].

Microstructures of surface, sub-surface and bulk of the sintered composites were
investigated by scanning electron microscopy (SEM) (Merlin, Carl Zeiss
Microscopy, Oberkochen, Germany) and back scattered electron microscopy
(BSEM) (Merlin, Carl Zeiss Microscopy, Oberkochen, Germany). The porosity was

estimated as the area fraction of the pores.

Fracture stresses and associated average fracture strengths of the as-sintered
composites were determined from data obtained by ring-on-ring tests operated with
an electromechanical testing machine (Instron 1362, Lebow Ltd) following the
general procedure outlined in ASTM C1499-05 [63]. Loading rings and support
rings with diameters of 3.43 and 9.99 mm, respectively, were used. The pellet surface
in contact with the support ring was the tensile surface during loading. Four different
stress rates, i.e. 20 MPa/s, 2 MPa/s, 0.2 MPa/s, and 0.02 MPa/s were applied for each
as-sintered composite. Due to the limited number of specimens, only five S0CF
pellets were tested at each loading condition. Ten 85CF pellets were tested at a

loading rate of 20 MPa/s, while only five 85CF pellets were tested at each of the
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other loading rates. The individual fracture stress (g7) and elastic modulus (£) were

derived by equation (3.3) [63] and equation (3.4) [56], respectively.

N PO ik WS O (33)
% = on -2 v 212 v nrl '
21 - Af - t3 T o 2 \1+v 2 T '

where F is the fracture force, AF and Af are load and displacement interval of the
linear part (from F to 50 % F) in a load-displacement curve, respectively. r is the
radius, t is the thickness, subscripts s, I, and p denote the support ring, loading ring,
and the tested pellet, respectively. The elastic modulus was determined from ring-
on-ring tests at the highest loading rate, i.e. 20 MPa/s, since the load-displacement
curve at low loading rate might be nonlinear due to potential subcritical crack growth
(SCQ).

Five ground and polished 50CF pellets were also tested, respectively, by ring-on-
ring tests to determine the elastic modulus and fracture stress of the bulk materials

at a loading rate of 20 MPa/s.

The effect of loading rate on strength was described by the parameterized subcritical
crack growth (SCG) behaviour, which was assessed by [64]:

1
loga, = nr 1 logd + logD (3.5)

where d, n, and D are loading rate, SCG exponent, and SCG constant, respectively.
0y is the characteristic strength, and defined as fracture stress with a failure
probability (Pr) of ~ 63 %. The SCG exponent and constant were derived by linear

regression method based on equation A3.1-A3.6.

The relation of o, and Py was described by a two-parameter Weibull distribution
[65]:

Pr=1—exp [— (Z—fo)m] (3.6)
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where m is the Weibull modulus. m and g, were derived with the corresponding 90 %

confidence intervals by linear regression method based on equation A3.7&A3.8.

To predict a lifetime under a static load, the o, measured under dynamic load was
firstly converted to equivalent stress (o) that causes failure in 1 s with a probability

of ~ 63.2% under static load by [58]:

1

015 = 0p* (%)n (3.7)

The characteristic strengths at different lifetimes were correlated according to the
relationship [58]:

[ 01)”

—=— 3.8
tl (O'Z ( )

where o0;(i = 1,2) denotes the characteristic strength for a lifetime t; (i = 1,2).

Thus, the characteristic strength (g;) at a given lifetime (t) was derived by combing
equation (3.7) and (3.8):

1
Oy = 0g (ﬁ)n (3.9
In the case that n has an infinite value, the corresponding g; was estimated to be

equal to gy.

For deriving uncertainties of g;, equation (3.9) was plotted as a 3D surface with n
and oy as independent variables and o; as a dependent variable using OriginPro
software [66]. The n value changed between the lower and upper uncertainty limits.
And o, varied within 90 % confidence interval. Thereby, the maximum and
minimum o, value were obtained from the plotted 3D surface, and defined as the

upper and lower uncertainty limits of g, respectively.

A strength-probability-time (SPT) diagram was constructed to express the
relationship between stress, failure probability and lifetime [54-56, 58]. Since low

Weibull modulus and low characteristic strength indicate high failure probabilities
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at low stresses, the lower uncertainty limit of an SPT line at a given lifetime (t) was
obtained using the lower confidence bound of Weibull modulus (m) and the lower
uncertainty limit of characteristic strength ( g; ). Correspondingly, the upper
uncertainty limit of an SPT line at a given lifetime (t) was derived by using the upper
confidence bound of Weibull modulus and the upper uncertainty limit of
characteristic strength (o;). Therefore, the uncertainty of each SCG was derived with

the consideration of uncertainties of n and 90 % confidence intervals of m and gy,.

To clarify fracture modes and fracture origins, the fracture surfaces were investigated
by BSEM. The size of flaws as the likely or apparent fracture origins were measured,
and compared with the estimated critical flaw size that leads to failure using [67]:

Kic

\/_zY-a

(3.10)

where C, K;¢, Y, and ¢ are fracture origin size, fracture toughness, stress intensity
factor, and stress at the fracture origin, respectively. For a surface flaw as a fracture
origin, the C is equal to the depth of the flaw [68]. The Y value is approximately
1.12+/m for a half-penny shaped crack [57, 69]. The ¢ is practically identical to the
fracture stress of the sample that only experiences the external stress applied during

the strength measurement.

The fracture toughness (K;-) and hardness (H) were determined for the polished
pellet using the conventional Vickers indentation method [70]. Detailed
experimental procedures and equations for derivations of K;- and H can be found in

our previous publication [71].

3.3 Results and discussion

3.3.1 Phase constituents and microstructure

EBSD measurements were only carried out at the bulk to verify the phase

constituents of the sintered composites, since the as-sintered surfaces do not yield
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reliable results due to their uneven topography. As illustrated in Figure 3.1, four
phases are revealed: CGO fluorite, FCO spinel, CoO rock salt, and GdFeOs-type
perovskite. The composition of GdFeOs-type perovskite was reported as
Gdos5sCeo.15F€0.75C002503 (GCFCO) [48, 72]. However, the CoO rock salt phase,
being a result of uncomplete oxidization [72], is only observed in the 50CF

composite.

and CoO appear as yellow, red, blue, and green, respectively. In both (a) and (b), the pores

can clearly be distinguished as black spots. The dark lines represent the grain or phase

boundaries.

The porosity of each sintered composite is less than 1 % (see Figure 3.2, Figure 3.3
and Figure A3.1). No obvious microcracks are found in the bulk of both composites
(see Figure A3.1), while a considerable amount of long microcracks (~ 10-30 pm)
exists at the surface of S0CF (see Figure 3.2(a,b)). Such long microcracks were not
found at the surface of 85CF (see Figure 3.2(¢)). The sub-surfaces of S0CF and 85CF
exhibit traces of relatively short microcracks (~ 4 um), as verified in Figure 3.3. The
sub-surface microcracks in S0CF might be linked to surface microcracks or even be
an extension of surface microcracks. Overall the mechanism leading to the
microcracks is unclear. A possible cause of the microcracks can be internal stress
generated by the potential difference in chemical expansion of some localized CGO

grains or the difference in the thermal expansion coefficients of different phases.
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Nevertheless, these observations indicate that microcracks exist in a shallow sub-
surface region of the sintered pellets. Such microcracks are expected to reduce the

mechanical strength, and also influence the SCG behaviours.

3 pm

Figure 3.2 Surfaces of the as-sintered (a) SOCF and (c) 85CF. (b) shows a sketch of the
microcracks shown in (a). The FCO and CoO grains appear as in dark-grey, while the CGO
and GCFCO grains are shown as lighter shades of grey.
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To compare the amount of each phase across the sintered pellets in more detail, both
surface and bulk of the composites were characterized by XRD. As presented in
Figure 3.4, 85CF shows no significant differences in phase amounts at the surface
and bulk, while SOCF possesses a slightly higher amount of FCO in the bulk. CoO
seems to appear only in SOCF, and the CoO in the bulk is around double that at the
surface. Since the penetration depth of X-rays increases with the incident angle
during measurement, and is on average greater than a few microns [73, 74], the XRD
investigation at the surface is expected to reveal crystal information also of the sub-
surface material. Thus, the amount of CoO detected at the surface might, in fact,
include some amount of sub-surface CoO. The surface skin layer possibly contains
no CoO since the excess oxygen in air should oxidize CoO into Co3O4 gradually

while the temperature decreases from ~ 1200 K [59].
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Figure 3.4 Phase quantifications of (a) SOCF and (b) 85CF in the bulk and at the surface.

For pure CoO, the oxidation of the surface layer can be described by equation (3.11)
[75], and the bulk is oxidized according to equation (3.12) [75]. The continuous
oxidation of CoO in the bulk relies on the transport of ionized cations and electrons

to the surface layer, where the reaction described by equation (3.11) takes place [76].

3Co; + 6e’ + 20, - Co30, (3.11)
4C00 — Co30, + Co; + 2€’ (3.12)
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where subscript i means “ionized”.

For the dual phase material studied here, the ionized Co cations and electrons cannot
be transported easily to the surface due to a shortage of diffusion paths, and some
portions of the CoO in the bulk is expected to remain unoxidized. However, no CoO
could be found in the bulk of 85CF after cooling (see Figure 3.1(b)). It is unlikely
that all CoO grains are well connected to form continuous paths for transporting the
ionized Co cations and electrons from bulk to surface in 85CF. Hence, it implies that
the reaction of equation (3.11) is still possible to happen at heterophase boundaries
in the bulk. Since CGO shows the ability to dissociate oxygen according to equation
(3.13) [43], reaction (3.11) may happen at CGO/CoO interfaces, which is supported
by the occurrence of an O-deficient layer surrounding the isolated spinel phase [46].
Since the ability of CGO to dissociate oxygen is limited, continuous reactions in
equations (3.11) and (3.12) rely on the supplement of oxygen ions diffused from the
surface through free paths formed by CGO. The unoxidized CoO in the bulk of 50CF
is an implication of insufficient supplement of oxygen ions due to a shortage of CGO

free paths.
4Cel, + 205 = 4Cele + 2V, + 0, (3.13)

The lattice constants of CGO and GCFCO were derived from the XRD data, while
it was not possible to obtain a value for the lattice constant of FCO due to the
variation of the cobalt-to-iron ratios [53]. The formation of GCFCO consumes Gd
from the CeosGdo2019 in the initial powder mixtures, and reverses the reaction
equilibrium in equation (3.1), which results in a reduction of oxygen vacancies and
leads to a shrinkage of the CGO lattice. Such a reaction can easily reach a balance at
the sintering temperature, i.e. 1200 °C, because of the fast diffusion. The content of
formed GCFCO remains stable upon cooling [71]. Since the average Gd content in
GCFCO was reported as almost constant [48, 53], a similar amount of GCFCO in
the surface and the bulk (Figure 3.4) implies that the total consumed Gd amount from
Ce0.8Gdo 2019 is the same. In other words, the Gd content left in CGO is the same in

the surface and the bulk, and, hence, the lattice constants of CGO should not be
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different. However, the lattice constant of CGO in the bulk is slightly higher than the
one in the surface for both composites, as shown in Figure 3.5. The lattice constants
of GCFCO and CoO, though, are almost identical in the bulk and the surface (Table
A3.1). A possible reason might be that the oxygen vacancies produced according to
equation (3.13) during the cooling process are partially balanced by the oxygen ions
that are transported from the surface through free paths. This means that part of the
CGO in the bulk contains additional oxygen vacancies, and hence, has a larger lattice
constant. Nevertheless, these hypotheses need further validation, which is out of the

scope of this work.
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Figure 3.5 Lattice constants of CGO of surface and bulk regions of the sintered composites.

3.3.2 Residual stress

A similar thermal expansion coefficient (~ 12 x 10 K™!) has been reported for FCO
and CGO [44, 46, 47], as well as for GdFeOs [77] and GdosSro2FeOs.5[78], whose
perovskite crystal structures are similar to the one of GCFCO. Therefore, no
significant thermal-mismatch-induced residual stress is anticipated in the sintered

composites. However, a chemically induced residual stress can be expected in the
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sintered composites following the hypotheses state above (see Figure 3.5). The
surface is, thus, expected to be under tensile stress since the lattice shrinkage during

cooling is larger in the surface than in the bulk.

The residual stresses of CGO, FCO and CoO in the surface of each as-sintered
composite were determined by XRD, respectively. Linear dependences of sin? 1 on
d were obtained for CGO, FCO and CoO, as exemplified for SOCF in Figure 3.6.
The calculated residual stress values are listed in Table 3.1, showing that CGO, FCO
and CoO experience tensile residual stresses. Since GCFCO is randomly distributed
and surrounded by the majority phases, i.e. CGO and FCO, the stress state in GCFCO
is expected to be the same as the one of CGO and FCO. Hence, the whole surface is
under tensile stress. For 85CF, only the Bragg reflections of CGO provide enough
intensity to be used for residual stress determination. Besides, the broadening and
overlapping of FCO diffractions peaks at high 20 positions, due to the variation of
Co-to-Fe ratio, make it difficult to determine the peak position and peak shift for

residual stress analysis for FCO.

To detect a potential residual stress gradient, the residual stresses of CGO, FCO and
CoO were also determined in the sub-surface of each composite, as shown in Figure
3.6 for 50CF. The lattice spacing is almost independent of sin? 1) for the sub-surface
CGO and CoO, which indicates a stress-free state. By contrast, a nonlinear change
of the lattice spacing with increasing sin? v is obtained for the sub-surface FCO,
which is an indication of a mixed stress state resulting in an average stress value
close to 0 [61]. In fact, a compressive stress state is expected in the sub-surface,
which should counterbalance the tensile surface stresses. However, it is difficult to
conclude on any residual stress state for the sub-surface according to Figure 3.6. A
low magnitude of the sub-surface stress can result from a thin stressed surface layer

since the sum of all stresses should be zero.
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Figure 3.6 Dependence of d on sin? 1 values for 50CF: (a) (311) plane in CGO, (b) (440)
plane in FCO and (c) (220) plane in CoO. (The legends in (a) are also applied to (b) and (c)).

Table 3.1 Residual stress in CGO, FCO and CoO in the surfaces of the sintered composites

determined by XRD.
Residual stress (MPa)
Composite
CGO FCO CoO
50CF 205+4 130+ 11 85+5
85CF 94+9 - x

-: Not detectable due to low intensity

x: Phase does not exist
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Nevertheless, it should be noted that the residual stress determined by XRD
represents an average residual stress value of a layer consisting of materials in and
below the surface tested by XRD due to the penetration depth of X-rays (as

mentioned in the previous section) [74].

3.3.3 Mechanical properties

The E and oy values of the as-sintered composites derived from the ring-on-ring test
data at the highest loading rate of 20 MPa/s, are shown in Table 3.2. The average E
values, to which all phases and undulations in the composite contribute, of the two
composites are similar within the limits of experimental uncertainty. The E values
for 50CF and 85CF with rather small grains (< 1 pm) were determined by
nanoindentation tests at a load of 150 mN, and reported to be ~ 215 GPa and ~ 223
GPa, respectively [53]. These values are higher than the ones shown in Table 3.2,
while it is not unexpected that nanoindentation tests yield higher E values than

macroscopic techniques [79].

Table 3.2 Elastic modulus and average fracture stress of the as-sintered composites

measured at a loading rate of 20 MPa/s.

Composite E (GPa) g (MPa)
50CF 197 £ 12 105+£18
85CF 191 +34 134 +£34

The average oy values show only a minor dependency on composition when the
uncertainties are considered (see Table 3.2). Hence, differences in residual stress and
potential microcrack effects on strength are not reflected in differences between the

oy values of the two as-sintered composites.

Thus, ring-on-ring tests with the same loading rate were conducted for SOCF after
surface layer removal with the bulk surface representing the tensile surface. Based

on the microstructural investigations and residual stress analysis, the bulk surface
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was free of both microcracks (see Figure A3.1 (a)) and residual stress (see Figure
3.6). The derived E and oy values are presented in Figure 3.7. It unveils that the E
values measured for bulk and initial surface are almost identical considering the
uncertainties, while the o value obtained for the bulk material is clearly higher than
the one measured for the initial surface. The tensile residual stress and microcracks
tend to reduce the fracture stress as expected. Hence, the mechanical properties of
the bulk can be regarded as the intrinsic strength of the composite due to the absence
of a surface layer with residual stress and microcracks. The agreement of the values
for the initial surfaces of the two different composites appears in this context to be
only coincidental since the 85CF was not affected to the same extent by residual

stress and microcracks.
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Figure 3.7 Elastic modulus (a) and fracture stress (b) of SOCF measured at surface and bulk

with a loading rate of 20 MPa/s.
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Hence, H and K. values were measured only for the bulk of sintered composites to
obtain intrinsic values without effects of residual stress and microcracks. As given
in Table 3.3, when the inherent experimental uncertainties are considered, the H and
K;c values do not show a strong dependence on the applied loads, and the K, values
are almost independent of composition, while the hardness of 85CF is higher than
the hardness of 50CF. The difference in hardness can be attributed to a compositional
effect since the porosity difference of the two composites is rather small (see Figure
3.2, Figure 3.3 and Figure A3.1). Since the H value of CGO and FCO phase are
similar [53], the compositional effect on hardness can be reflected by the amount of
CoO phase, which shows a low hardness of ~ 6 GPa [53], and is only detected in
50CF (see Figure 3.4(a)). Thus, a higher hardness value for 85CF can be expected in
agreement with the experimental results. By contrast, the SOCF and 85CF with rather
small grains (< 1 um) were reported to possess a similar H of ~ 12 GPa [53], which
was determined by nanoindentation tests at a load of 150 mN. The reported values
did not show a dependence on composition and are higher than the H values shown
in Table 3.3. Such differences can be explained in two aspects. On the one hand, the
reported SOCF only possesses a very small amount of CoO, which has a small grain
size (< 1 um) and is rather inhomogeneously distributed. Hence, the degradation
effect of CoO on H is expected to be smaller and harder to be revealed for the
reported SOCF than for the SOCF studied here. On the other hand, the higher H value
for the reported composites can be attributed to some grain boundary strengthening

effect, as well as potential indentation size effect [62].

Table 3.3 Mechanical properties of the sintered composites.

H (GPa) K;c(MPa-m®?)
Composite
IN 5N IN 5N
50CF 8.1+0.3 8.8+0.2 0.88+£0.11 0.93+£0.11

85CF 9.8+ 0.6 9.9+0.3 0.78+£0.12 0.85+0.08
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The indentation cracks generated at a load of 5 N (see Figure A3.2) reveal a similar
crack propagation pattern for the two composites. The cracks appear to
predominantly propagate through the grains with no typical preferred paths towards
or bypassing any phase constituent or grain boundary. Crack deflections in dual
phase membrane composites were reported to be strongly affected by a variation of
residual stress states that appears between the phase constituents [49]. Hence, the
observed undeflected cracks are implications of stress-free states (or rather small
stresses) for phase constituents in the bulk of the composites, which agrees with the

conclusions presented in the previous sections.

3.3.4 Subcritical crack growth and Weibull analysis

Although it seems like an effective way to improve the strength of the pellet shape
sample by removing the layer with residual stress and microcracks, it is not practical
to do so for a membrane component with a large dimension or in a case of nonplanar
shape, especially for tubular membrane components. Hence, the evaluation of
subcritical crack growth (SCG) behaviour, Weibull distribution and lifetime will still

be based on fracture stress data measured for as-sintered composites.

The SCG behaviours of the as-sintered composites are assessed by plotting fracture
stresses as a function of loading rate, as shown in Figure 3.8. For 50CF, fracture
stresses do not appear to change significantly with loading rate. By contrast, for
85CF, fracture stresses appear to increase with loading rate. A rather strong increase
of the fracture stresses is observed when the loading rate increases from 0.2 MPa/s
to 2 MPa/s. The SCG parameters were then deduced by linear regression according
to equation (S7). A steep slope of the linear regression line suggests high sensitivity
to SCG, and leads to a small n value (note n is proportional to the reciprocal of the

slope).
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Figure 3.8 Fracture stress as a function of the loading rate for (a) SOCF and (b) 85CF. The

red dotted lines are the linear regression fits.

The calculated SCG parameters are presented in Table 3.4. The D values are

identical for the two composites, while the n value of SOCF is much higher than the

one of 85CF. And the confidence interval of n value is narrower for 85CF than for

SOCF. Although the mathematical analysis determined a minimum slope with a

negative value for SOCF, it is realistic to consider that the minimum slope is close to
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zero and n is infinity since no defect healing effect can happen during mechanical
loading [56]. The infinite upper confidence bound of n value for SO0CF implies that
there is no SCG. The n value of S0CF is close to that of the popular dense perovskite
oxygen transport membranes, i.e. BaosSrosCoosFeo2035 (n = 40) [56] and
Lao 53S10.4Co002Fe0303.5 (n = 49) [56], which indicates no pronounced SCG behaviour.
The n value of 85CF is lower than that of soda-lime glasses (n ~ 11-18), which is
known to be prone to static fatigue [80]. Therefore, it can be concluded that 85CF is
more susceptible to SCG than SOCF. Since the two composites were tested under the
same environment, such a distinguishable SCG behaviour might be induced by

compositional and microstructural variations.

Table 3.4 SCG exponent (n) and SCG constant (D) with upper and low uncertainty limits.

Composite n D
50CF 43%%) 87%¢
85CF 6%1 87%¢

Weibull analysis was then conducted for all fracture stresses of the as-sintered
composites. For 85CF, the fracture strength data obtained at the highest loading rate,
i.e. 20 MPa/s were used to minimize the effect of SCG on Weibull analysis. For
50CF, the fracture strength data from all loading rates were combined to increase the
data quantity and improve the feasibility for Weibull analysis since they possess low
variations at different loading rates due to the limited SCG effect (see Figure 3.8(a)).
The Weibull distributions of fracture stresses can be well described by a linear

relationship in the log representation, as presented in Figure A3.3.

The derived Weibull parameters are listed in Table 3.5. The m values of the two
composites are similar, and lower than that of the popular dense perovskite oxygen

transport membrane - BagsSrosCoosFeo20s.5 (~ 8-10 [54, 81]). The low m value
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indicates rather larger failure probabilities for comparably low stresses. 85CF and
50CF have a more pronounced difference in characteristic strength than in average
strength at 20 MPa/s. The o, value of 85CF is higher than that of SOCF considering
the confidence intervals. Hence, it is concluded that 85CF is mechanically more

robust than S0CF against instant failure.

Table 3.5 Weibull modulus (m) and characteristic strength (o) obtained by a linear

regression method. (Numbers in brackets refer to the 90 % confidence intervals)

Composite m o, (MPa)
50CF 4.1[3.8-4.4] 99 [96-101]
85CF 4.1 [3.5-4.6] 148 [141-155]

3.3.5 Fractography

The fracture surfaces were investigated by SEM to determine the fracture mode. For
both composites, the fracture path developed mainly in a transgranular mode (see
Figure A3.4), which agrees with the previous observations based on indentation

cracks in section 3.4.

The investigation of fracture origins was carried out for the samples that failed at the
lowest stresses at 20 MPa/s and 0.02 MPa/s, respectively. Besides, for 85CF
fractured at 20 MPa/s, since the lowest strength value is much lower than the other
ones that concentrate tightly (see Figure 3.8(b)), the fracture origins of the sample
with the second-lowest strength were also investigated as representatives for the
majority case. The largest flaws close to the fracture position were determined to be
the likely fracture origins followed by rather long fracture lines. In general, all
fracture origins appear to be located at the tensile surface, as highlighted in Figure

3.9 and Figure 3.10. However, they are clearly different for the two composites.
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Figure 3.9 Likely fracture origins of as-sintered SOCF fractured at (a) 20 MPa/s and (b) 0.02

MPa/s. The dotted and dash-dotted lines represent boundaries of surface cracks and pore
clusters, respectively, as possible fracture origins. The fracture lines for each type of fracture

origin are indicated by the arrows.
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Figure 3.10 Likely fracture origins of 85CF fractured at (a) 20 MPa/s and (b) 0.02 MPa/s.
The dashed lines represent the likely boundaries of fracture origins. The fracture lines are

indicated by the dashed arrows.

For as-sintered 50CF failed at 20 MPa/s and 0.02 MPa/s, the pore clusters and
microcracks at surface likely interacted with each other and appear to have

contributed together to initiating the fracture (see Figure 3.9).

For the ground and polished S0CF, only one type of flaw appears to be the fracture
origin due to the absence of long microcracks (see Figure A3.5). Although a small
surface flaw, as shown in Figure A3.5(b), seems to initiate the crack proportions, the
sample has apparently failed at the large flaw (~ 20 um) highlighted in Figure A3.5(a)

indicated by the long extension of fracture lines.

For as-sintered 85CF, it is hard to determine where the fracture has started for the
sample with the lowest fracture strength of 68 MPa at 20 MPa/s. Several surface-
located flaws appear to develop rather long fracture lines (see Figure A3.6(a)). The
largest one is around ~ 20 um (see Figure A3.6(b)). By contrast, for the sample with
the second-lowest fracture strength of 109 MPa at 20 MPa/s, a more distinct surface-
located flaw can be characterized to be the likely origin (see Figure 3.10(a)).
Similarly, for the samples with the lowest fracture strength at 0.02 MPa/s, rather
discernible surface-located flaws can also be characterized as the likely fracture

origins (see Figure 3.10(b)), the sizes of which are much smaller than those observed
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for the samples fractured at 20 MPa/s. In addition, secondary cracks are found
surrounding the fracture origins (see Figure 3.10(b)), which, though, do not appear
to have developed to a critical size. These secondary cracks could be a result of slow
crack propagation, and might have interacted with the sub-surface short microcracks

(see Figure 3.3).

The sizes of the fracture origin were measured and compared with the values
estimated by equation (10). For the ground and polished 50CF, the total o value at
the fracture origins can be regarded as equal to the fracture stress due to the absence
of residual stresses (see Figure 3.6). Hence, the size of the fracture origin shown in
Figure A3.5(a) was calculated to be ~ 12 pm, which is close to the measured value

(~ 19 pm) considering the uncertainties induced by measurement and Y value.

For the sample experiencing tensile residual stress at the surface, it is necessary to
consider how the tensile residual stress (see Table 3.1) contributes to the total o
value around the fracture origin. As an approximation, the ¢ value is calculated as
the sum of the fracture stress of the sample and the residual stress around the fracture
origin, i.e. ¢ = o5 + 0,. Although it was shown that the tensile stress decreased
gradually from surface to a certain depth (< 30 pm) in bulk, the tensile stress at a
given depth around the fracture origin cannot be determined. Hence, the o, value for
correction of ¢ value is assumed to be between 0 (stress-free) and the maximum
tensile stress value, i.e. the tensile stress value in CGO (see Table 3.1). Thereby, a
lower and an upper limit of C are calculated to represent the fracture origin size of a
sample with and without tensile residual stress, respectively. The measured C should
not be smaller than the lower limit value of the estimated C since average residual
stress around the fracture origin is expected to be lower than the maximum tensile
stress at surface. The degradation effect of tensile residual stress on fracture stress is
expected to be stronger for smaller fracture origins due to the higher tensile residual

stress value.

As given in Table 3.6, the fracture stress of the sample does not show a clear

dependence on fracture origin size due to the effect of tensile residual stress. For
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large fracture origins (= 20 um), the measured C is in the vicinity of the upper limit
of the estimated C, which implies a limit contribution of tensile residual stress. For
small fracture origins (< 10 um), the measured C is much lower than the upper limit

of the estimated C, which emphasizes the contribution of tensile residual stress.

Table 3.6 Comparison of the estimated and measured fracture origin sizes for the as-

sintered composites.

o (MPa) C-estimated (nm)
Loading Uroer C-
Composite rate Lower 111;5 " Lower U measured
(MPa/s) limit: ' WS pper (um)
gy + max limit limit
g
Oy
0.02 58 263 3 58 9
50CF
20 84 289 2 28 22
0.02 39 133 11 123 5
85CF
20 109 203 5 16 19

The measured size of small fracture origin in S50CF is larger than the lower limit
value of the estimated C as expected. This observation indicates that the average
residual stress around the fracture origin is tensile and slightly lower than the
maximum tensile stress at the surface, although uncertainties in the size of the

fracture origin need to be considered.

However, the measured size of the small fracture origin in 85CF is even lower than
the lower limit value of the estimated C. It cannot be concluded for 85CF that the
residual stress around the fracture origin is compressive since the size of the fracture
origin is smaller than the thickness of the tensile stress surface layer determined by
XRD due to the relatively large penetration depth of X-ray at high incidence angles
[74]. Hence, the fracture origin shown in Figure 3.10(b) for 85CF was under tensile

stress. Since the small fracture origin appears in the sample fractured at a low loading
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rate, the unexpected small fracture origin size could be explained by the relatively
strong SCG behaviour, but again uncertainties in fracture origin determination can

bias the result.

Under dynamic loading conditions, the stress intensity (K) at the fracture origin
increases gradually with increasing applied stress to the critical value (= K;.) due to
the increase of stress value and flaw size (If SCG occurs). The measured C value can
be the initial size of the flaw where SCG begins, while the C value estimated by
equation (10) represents the final size of the flaw that leads to failure. Hence, the
measured flaw size, i.e. the apparent fracture origin size, can only be regarded as the

initial size of the fracture origin when SCG occurs.

Figure 3.11 shows schematics that suggest the process of SCG for 85CF. The SCG
initiates from a flaw, while microcracks surrounding the flaw have a certain
probability to extend. We would also like to point out that the size of the flaw and
microcracks are comparable (see Figure 3.3(b) and Figure 3.10(b)). They can grow
and interact or merge, and finally reach a critical size leading to failure. At a medium
loading rate, low stresses, which permit SCG, last for a short time; the sample
experiences a moderate SCG (see Figure 3.11(b)). By contrast, an enhanced SCG
occurs at a low loading rate since the sample stays at low stress values for a long
time, during which the initial small flaw and the sub-surface microcracks grow
simultaneously and merge to form flaws with large sizes (see Figure 3.11(c)); the
critical stress intensity, at which the sample finally fails, tends to reach at a
comparably low stress value. However, such a fracture process is not likely to happen
in 50CF, which is less sensitive to SCG effects as the failure is determined by
surface-located flaws and microcracks (see Figure 3.2(b) and Figure 3.9) that are
much larger than sub-surface microcracks (see Figure 3.3(a)) and cannot permit

stable crack growth.
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Figure 3.11 Schematics illustrating the interactions of a surface-located flaw (®) and sub-
surface microcracks (®) in the sample fractured after SCG: (a) initial state of the sample, (b)
sample fractured after a moderate SCG, and (c) sample fractured after an enhanced SCG.
Dash-dotted lines represent the sizes where the sample failure is expected, referred to as

boundaries of fracture origins.

3.3.6 Reliability and lifetime analysis

With the obtained Weibull and SCG parameters, SPT diagrams were constructed for
three lifetimes, i.e. 1 s, 1 month, and 10 years. The 3D surface plots for deriving
uncertainties of g;(t = 1 s, 1 month and 10 years), indicate that the o; changes
monotonously as a function of n and g, (see Figure A3.7 and Figure A3.8). In the
3D surface plots, the n and g, varies within the range shown in Table 3.4 and Table
3.5, respectively. Hence, extreme values, i.e. the upper and lower uncertainty limit
of o;, appear at the corresponding vertices of the 3D surfaces. For S0CF, the upper
uncertainty limits of o, were estimated to be equal to o, since the upper uncertainty

limit of n is infinity.

The SPT lines with uncertainty intervals are illustrated in Figure 3.12. The slope of
each line is equal to the Weibull modulus, m value. A higher m value suggests rather
low failure probabilities for low static stress, although all m values reported here are
overall rather low. Each line is shifted parallelly to the right when the time of
operation increases, which means smaller stress induces the same failure probability
and predicting a decrease of mechanical reliability with increasing time of operation.

The shifting interval between two neighboring times of operation increases with n
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value. Thus, the degradation of mechanical reliability with time of operation is faster

with a lower n value.

The static failure stress values are higher for the SPT line on the right than the one
on the left for equal failure probabilities. Hence, 85CF appears mechanically a bit
more reliable than S0CF for instant failure within 1 s considering the uncertainties
(see Figure 3.12(a)). When the time of operation increases to 1 month, the SPT line
of 85CF shifts a much larger distance than the one of S0CF (see Figure 3.12(b)). The
SPT line continues to shift to the left when the time of operation increases from 1
month to 10 years, but the shifting distances are rather small (see Figure 3.12(c)).
The uncertainty intervals of the SPT lines of the two composites do not overlap at 1
month and 10 years (see Figure 3.12(b)&(c)). Thus, 85CF appears significantly less
reliable than S0CF for long-term (e.g. 10 years) operation. Such a large degradation
of mechanical reliability for 85CF is accompanied by the rather small n value (Table
3.4), which provokes the large shift of the SPT line from right to left when the time

of operation increases from 1 s to 10 years.

Table 3.7 lists static failure stresses for a failure probability of 1 %. For instant failure
within 1 s, the critical stress value is slightly higher for 85CF than for 50CF
considering the uncertainties of the experiments. However, when for a lifetime that
increases from 1 s to 10 years, the failure stress of 85CF is reduced significantly,
while the failure stress of SOCF only decreases slightly. These results indicate that
the mechanical reliability of 85CF is not sufficient for long-term operation. Further
improvements are needed to optimize the SCG behaviour to obtain an improved

n value.
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Figure 3.12 Prediction of failure probability as a function of static stress for different times
of operation: (a) 1 s, (b) 1 month and (c) 10 years. (The legends in (a) are also applied to (b)
and (¢)).
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Table 3.7 Failure stresses inducing a failure probability of 1 %.

Failure stress

Composite Lifetime (MPa)
I's 31+4
50CF 1 month 22%13
10 years 2043
ls 48712
85CF 1 month 413
10 years 242

3.4 Conclusions

Dual phase composite membranes were prepared by a one-step solid-state reaction
process from powder mixtures with two different weight ratios of CGO to FCO, i.e.
50:50, 85:15. With an objective to access the mechanical limits regarding application
in particular reliability and lifetime, the mechanical properties and SCG behaviour
of the synthesized membranes were characterized based on mechanical testing
results from Vickers indentations and ring-on-ring tests with different loading rates.
The associated effects of composition, residual stress and microcracks were

discussed.

50CF and 85CF have similar mechanical properties, i.e. elastic modulus and fracture
toughness, while 85CF shows a more pronounced SCG behaviour than 50CF. At a
high loading rate (20 MPa/s), the average fracture strength is only slightly lower for
50CF than for 85CF, although 50CF exhibited long microcracks and high tensile
residual stress. Nevertheless, the degradation effects of long microcracks and tensile
residual stress are corroborated by a pronounced improvement of the average
strength for 50CF, which exhibited surfaces free of microcrack and no tensile
residual stress. When the loading rate decreased to 0.02 MPa/s, the strength of SOCF

remained almost constant, while the strength of 85CF was significantly reduced,
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which resulted in a higher failure probability and a reduction of the stress tolerance

after a service time of 10 years.

The one-step processing of 85CF needs to be improved to avoid the fast strength
degradation caused by the tensile residual stresses and microcracks observed in our
research work. A reduction of the grain size and/or optimized sintering profiles might

provide new directions to explore, which we will pursue in our future work.
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Appendix A3

1. Determination of SCG exponent and constant by linear regression

The linear regression was performed for equation (5) using the OriginPro software
[1], where the slope () and interception () with respective standard deviations (&)
were also obtained. The SCG exponent and constant were calculated by equations
(A3.1) and (A3.2), respectively.

1

n=-—-1 (A3.1)
a

D =10F (A3.2)

And the lower (1) and upper (u) uncertainty limits of for n, and D were calculated

according to equation (A3.3) and (A3.6).

1
= -1 A3.3
nl a+ 6, ( )
1! 1 A3.4
nu - a— 6a ( . )
D, = 108-%¢ (A3.5)

D, = 105+%s (A3.6)
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2. Determination of Weibull modulus and characteristic strength by linear

regression

Weibull modulus and characteristic strength (og,) with the corresponding 90%
confidence intervals were derived by linear regression method based on equation
A3.7 [2]:

1
ln(lnl_P>=m-lnaf—m-lnao (A3.7)
f

The obtained o5 values were ranked in ascending order, and Py value assigned to
each oy value was estimated using [3].

I1—-05
= N

(A3.8)

where [ is the Ith datum of the ranked oy values, N the total number of the o5 values.

3. Lattice constants

Table A3.1 Lattice constants of GCFCO and CoO at surface and bulk.

) GCFCO CoO
Composite Inspf.:c.tlng
position
a(A) b (A) c(A) a(A)
Surface 5.338 5.614 7.652 4.263
50CF
Bulk 5.339 5.615 7.657 4.262
Surface 5.336 5.608 7.652 -
85CF

Bulk 5.336 5.611 7.653 -
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4. Microstructures investigated at the bulk of the sintered composites

Figure A3.1 Bulk of (a) 50CF and (b) 85CF. (Note that few silica particles from the polishing

suspension are remaining in (b) after polishing).

5. Indentation cracks

Figure A3.2 Indentation cracks on (a) SOCF and (b) 85CF with a load of 5 N. (Arrows indicate

the propagating directions of cracks)
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6. Weibull distributions of fracture stress
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Figure A3.3 Weibull distributions of fracture stresses of the two composites.

7. Fracture surface

Figure A3.4 Fracture surface of (a) S0CF and (b) 85CF.
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8. Likely fracture origins

Tensile surface

Figure A3.5 Likely fracture origins of the ground and polished 50CF fractured at a loading
rate of 20 MPa/s: (b) is the zoom view of the framed area in (a). The dashed lines represent

the likely boundaries of fracture origins. The fracture lines are indicated by the dashed arrows.

Tensile surface

P ol
-~

Figure A3.6 Likely fracture origins of 85CF fractured at 20 MPa/s. (b) is the zoom view of
the framed area in (a). The dashed lines represent the likely boundaries of fracture origins.

The fracture lines are indicated by the dashed arrows.
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9. 3D surfaces for deriving uncertainties of characteristic strength
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Figure A3.7 The 3D surfaces for deriving uncertainties of characteristic strength of SOCF at
(a) 1 s, (b) 1 month, and (c) 10 years.
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Figure A3.8 The 3D surfaces for deriving uncertainties of characteristic strength of 85CF at
(a) 1 s, (b) 1 month, and (c) 10 years.
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CHAPTER 4

Optimization of sintering conditions for improved
microstructural and mechanical properties of dense
Ce0.8Gdo202.5-FeC0204 oxygen transport membranes

Abstract

Ce03Gdo202.5-FeC0204 composite is an excellent oxygen transport membrane
material with good chemical stability for applications in oxygen separation and
membrane reactors. To improve microstructural and mechanical properties, sintering
profiles for CeosGdo202-5-FeC0204 composites were optimized. Different sintering
temperatures are selected based on our study of phase interactions among the initial
powder mixtures using high-temperature X-ray diffraction. The results reveal that
the phase interaction at ~ 1050 °C accelerates densification process, and a further
increase of sintering temperature to 1200 °C contributes to the homogenization of
the pore distribution. A higher density and an improved homogeneity of pore
distribution result in enhanced mechanical strength. However, the density decreases
once the sintering temperature reaches 1350 °C. Hence, the optimal sintering
temperature considering both microstructural and mechanical properties appears to
be 1200 °C. Sintering at this temperature results in a microstructure with a density
exceeding 99 % with only small surface defects and a high average flexural strength

of approximately 266 MPa.
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Ce0.8Gdo202.5-FeCo,04 oxygen transport membranes, Journal of the European Ceramic
Society 41(1) (2021) 509-516.
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4.1 Introduction

Oxygen transport ceramic membrane materials have attracted great attention due to
their potential economic and environmental benefits for application in oxygen
separation [1-3], partial oxidation of hydrocarbons [4-6], and oxyfuel coal
combustion [7-9]. Dense dual phase ceramic composites, consisting of ionic
conducting and electronic conducting phases, are deemed to be promising material
candidates as oxygen transport membranes [10, 11]. They show appreciable oxygen
permeability and excellent chemical stability during operation in corrosive
atmospheres (e.g. SO,, CO») at elevated temperature (~ 850 °C) [12-21]. The 85 wt%
Ce0.3Gdo202-5-15 wt% FeCo,04 (CF) composite, as one typical example, maintained
a stable phase structure and a constant oxygen permeation flux with the presence of
flue gases at 850 °C for as long as 200 h [13]. The phase interactions between
Ce0.3Gdo 0.5 and FeCo,04 appeared to be of non-hindrance to oxygen permeability
since the phase interaction product, i.e. GdooCeo.1FeosC00203; (GCFCO) [22-24],
exhibited a relatively high electrical conductivity [22, 23]. Similar phase interactions
and phase interaction products were even reported to enhance grain boundary ionic
conductivity and oxygen permeation flux of the 60 vol% CeosGdo202-5-40 vol%
Fe,CoO4 composite [25].

Although the research activities on dense dual phase oxygen transport membranes
showed a preference towards chemical properties, e.g. conductivity, oxygen
permeability, and chemical stability [11-21, 26-28], investigation and optimization
of the mechanical properties are also indispensable for the realization of a long-term

reliable operation [29-32].

Mechanical properties of most ceramic materials are governed by microstructural
characteristics, e.g. defect, porosity, and grain size [33, 34]. There is a general
agreement that a reduction of porosity tends to improve the mechanical properties
[35-39], while the grain size effect differs for the different types of mechanical
properties. For instance, hardness increases with decreasing grain size [40, 41],

following a Hall-Petch relationship, while the elastic modulus usually does not
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depend on the grain size [39, 40, 42, 43]. A higher mechanical strength has been
reported for ceramics with smaller grain size [34, 44, 45]. According to the limited
reported studies [24, 30, 31, 46], the mechanical properties of dense dual phase
oxygen transport membranes show comparable dependence on microstructural

characteristics such as porosity and grain size.

To improve the microstructural characteristics and the mechanical properties,
optimizing the sintering profile represents an effective and straightforward way [34,
40, 47, 48]. Generally, both grain size and density of ceramic materials increase with
the sintering temperature [49], which is followed by agglomeration and size-
proportional growth of pores [33]. Particularly known is a de-densification
phenomenon [50], i.e. the density starts to decrease with increasing sintering
temperature after having reached a maximum value, as also reported for some ionic
conducting ceramics [47, 51]. For example, large pores formed in zirconia sintered
at temperatures above 1600 °C [47]. Similar pore formation and swelling effects
were also reported for nano-size CeO, powder compact sintered at 1350 °C,
apparently induced by oxygen gas produced by the redox reaction of Ceria [51].
Furthermore, the de-densification behaviour of CeO, was affected by doping with
Gd [48], as well as the introduction of sintering agents such as CoO [52], Bi,O3[53],
and Fe>O3[54]. The reduced density resulting from the de-densification process was
attributed to being the dominating reason for reductions of elastic modulus and

mechanical strength [47, 48].

Among the studies on dual phase oxygen transport membranes, only a few discussed
the correlation between sintering profile and mechanical reliability [31, 46]. It was
concluded for 50 vol% Ceo.9Gdo.102-5-50 vol% Lag.¢Sro4C00.2Fe0.303.5 composite that
an intermediate sintering temperature of 1250 °C resulted in a relatively dense
microstructure with fine grains, and thereby permitted a sufficient mechanical

strength for safe application as oxygen transport membrane [46].

The current work aims for improving the microstructural and mechanical

characteristics of CF composites by optimizing the sintering profiles. The
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abovementioned phase interactions are characterized using high-temperature X-ray
diffraction. The determined phase interaction temperatures were selected as sintering
temperatures to assess the effect of the phase interactions on microstructural
characteristics. The relations between the mechanical properties and the
microstructural changes are discussed, and finally, an optimal sintering temperature

is suggested.

4.2 Experimental

The composites were fabricated by solid state reaction. Powder mixtures containing
85 wt% Ceo.3Gdo 2019 (Treibacher Industrie AG, 99 %), 10 wt% Co304 (Alfa Aesar,
99.7 %) and 5 wt% Fe»Oj3 (Sigma-Aldrich, 99 %) were mixed in a plastic bottle with
ethanol and zirconia balls, and ball milled on a roller bench in two steps. In the first
step, the 5 mm diameter zirconia balls were used and the milling time was 3 days. In
the second step, the 5 mm diameter zirconia balls were replaced with balls having 1
mm diameter, the milling time was 7 days. The ratio of powder-ball-ethanol for all
the milling steps was set at 1:2:3. After drying, the powder mixtures were
investigated by X-ray diffraction (see Figure A4.1), and Energy-dispersive X-ray
spectroscopy mapping (see Figure A4.2). No additional phase or contamination was
found. The powder mixtures were uniaxially pressed into pellets using a pressure of
19 MPa. Each pellet had a diameter of 20 mm and a thickness of ~ 0.8 mm. These
pellets were then sintered in air at four different temperatures, i.e. 900 °C, 1050 °C,
1200 °C, and 1350 °C, respectively. The dwell time at each sintering temperature
was 10 hours. The heating rate was set to 3 K/min. The cooling rate was the same,
except for the temperature range between 900 °C and 800 °C, where the cooling rate
was reduced to 0.5 K/min to permit a complete phase transformation from CoO rock
salt to Fe;Co3404 (0 < x < 3) spinel [10]. In the following, the sintered samples are
abbreviated as CF-900, CF-1050, CF-1200, and CF-1350 according to their
respective sintering temperatures. For the microstructural characterization, the
samples’ cross-sections were ground using SiO,-sandpaper with grit sizes ascending

from 400 to 2000, and then polished using a 50 nm colloidal silica suspension
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including diamond paste with particle sizes stepwise reducing from 6 pm to 3 um,
then to 1 pm. The last polishing stage was conducted with the 50 nm colloidal silica
suspension without diamond paste. Each step was continued until the defects and
scratches from the previous step were removed. Finally, the sample s’ cross-sections

were polished to a mirror finish.

X-ray diffraction (XRD) (Empyrean, Malvern Panalytical Ltd), equipped with a Cu
long fine focus tube (40 kV / 40 mA), Bragg-Brentano'® mirror (divergence = 0.4°),
PIXcel3D detector (1D-mode, active length = 3.35°, 255 channels), and an Anton
Paar HTK 1200N oven chamber, was used to characterize the crystal structures of
the pressed powder mixtures at every 50 K during heating/cooling between room

temperature and 1200 °C in air. The heating/cooling rate was 5 K/min.

Microstructures were assessed by scanning electron microscopy (SEM) (Merlin,
Carl Zeiss Microscopy Ltd). Different phases were identified by electron backscatter
diffraction (EBSD) (NordlysNano, Oxford Instruments Ltd). The grain size was then

determined from image analysis using the HKL Channel 5 software packages.

The porosity was calculated as an area fraction of pores using the ImagelJ software
[55]. Binary pictures were generated from at least three SEM images of polished
sample cross-sections based on the isodata threshold method [56, 57]. The pores and
the bulk materials in these binary pictures appeared as black and white areas,

respectively.

Fracture stresses of the as-sintered pellets were assessed by ring-on-ring tests using
an electromechanical testing machine (Instron 1362, Lebow Ltd) following the
general procedure outlined in ASTM C1499-05 [58], but only five specimens for
each composite were available for testing. The diameter and thickness of each
specimen were measured with a digital micrometer with a resolution of 1 pm. The
standard deviation measured for the thickness is not larger than ~ 5 pm. The
specimens met the requirements for tests using loading and supporting rings with

diameters of 3.43 mm and 9.99 mm, respectively. The stress rate was maintained to
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be 20 MPa/s. The average flexural stress (oy) and elastic modulus (E) were
calculated by equation (4.1) and equation (4.2), respectively. The effective tensile
surface areas of all samples are estimated to have similar values of ~ 32 mm?
according to ASTM C1499-05 [58]; the Weibull modulus of CeosGdo201.9 (~ 6.2
[59]) is used for the estimate.

__3F (1 )dg_dlz+(1+)1ds 4.1
% = 2n -2 V) Tz vy 41
d 2
E_3(1—v2)-(7l) AF &2 d 1 (1—1/) #—dp) &
RN Y Ve 2 wwtr i) T ) e @Y

where F is the fracture force, AF and Af are the load and displacement interval of
the linear part of the load-displacement curve, respectively. And d is the sample
diameter, t the sample thickness, v the Poisson's ratio, dy and d; are the diameters
of support and loading ring, respectively. Poisson's ratio was assumed to have a

typical value of 0.3 [59].

The fracture surfaces were investigated through SEM for fracture modes and fracture
origins. The fracture origin size, i.e. the radius of circular/semicircular origin or
minor axis length of elliptical/semielliptical origin, was measured and compared
with the values estimated by equation (4.3) [60]:

KIC

C =
\/_ YO'f

(4.3)

where C, K¢, and Y are fracture origin size, fracture toughness, and stress intensity
factor, respectively. Several Y values for origins with different shapes and sizes are
given in ASTM C1322-15 [60].

The fracture toughness and hardness were determined using the Vickers indentation
method [61], which has been effectively applied before to determine K;- of the
Ce0.9Gdo.102.5-Lag.6Sro.4Co02Feo 3035 dual phase oxygen membranes [31, 44].
Vickers indentations at two different loads of 1 N and 5 N were made on the polished

sample cross-sections using a macro indentation machine (Micromet® 1, Buehler
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Ltd). Twenty indentation tests at each load were conducted with a distance of 500
pum between the indents. The hardness (H) was determined by equation (4.4) [31].
The fracture toughness (K;) values were calculated by equation (4.5) with a c/a (a
and ¢ denote the measured half-diagonal of the impression and the crack length,

respectively) value higher than 2.5 [61, 62].

H=1854- (2%2 (4.4)
Kyc = 0.016- (g)o's : (2)1'5 (4.5)

where P represents the indentation load. It should be noted that equation (4.5) can
only provide a rough estimate of the fracture toughness, which can be used for a
qualitative assessment of the different samples but cannot be used for a quantitative

study.

4.3 Results and discussion

4.3.1 Characterization of phase transformations

The results of the XRD in-situ observations of phase transformations within the
powder compacts as a function of temperature are presented in Figure 4.1. Seven
characteristic temperatures could be labeled with corresponding transitions listed in
Table 4.1.

During the heating process, the Fe,O; starts to form an iron cobalt spinel phase at
750 °C together with Co30s. But initial diffraction patterns of the formed spinel do
not fit well with that of FeCo,04 spinel due to the bimodal peaks at several angles,
which indicates that more than one kind of spinel, with a variation of the Fe to Co
ratio, is formed. Thus, the formed spinels are denoted as Fe,Co3..04 (0 <x < 3) (FCO).
When the temperature increases to 900 °C, these bimodal peaks converge into
unimodal peaks at the respective angles, and the spinel formed at 900 °C can be fitted
well as FeC0,04. At 950 °C, the FeCo0,04 begins to decompose into CoO and FCO.
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Upon further heating, the GCFCO perovskite phase appears at 1050 °C, and FCO is
no longer detectable at 1150 °C. The formation of GCFCO consumes Gd from
Ceo3Gdo2019 and initiates a stoichiometry change from Ceo 3Gdo20O1.9 to Cei.,Gd,)O,-
s (0 <y <0.2) (CGO). The GCFCO is stable once formed within the investigated
temperature range, while the CoO is unstable upon cooling. The transition of CoO
into FCO starts when the temperature is reduced to 900 °C, and CoO can hardly be
detected anymore at 750 °C. Near the end of the experiment (100 °C - 25 °C), a small
amount of Al,Os; materials of the oven chamber fell on the sample and produced

corresponding reflections at 20 angles of 25.5°, 35.1° and 43.1°.
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Figure 4.1 In-situ investigations of phase transformations of powder mixtures during heating

and cooling by XRD.
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Table 4.1 Phase transformations of powder mixtures referring to the temperatures labeled in

Figure 4.1.
Label Temperature (°C) Emerged phase Vanished phase

Tl 750 FeCo3.04 Fe;0;

T2 900 FeCo0,04 Fe Co3.404
T3 950 Co0, FeC03.,04 -

T4 1050 GCFCO, Ce1,Gd,0z5 -

T5 1150 - Fe C03..04
T6 900 Fe Co03.,:04 -

T7 750 - CoO

Hence, 900 °C and 1050 °C are very interesting temperatures for sintering the CF
material, as phase interactions triggered at these temperatures might further influence
the densification process. It should, however, be noted that these temperatures will

result in CF materials with different phase constituents.

4.3.2 Microstructural investigations

The microstructures of samples sintered at the various temperatures are illustrated in
Figure 4.2. Three phases can be distinguished by either intensity or topography, as
indicated in Figure 4.2(g), for CF-1050, CF-1200, and CF-1350, whereas, only two
phases are observed in CF-900, i.e. CGO and FCO, as shown in Figure 4.2(a)&(b).
The CGO and FCO grains appear as light grey and dark grey, respectively.

The porosities of all samples were given in Table 4.2. Although the image-based
method for porosity determination can induce large uncertainty for materials with
high porosity [63], the porosity data presented here are still effective for a qualitative

and in particular a relative assessment of the different samples.

CF-900 possesses the highest porosity and contains the smallest grains among all the

samples, as can be seen in Table 4.2 and Figure 4.2(a)&(b), respectively. Thus, the
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phase interaction between the minor phases - Co304 and Fe,Os at 900 °C, which

results in FCO, has a limited contribution to the densification process.

By contrast, when the sintering temperature rises to 1050 °C for CF-1050, the
porosity is strongly reduced to ~ 1.4 % (see Figure 4.2(c-¢) and Table 4.2), but small
pores are concentrated in a few areas as shown in Figure 4.2(d). This is an indication
that the microstructure of CF-1050 is not homogeneously densified even though the
total porosity is low. A further increase of the sintering temperature for CF-1200
helps to improve the density to ~ 99.3 %, and it is difficult to find areas with a
significant concentration of pores (Figure 4.2(f,g)). Such improvement of the density
for CF-1050 and CF-1200 can be attributed to the formation of the GCFCO phase.
Additionally, the average grain sizes of CF-1050 and CF-1200 were characterized
and analyzed on the basis of EBSD phase mapping results, see Figure A4.3. The
grain sizes of CGO, FCO, and GCFCO in CF-1200 are ~ 0.5 um, ~ 0.3 um, and ~
0.4 um, respectively, and around two times larger than the respective phases in CF-

1050. Such a difference in grain size might affect the mechanical properties [39, 42].

Unexpectedly, when the sintering temperature is increased further to 1350 °C for
CF-1350, rather large and isolated pores are formed and the total porosity increases
as shown in Figure 4.2(h)&(i). The few pores observed in CF-1350 with sizes close
to the grain size could be a result of the coarsening of the residual pores formed at
lower sintering temperatures, e.g. 1200 °C. But the vast number of pores with
unusually large sizes are visible in CF-1350, as shown in Figure 4.2(h), whereas,
such large pores did not appear in CF-1200 (see Figure 4.2(f)). Hence, pore
coarsening driven by grain growth does not appear to be the dominant mechanism
for the formation of the large pores in CF-1350. Hence, the creation of oxygen gas
by the reduction of Ce** to Ce*" could be a possible origin [51]. Further investigations
are necessary to clarify the mechanisms, which are out of the scope of the current
work. Nevertheless, such large closed pores will induce additional oxygen exchange
steps at the pore surfaces regarding oxygen permeation [64], which potentially leads

to a further decrease of the permeation flux. Moreover, they might also decrease the
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mechanical properties [35, 65]. Hence, the sintering temperature should be limited

to remain below 1350 °C.

With the goal to sinter a dense microstructure, sintering temperatures for CF material
should, therefore, be between 1050 °C and 1200 °C.

Figure 4.2 Microstructures of (a)-(b) CF-900, (c)-(e) CF-1050, (f)-(g) CF-1200 and (h)-(j)
CF-1350.
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Table 4.2 Porosities of the CF materials sintered at different temperatures. (£ describes one

standard deviation).

Sample name Porosity (%)

CF-900 29.7+22
CF-1050 14+04
CF-1200 0.7+0.1
CF-1350 2.6+0.2

4.3.3 Mechanical properties

Since, as verified above, the first target of sintering a dense microstructure has been
reached, a subsequent step is the investigation of the mechanical properties and
comparison of the prepared dense samples, i.e. CF-1050 and CF-1200. It is verified
by the phase and microstructure characterization results that the compositions are
almost the same for CF-1050 and CF-1200. Hence, any potential difference in the
mechanical properties of CF-1050 and CF-1200 should be a result of the different

microstructural characteristics, i.e. porosity and grain size.

The measured mechanical properties are summarized in Table 4.3. The E value of
CF-1200 is higher than that of CF-1050, which is mainly attributed to the higher
density of CF-1200. The E value of CF-1050 exhibits a relatively high standard
deviation, which is probably induced by a wide variation of porosities of the different
CF-1050 samples. Such big porosity variation is not reflected in the porosity as
determined from ImageJ (Table 4.2), though, which could be due to the fact that the
image analysis represents a local measure of the porosity and that there may be more
area with a greater number of pores. By contrast, the H value of CF-1200 is
marginally lower than the one of CF-1050, and no load dependence is observed
within the limits of the experimental uncertainty. Apparently, the porosity does not

affect the hardness, while some grain boundary strengthening is observed, as
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explained in the following. CF-1050 possesses a finer microstructure with a larger
number of grain boundaries than CF-1200, as indicated in Figure 4.2(e)&(g). This
could be the dominant reason for the slightly higher H value of CF-1050, and any
reduction of the H value of CF-1050 induced by the higher porosity is overbalanced.

Table 4.3 Mechanical properties of CF-1050 and CF-1200. (£ describes one standard

deviation).
H (GPa) K;c (MPa-m®)
Sﬁ;‘f‘rﬁ’ele E (GPa) ar(MPa)
1IN 5N 1IN 5N

CF-1050 163 +24 10.3+0.4 10.0+0.3 0.84+0.04 0.86+0.08 135+57

CF-1200 205£5 9.5%£02 9.1+0.2 0.86+0.06 0.93+0.07 266+34

The K values provided in Table 4.3 are compared to reveal potential influence from
microstructural variations, but cannot be used for design purposes since the
indentation method is not an ideal method for deriving accurate fracture toughness
values [66]. The K. values of CF-1050 and CF-1200 are almost the same, and
approximately independent of indentation loads considering the experimental
uncertainties. Furthermore, the K;. values are barely affected by the porosities being
below ~ 2 %. Typical Vickers indentations after applying loads of 5 N are shown in
Figure 4.3. Rather well-defined indentations and crack profiles can be seen. The
fracture toughness of some dual phase ceramics was reported to be influenced
strongly by crack deflections [30, 67]. In addition, it was reported that cracks were
attracted to the phase with the lower elastic modulus and lower thermal expansion
coefficient in dual phase ceramics [30, 31]. Since the elastic modulus and thermal
expansion coefficient of the major phase constituents within the CF materials are
comparable [24, 68-72], extensive crack deflections are not expected. This is
confirmed by the indentation cracks that mainly pass transgranularly through the

grains (see Figure A4.4).
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Figure 4.3 Vickers indentations on (a) CF-1050 and (b) CF-1200 induced at a load of 5 N.

The of, however, shows a large difference for CF-1050 and CF-1200 as shown in
Table 4.3. The average o of CF-1200 is almost two times higher than that of CF-
1050. And it is also higher than the ones of other typical single phase oxygen
transport membranes, such as BaosSrosCoosFe0203s (~ 100 MPa) [73],
Lao.s8S10.4C00.2Fe0803.5 (~ 94 MPa) [74] and SrTipesFeo3s0s.6 (~ 117 MPa) [75],

which were tested using a similar specimen geometry.

The investigations of the fracture origins were performed on the fracture surfaces of
the samples with the highest and the lowest fracture stress. The results indicate that
the most likely fracture origins for CF-1050 and CF-1200 can be located near and at
the tensile surface, respectively. Moreover, the measured origin size for CF-1050 is
larger than that for CF-1200 (see Figure 4.4). Large pore agglomerations, which are
similar to the pore-enriched areas as indicated in Figure 4.2(d), are characterized as
fracture origins in CF-1050 (see Figure 4.4(b)). Furthermore, the measured origin
sizes are also comparable with the estimated ones considering the uncertainties

induced by measurement and Y value, see Table 4.4.

It appears that the finer grains do not contribute to an improvement of the strength,

and that the strength is governed by larger defects. However, a possible residual
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stress will also affect the mechanical strength, which will be the focus of our

upcoming works.

stress of (a) 80 MPa, (b) 221 MPa, (c) 212 MPa and (d) 303 MPa. The defects inside the

marked regions are the possible fracture origins and the arrows are possible crack propagation
paths. (Note that the dark contamination of the fracture origin in (b) did not affect the fracture

stress but occurred after testing).
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Table 4.4 Measured and estimated flaw sizes for the samples with the lowest and highest

fracture stresses.

C (um) —
‘ C (um) — estimated
Sample name o (MPa) Y160] measured by equation
4.3
80 1.77 36 36
CF-1050
221 1.13 19 12
212 1.99 2 4
CF-1200
303 1.29 10 5

Further observations of the fracture surfaces reveal that the fracture paths of CF-
1050 and CF-1200 are mainly transgranular (Figure 4.5), but there are also few
localized intergranular structures as can be seen in the highlighted regions in Figure
4.5. Our observations might indicate that the mechanical properties and the stress
states of the individual phases are similar, and, therefore, the cracks do not show a
clear tendency towards propagating through individual grains or along grain
interfaces [29, 30]. The fracture surface of CF-1200 is more even than that of CF-
1050, while large connected voids appeared in the fracture surface of CF-1050 (see
the line with long dashes in Figure 4.5(a)). These might result from cracks

propagating through regions with concentrated pores as identified in Figure 4.2(d).
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_,Q‘ Tt 1. &
Figure 4.5 Fracture surfaces of (a) CF-1050 and (b) CF-1200. (The dashed line and the areas

inside the marked rectangular regions denote the connected voids and some typical

intergranular fracture areas, respectively).

Regarding the mechanical properties, the optimal sintering temperature for the CF
material is identified as 1200 °C, since sintering at this temperature leads to a

relatively high elastic modulus and high flexural strength.

4 .4 Conclusions

CF membranes were prepared by one-step thermal processing of powder mixture of
Ce0.3Gdo 2019, Fe,03, and Co30s. Different sintering temperatures were selected and
applied according to the phase interactions among the powder mixture characterized
by high-temperature XRD. It was revealed that the formation of iron cobalt spinel
and GCFCO starts at 750 °C and 1050 °C, respectively, while the formation of iron
cobalt spinel has a limited contribution regarding the reduction of the porosity. The
densification process is dominated by the formation of GCFCO. The membrane
sintered at 1050 °C reaches an almost fully densified microstructure with rather small
grains (~ 0.2 pm), but a large number of small pores are concentrated in some areas.
A higher sintering temperature of 1200 °C increases the density as well as the grain
size, while the distribution of pores is homogenized. However, a further increase of
the sintering temperature up to 1350 °C reduces the density due to the formation of

large and isolated pores.
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The mechanical properties of the membranes with rather dense microstructures, i.e.
CF-1050 and CF-1200, are characterized and compared. The elastic modulus of CF-
1050 appears to be lower than the ones of CF-1200, while the hardness of CF-1050
is slightly higher than the one of CF-1200 due to some grain boundary strengthening
effects. The fracture toughnesses of CF-1050 and CF-1200 are almost identical.
Besides, the flexural strength of CF-1200 is much higher than that of CF-1050. The
lower strength of CF-1050 can be attributed to the larger defects that appeared in the

inhomogeneously densified microstructure.

In conclusion, the optimal sintering temperature for the CF membrane, which is
beneficial for both the microstructural and the mechanical properties is suggested to
be 1200 °C.
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Figure A4.1 X-ray diffraction patterns of initial powder mixtures.
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Powder mixtures

Figure A4.2 Elemental mapping results of powder mixtures by Energy-dispersive X-ray

spectroscopy.
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(b)

— T
Figure A4.3 Electron backscatter diffraction (EBSD) phase mapping results of (a) CF-1050
and (b) CF-1200: the yellow, blue, red and green grains are Ce;.,GdO>.5, Fe.Co03.,04, GCFCO,

and CoO, respectively. (The CoO is only found in CF-1050 with a rather low volume fraction
of ~ 0.2 %).

Figure A4.4 Indentation cracks initiated on (a) CF-1050 and (b) CF-1200 with a load of 5 N.
(The CGO, FCO and GCFCO phase are denoted as 1, 2 and 3, respectively).
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CHAPTER 5

Micro-mechanical characterization of CepsGdo202-5-
FeCo204 dual phase oxygen transport membranes

Abstract

Aiming towards an optimization of dual phase oxygen transport membrane materials
for oxygen separation applications, ceramic composites consisting of a Ce;.Gd.O2.s
(0 <x <0.2) fluorite phase, Gdo.oCeo.1Feo8C00203 perovskite phase, Fe C03.104 (0 <
x < 1) spinel phase, and CoO rock salt phase are developed and micro-mechanical
properties (elastic modulus and hardness) of zCeosGdo20:.5- (1-z) FeC0204 (50 wt%
< z < 90 wt%) composites are characterized via indentation testing at room
temperature. Based on results obtained at low indentation loads, it can be indicated
that the magnitude of the elastic moduli of the different phases is in the order
GdoosCeo.1FepsC00203> CeivGd,Os.5 = Fe,Co3.,04 > Co0, and furthermore, hardness
values are also in the same order. The hardness values of the obtained composites at
higher impression loads reveal a stronger dependency on porosity rather than on
composition due to similar hardness values of the main phases. Any compositional

effect appears to diminish above a porosity ~ 1 %.

This Chapter has been published as: F. Zeng, J. Malzbender, S. Baumann, F. Schulze-
Kiippers, M. Kriiger, A. Nijmeijer, O. Guillon, W.A. Meulenberg, Micromechanical
Characterization of Ceo3Gdo202-5-FeC0,04 Dual Phase Oxygen Transport Membranes,
Advanced Engineering Materials 22(6) (2020) 1901558.

DOI: 10.1002/adem.201901558.
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5.1 Introduction

Oxygen transport membranes, that exhibit an almost 100 % permeation selectivity
regarding oxygen [1], are a promising option to realize environmental friendly,
economically sound and efficient processes for pure oxygen production [1-4], oxy-
combustion [5-7], and conversion of carbonaceous products [8-12]. These
applications typically involve harsh environments, in particular high temperatures,
and oxygen partial pressure gradients as well as the exposure to flue gas, which can
be detrimental to the chemical and mechanical stability of the respective membrane

components [13,14].

Ceramic dual phase oxygen transport membranes are promising candidates for long-
term stable operation under application relevant conditions [15-19]. These dual
phase membranes consist of two separated phases responsible for ionic and
electronic conductivity, respectively [1]. Flexible tailoring regarding chemical
properties and stability is permitted by a choice of plenty of possible materials for

the individual phases with sufficient ionic or electronic conductivity [20-23].

In fact, it has been indicated that the use of Ce3Gdo.0O1.9 as ionic conducting phase
enables the formation of mechanically and chemically stable composites [15,18,24-
26]. Furthermore, it appears that the performance of CeosGdo201.9-based dual phase
membranes can benefit from phase interactions between the two phases in the

composites [27,28].

To limit thermal stresses that might induce micro-cracking and failure, the selection
of an electronic conducting phase for CeosGdo2O1.9-based dual phase membranes
should not only be based on performance regarding conductivity, but also on a
matching coefficient of thermal expansion (TEC) with that of CeosGdo201.9. Hence,
FeCo,0;4 is an excellent candidate because of its high electronic conductivity of 18
S/cm at 800 °C. It furthermore possesses a TEC that is close to that of CeosGdo201.9
(~ 12 x 10° K [13].
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In fact, composites of zCepsGdo20:.5-(1-2)FeC0,04 (60 wt% < z < 90 wt%) (CF)
were reported to possess a remarkable chemical stability under flue gas conditions
[19]. These composites are multi-phase systems consisting of Ce;..GdO25(0 <x <
0.2) (CGO) fluorite phase, Fe,C03.:04 (0 <x < 1) (FCO) spinel phase, (Fe,Co)O rock
salt phase, and GdossCeo.15Fe0.75C002503 (GCFCO) perovskite phase formed via
phase reaction between Ce3Gdo 2025 (CGO20) and FeCo,04 (FC20) [19,28]. In this
case the newly formed electronic conductive phases, i.e. (Fe,Co)O and GCFCO,

contributed to an improved ambipolar conductivity [19,28].

There are a number of reports on the mechanical properties of single phase oxygen
transport membranes [29,30-33], however, studies on the mechanical properties of
dual phase membranes are limited [18,34,35]. Currently, no study has been reported
on the mechanical properties of CF composites. Hence, in this work, we report on
the investigation of the mechanical properties of initial CF composites and
subsequently formed phase components by indentation testing. The grain sizes of
individual phases in composites were optimized for the mechanical properties
assessment via indentation testing. The relationships between mechanical properties

of the composites and compositional variations as well as porosities are discussed.

5.2 Experimental

All powders were manufactured by mixing of stoichiometric amounts of
Ce03Gdo201.9 (CGO20) (Treibacher Industrie AG, 99 %), Co304 (Merck, 99 %) and
Fe,O3 (Merck, 99 %) (the mole ratio of Co3O4/ Fe;O3 was fixed at 4:3 to form
FeCo0,04 spinel (FC20)) via ball milling in ethanol. The powder mixtures were dried
at 75 °C for 3 days, then they were uniaxial pressed into discs and sintered at 1200 °C
for 10 h in air to obtain CF composites [6]. Finally, five CGO20/FC20 ratios were
synthesized, and they were abbreviated as 50CF, 60CF, 70CF, 85CF and 90CF with
weight fractions of CGO20 in raw powder mixtures equal to 50 wt%, 60 wt%, 70
wt%, 85 wt%, and 90 wt%, respectively.
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Two other kinds of powder mixtures were also prepared to obtain composites with
grains as large as 6 um. One was used to sinter composites with large FCO grains. It
was mixed by 85 wt% CGO20 and 15 wt% manually crushed and milled FC20
particles from bulk FC20 samples. The sintered composite was named CFr. The
other powder mixture was used to prepare a composite with large GCFCO grains
sintered at 1500 °C for 10 h. The cobalt and iron oxides in the powder mixtures were
restrained to an amount needed to form the GCFCO phase to reduce the amount of a
liquid phase formed at high temperatures [27,36]. This amount was calculated by
assuming no oxygen loss or gain in the powder mixtures after sintering according to
the reported compositions for 85CF [13]. The sintered composite with only CGO
and GCFCO was named as CG.

The sintered samples were embedded in resin and ground with SiC paper to remove
the as-sintered surface. Then the ground samples were polished in a colloidal silica

solution for at least 4 hours until all scratches were removed.

Crystalline structure characterization, phase composition determination and
quantification were performed via X-ray diffraction (XRD) (Empyrean, Malvern
Panalytical Ltd). The instrument was equipped with a Cu LFF tube, BBHD mirror,
and a PIXcel3D detector. Microstructures including grain size and volume fraction
were assessed with scanning electron microscopy (SEM) (Merlin, Carl Zeiss
Microscopy Ltd) and electron backscatter diffraction (EBSD) (NordlysNano, Oxford
Instruments Ltd). The porosities of the samples were calculated as area fraction of
pores measured via the ImageJ software based on binary pictures of polished sample
cross-sections from at least three SEM images via the so-called isodata threshold
method [37,38].

Instrumented indentation tests (NanoTest Xtreme, Micro Materials Ltd) were
performed on polished samples according to ASTM E2546-15 [39] using a constant
loading/unloading time of 10 s and a holding time of 8 s. The number of
measurements is specified in the results and discussion section. The positioning of

the imprint was assisted by an optical microscope equipped with an objective lens of
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50 x, where large pores and cracks were avoided. The mechanical properties were

then deduced according to the methodology proposed by Oliver and Pharr [40].

5.3 Results and discussion

5.3.1 Phase and microstructure characterizations

As the first step, the phase components of composites were investigated via XRD.
The XRD patterns of CF and CFy. reveal the coexistence of CGO fluorite, GdFeOs-
type perovskite, CoO rock salt, and FCO spinel with variations in cobalt/iron ratio
(see supporting information Figure AS5.1). The lattice parameters of the individual
phases except the FCO spinel phase in CF and CFy appear to be rather independent
of composition (see supporting information Table A5.1). Whereas, the XRD pattern
of CG confirms the presence of only CGO fluorite and GdFeOs-type perovskite
phases, which indicates a successful synthesized dual phase composite membrane.
Furthermore, the lattice parameter of the GdFeOs-type perovskite is close to that of

the CF composites.

Microstructures of the polished cross-sections of the composite are shown in Figure
5.1(a-h). Three phases are distinguishable either by intensity or topography. Some
grains are concave possibly due to differences in elastic, plastic and fracture
properties. The grey grains, denoted as 1, appear to be CGO grains in all composites,
as determined via EDS point quantification. These grains only contain Ce and Gd
(see supporting information Table A5.2). The Ce/Gd ratios in CGO are nearly the
same in CF and CFy, while the Ce/Gd ratios in CGO in CG are slightly larger. The
investigated black grains, denoted as 2, in CF and CFy. consist of Co and Fe only.
They are characterized as being FCO with varying Fe/Co content. The concave
grains, denoted as 3, are composed of mainly Gd and Fe, which indicates that they

are GdFeOs-type perovskite grains.
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Figure 5.1 Microstructures of (a) S0CF, (b) 60CF, (c) 70CF, (d) 85CF, (e) 85CF with lager
magnification and labeled grains, (f) 90CF, (g) CFi, and (h) CG. (CGO, FCO, GCFCO and
GCFO are denoted as 1, 2, 3 and 4, respectively).
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The element ratios indicate that the GdFeOs-type perovskite in CF and CFy is doped
by Ce and Co at the A and B sites [28], and the molar ratio of (Gd+Ce)/(Fe+Co) is
approximately equal to 1 (see supporting information Table A5.2). Consequently,
the composition of the GdFeOs-type perovskite in CF and CFL is estimated to be
Gdo9Ceo.1Fe03C00.03 (GCFCO) within the assessed grains. However, the
composition of the investigated GdFeOs-type perovskite grains in CG is estimated
to be GdooCeo.1FeO3 (GCFO) and contains no Co. The similar lattice parameters of
GCFCO and GCFO can be seen as an indication of similar chemical bonding
strengths between atoms, hence this might already imply that GCFCO and GCFO

possess similar elastic moduli and hardness values.

Nevertheless, the rock salt phase CoO could not be detected via SEM. Thus,
additional EBSD measurements were performed on CF to quantify all phases. An
example of the EBSD phase mapping result for SOCF is shown in Figure 5.2. Four
phases are detected via EBSD including CGO fluorite, GCFCO perovskite, CoO
rock salt, and FCO spinel, which is in good agreement with the XRD results. The
minor phase, i.e. GCFCO and CoO in 50CF appear to be rather inhomogeneously
distributed in a 2D image (see Figure 5.2). It should be noted that some small grains
or small grain surfaces might be not identified correctly under the current resolution.
Moreover, 3D reconstructions were not yet successful due to complexity, i.e. four
phases of similar compositions with small grain size. Further analysis is necessary

to clarify the exact phase evolution and distribution.

The volume fractions of all individual phases in CF are presented in Figure 5.3. The
average grain sizes of the respective phases are summarized in Table 5.1. CGO is
the most prominent phase with the highest volume fraction possessing a grain size
of 0.5 pm in the investigated composites. FCO is the second most abundant phase
with grain sizes being close to that of CGO. The GCFCO volume fraction increases
marginally with CGO20/FC20 ratio with a maximum at a CGO20 content of 85 wt%.
The grain size of GCFCO decreases slightly with increasing CGO20 content. A small
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amount of CoO phase is only detectable in SOCF and 60CF with grain sizes similar
to that of CGO.
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Figure 5.2 EBSD phase mapping on 50CF: the yellow, red, blue and green phase are CGO,
GFCCO, FCO and CoO, respectively.

It should also be noticed that the volume fraction of the GCFCO phase in these small
grains might be underestimated because of a topography effect of grain boundaries

from the concave grains (Figure 5.1).
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Figure 5.3 Volume fractions of the individual phases in CF.
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Table 5.1 Average grain sizes of phases in CF.

Grain size CGO FCO GCFCO CoO
Composite (um) (um) (num) (um)
50CF 05+02  07+04  1.0+05  05+02
60CF 05+02  06+03  08+04  04+02
70CF 05+02  05+02  0.5+02 -
85CF 05+02  03+01  04+02 -
90CF 05+02  03+0.1  04+0.1 -

5.3.2 Mechanical properties

The indentation technique provides a convenient characterization method of the
mechanical properties from macroscale to nanoscale [42], creating the capability to
obtain macroscopically and non-destructively the local mechanical properties of
individual phases in composites via imprints with dimensions restrained to ~ 1/10 or
less of the size of targeted single grain or isolated phase area, i.e. less than 50 nm for
CF. It is not possible to locate imprints on grains smaller than ~ 2 um via the

available optical microscope with a 50 x objective lens.

Therefore, CG and CFL materials with larger grain sizes were used for targeted
indentations tests with a load of 5 mN to characterize the mechanical properties of
the individual phases. The tests were carried out for individual grains (like the grain
denoted as 2 in Figure 5.1(g) and 4 in Figure 5.1(h), respectively) or phase areas (as
the area denoted as 1 in Figure 5.1(g)) with a diameter larger than 6 um since they
can be expected to be more than ten times larger than the indentation sizes (plastic
and elastic zone) and can hence be easily identified by color and topography with

the optical microscope.
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For CG, indents were located close to the centers of 20 concave GCFCO grains. And
for CFL, indentations were initially located close to the centers of 20 isolated white
CGO phase areas. Subsequently, in order to identify the mechanical properties of
FCO and CoO grains, special indentation test schedules were developed combined

with EBSD investigations on indented areas as outlined in the following.

A 15 x 15 grid of indentations with a load of 5 mN were imprinted on CFr, where in
particular large black grains were selected. The distance between each indent was
set to ~ 3 wm, which is approximately 3 times larger than the indentation sizes (< 1
pum) to minimize influence from neighboring imprints [43,44]. The indented areas

were afterward characterized via EBSD to verify phases.

The phase mapping of the indented area is illustrated in Figure 5.4(b) for comparison
along with an optical micrograph (Figure 5.4(a)). It shows that the brownish grains
are FCO grains (Figure 5.4(a)), and most CoO grains visible as greyish are embedded
within the FCO grains. Hence, the large grey grains inside brownish FCO grains

could be targeted as CoO grains for the indentation tests under the optical microscope.

The derived elastic modulus (E) and hardness (H) mappings of the grid of imprints
are presented in Figure 5.4(c) and Figure 5.4(d), respectively. Some indents were
located on cracks, grain boundaries and pores leading to low £ and H values. These

artifacts will not be considered during the subsequent analysis and discussion.

The CoO grains have an E value close to that of the FCO grains, which is lower than
the £ value of their surrounding grains (CGO and GCFCO), while the H value of the
CoO grains is much lower than the H value of FCO.

In order to get statistical relevant values of the mechanical properties of the FCO and
CoO phases, indents were subsequently imprinted in an additional test series in the
middle of a number of individual grains including 50 FCO grains and 20 CoO grains.
Because of the variations in cobalt content, a higher number of FCO grains were

investigated to derive reliable statistical values.
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Figure 5.4 Investigation of grid indentation array via (a) optical micrograph, (b) EBSD phase
mapping (the blue, green, yellow and red grains correspond to FCO, CoO, CGO and GCFCO,

respectively), and the corresponding (c) elastic modulus mapping, and (d) hardness mapping.

The derived mechanical properties of the individual phases are summarized in Table
5.2. The E and H values of GCFO are significantly larger than those of the other
phases, and they are the same as for GCFCO. CGO and FCO show similar £ and H
values within the limits of statistical uncertainty. CoO possesses a similar elastic
modulus, but a much lower hardness when compared with CGO and FCO.
Furthermore, the mechanical properties of FCO are barely influenced by variations

in cobalt content as the standard deviation of the £ and H values of FCO are close to
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that of CGO. These deviations might be induced by the noise in the device [45]. In
summary, the £ values decrease according to GCFCO = GCFO > CGO = FCO >

Co0, and the H values descend in the same order.

Table 5.2 Mechanical properties of CGO, FCO, CoO and GCFO phases.

Property Elastic modulus Hardness
Phase (GPa) (GPa)
GCFO 284 +21 31.7+ 1.9
CGO 22910 13.6 £0.7
FCO 209 £ 12 13.3£0.8
CoO 193 +17 6.1£0.6

Therefore, on the basis of mechanical properties and volume fractions of the phase
constituents in CF, it can be predicted that the elastic modulus and hardness of CF
improve as a function of CGO content due to the associated increase in CGO and
GCFCO content in the composites (Figure 5.3), whereas the small amount of CoO

rock salt phase is expected to have only a minor effect.

In order to assess the average elastic modulus and hardness of CGO20-F2CO
considering it as a kind of homogeneous material, imprints should be significantly
larger than the representative volume element of the composites [46]. The small
grain size and good homogeneity of the individual phases in CGO20-F2CO suggests
that imprints with a size around ten times larger (> 5 pm) than the grain size will be
appropriate for yielding reliable effective elastic modulus and hardness for the
composites. Thus, 20 indentation tests with a higher load of 150 mN were conducted
on the polished sample cross-sections in subsequent tests. The resulting imprints
were larger than 5 um and covered a representative area of the microstructure of the

composites.
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The derived mechanical properties for the CF composite are presented in Figure 5.5.
The E value starts to rise marginally when the CGO phase is above 72 vol%, whereas
the H value shows no clear dependence on CGO content, but shows a minimum
value when CGO is 72 vol%, coinciding with the highest porosity obtained for the

range of compositions in this work.

CGO content after sintering (vol%)

44.8 56.3 72.1 84 90.5
250 ; ; , — 16 75
225 - iElastic moaulus |
5 ! : ;/§\§ 114 4
et -

200 - Hardness | —
_ %; | | ‘ Cooq12 o 93 R
o] | | [a] ~

—_— ‘ 5
Sist %}\%/%\é o 2z
i 0 i i = o
: s ‘ ; NI U £ 3
1500 ! ! o
| | 2 | |
sk EPOI'OSl.ty /\ 48 41
% | : il
N e
50 60 70 85 90

CGO20 content before sintering (wt%)

Figure 5.5 Elastic modulus, hardness and porosities of CF.

Usually, both £ value and H value of ceramic materials decrease with increasing
porosities [31,47]. The porosities of CF except 70CF vary between ~ 0.6 % and ~
0.7 % (Figure 5.5), and they barely change with composition, while 70CF has a
relatively higher porosity of ~ 1.3 %, which leads to a slight decrease of the H value
but no significant influence on the £ value. Thus, the porosity dependence of the H
value is stronger than that of the £ value, and the £ value is more dependent on
composition (note, the elastic zone is around ten times larger than the plastic zone,

hence, the hardness is stronger affected by local effects).
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In the interest of validating the influence of porosities on indentation test results, an
85CF composite with a higher porosity of ~ 3.8 %, but with the same composition,
abbreviated as 85CFp, was prepared by a Pechini process. Details on the synthesis
route and microstructure were reported elsewhere [6]. Both E value and H value of
85CFp, as derived from the indentation tests with a load of 150 mN, are smaller than
the values obtained for the 85CF composition (Table 5.3). They are even lower than
that of SOCF with a porosity of 0.6 % despite the high CGO and GCFCO content.
Therefore, it can be concluded that the porosity has a stronger effect than the

composition on elastic modulus and hardness of CF when the porosity exceeds ~ 1 %.

Table 5.3 Mechanical properties of 85CF with different porosities.

Property Porosity Elastic modulus Hardness
Composite (%) (GPa) (GPa)

85CF 0.7£0.02 223 +4 114£04

85CFp 3.8+1.7 196 +5 9.7+£0.5

5.4 Conclusions

Four phases including CGO, GCFCO, FCO, and CoO were identified in CF
composites, which were synthesized by solid state reaction. Their individual elastic
modulus and hardness values are derived from targeted indentation measurements
on composites with optimized microstructures. The results indicate that the £ values
decrease according to GCFCO > CGO = FCO > Co0, and the H values descend in
the same order. The £ value mainly depends on the composition, and slightly
increases with CGO content, while the H value is also biased to a stronger extent by
porosity rather than composition. Furthermore, it can also be concluded from
indentation test results that a porosity above ~ 1 % has a stronger effect on the elastic
modulus and hardness than the composition for CF composites. Overall, this work

provides elastic modulus and hardness of all individual phases in CF materials,
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including apparently high temperature stable phases and phase interaction products.

The results can be applied for further mechanical modeling.
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Appendix A5

Table A5.1 Lattice parameters of composites.

attice parameter CGO GdFeOs-type CoO
fluorite perovskite rock salt
Composite a(A) a(A) b (A) c(A) a(A)
50CF 5.41 5.34 5.61 7.66 4.26
60CF 5.42 5.34 5.62 7.66 -
70CF 5.42 5.34 5.61 7.66 4.26
85CF 5.42 5.34 5.61 7.66 4.26
90CF 5.42 5.34 5.61 7.65 4.26
CFL 5.42 5.34 5.61 7.66 4.26
CG 5.42 5.37 5.60 7.70 -

Table A5.2 Average EDS point quantification results of all individual phases in composites.

Element Ce Gd Fe Co/ Ce/(Gdt+  Co/(Fet  (Gd+Ce)/(Fe
Spectrum (mol%) (mol%) (mol%) (mol%) Ce) Co) +Co)
779 + 22.1+ 0.78 +
cF 2.2 2.2 i j 0.02 i }
Grey CF 78.4 + 21.6 £ ) ) 0.78 £ ) )
grain b 4.7 4.7 0.05
85.1 £ 14.9 + 0.85 +
G 0.3 0.3 ) i 0.003 ) i
CF i i 26.7 + 733 + ) 0.73 + )
Black 18.7 18.7 0.19
grain CF ) ) 13.7 £ 863+ ) 0.86 + )
- 17.1 17.1 0.17
47.6 + 37.6 0.10 £ 0.20 +
. CF 5114 18 L4 9.7+3.5 0.02 0.06 1.12 £0.09
onca
493 £ 376+ 0.07 + 0.20 +
ve CFL 40+1.3 12 10 9.1+12 0.03 0.02 1.14£0.01
grain
CG 79+04 BTE 4842 - 0.15 * - 1.07 £0.02

0.6 0.4 0.01
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CHAPTER 6

Residual stress and mechanical strength of CesGdo.202-5-
FeCo204 dual phase oxygen transport membranes

Abstract

Ce03Gdo2025-FeC0204 membranes, benefiting from their excellent chemical
stability, exhibit a broad application potential in oxygen-consuming industrial
processes running in harsh environments. For long-term reliable operation, the
membrane needs to possess sufficient mechanical strength. This paper characterizes
the typical aspects that challenge the mechanical stability of the sintered membrane,
including composition and microstructural defects as well as residual stress and
residual stress gradients. It is revealed that mechanical strengths of the sintered
membranes increase with decreasing iron cobalt spinel content, that the high iron
cobalt spinel content induces microcracks, and that high residual tensile stress
gradually decreases from the as-sintered surface to the bulk. Although the residual
tensile stress can be reduced by applying an extensive elevated temperature dwell
time during cooling, it is suggested to limit the iron cobalt spinel content to a nominal
value of 15 wt% to eliminate the residual tensile stress while maintaining a high

mechanical strength.

This chapter has been submitted for publication as: F. Zeng, J. Malzbender, S. Baumann, A.
Nijmeijer, L. Winnubst, O. Guillon, R. Schwaiger, W. A. Meulenberg, Residual stress and
mechanical strength of CeosGdo20,5-FeC0,04 dual phase oxygen transport membranes,

Journal of the European Ceramic Society.
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6.1 Introduction

Ceramic oxygen transport membranes possess substantial economic and
environmental benefits for industrial processes related to high purity oxygen
separation and production [1-3], partial oxidation of hydrocarbons [4-6], and oxy-
combustion [7-9]. Single phase perovskite membranes, such as
Bag 5S10.5C00.8Fe0203.5 [10], and Lag¢Sro4Coo2Feos0s.5 [11], exhibit high oxygen
permeation fluxes but suffer from chemical and thermo-mechanical instabilities
under practical application-relevant conditions [12-19]. By contrast, it has been
verified that dual phase membranes consisting of ion conducting phase(s) and
electron conducting phase(s) possess excellent chemical stability under harsh
application environments [20-28]. The CGO fluorite is often chosen as the ionic
conducting phase for dual phase membranes because of its high ionic conductivity
[29], as well as high chemical stability [20-22, 24, 28, 30-34]. Spinel oxides, e.g.
FeC03.,04 (x=1 or 2), NiFe;O4, and Mn; sCo; 504, have been widely used as electron
conducting phase for CGO-based dual phase membranes to realize high mixed ionic-
electron conductivity [20, 35-38]. As an example, 85 wt% CeosGdo202.5-15 wt%
FeCo,04 membrane, which contains an ion conducting phase-Ce..Gd 0.5 (0< x <0.2)
(CGO) and two electron conducting phases-Fe,Co3.,04 (0 < y < 2) (FCO) and
Gdo.35Ceo.15Fe0.75C00.2503 (GCFCO) [20, 39, 40] after sintering, has been shown to
be chemically and functionally stable in CO»- and SO»-containing gas mixtures at

850 °C over at least 200 h under an oxygen partial pressure gradient [20].

For the long-term safe operation of oxygen transport membranes under application-
relevant conditions, in addition to oxygen permeation flux and chemical stability also
the mechanical strength needs to be considered as one critical aspect [15, 41].
However, only a few studies have yet focused on the mechanical strength of dual
phase membranes [40, 42-45].

Microstructural defects, e.g. cracks, impurities, inhomogeneities and voids, are
known to be typical fracture origins of ceramic materials [46]. In addition, residual

stresses and residual stress gradients also affect the fracture behavior of ceramic



143 Chapter 6

materials [47]. A residual tensile stress can lead to a decrease of the apparent
mechanical strength by inducing cracks and increasing the stress intensity at
potential fracture origins. Compositional and/or stoichiometric gradients over the
thickness of the ceramic sample, which can be induced by inhomogeneous phase
transformations and/or stoichiometric differences, may result in residual stress
gradients [47]. Dual phase membranes, for example, comprising fluorite and Co-
containing spinel phases, have typical sintering temperatures between 1200 °C and
1400 °C [20, 35-37], which is a temperature range where a CoO rock salt phase exists
[40]. The spinel phase results from a phase transformation of the rock salt phase
during cooling after sintering [40]. This phase transformation process appears to be
slower in the bulk than at the surface of the ceramic due to the presence of the CGO
and GCFCO phases, hence, a small amount of rock salt was reported to remain in
the bulk of 50 wt% Ceo.8Gd202.5-50wt% FeCo.04 membranes even after applying
a slow cooling rate of 0.5 K/min in the critical temperature range of 900 °C-800 °C
[39, 48]. In addition to the different amounts of the rock salt phase over the
membrane thickness, the crystal structure of the fluorite phase (CGO) in 50 wt%
Ce08Gdo2025-50wt% FeCo204 and 85 wt% CeosGdo2025-15wt% FeCo204
membranes also varies between the surface and the bulk materials: the lattice
constant of CGO in the bulk is larger than that at the surface, which indicates that
the oxygen non-stoichiometry in CGO in the bulk is higher than that at the surface
[49]. Such oxygen stoichiometry variations between surface and bulk are likely

origins of residual tensile stresses that gradually decreases from surface to bulk [49].

The current work focuses on the characterization of the residual stress and its effect
on the fracture strength as well as on the development of thermal processing steps to
alleviate any detrimental residual stresses, i.e. tensile stresses, for CeosGdo202.5-
FeC0,04 dual phase membranes. The microstructural, compositional and crystal-
structure variations across the disc-shaped membrane were investigated in detail as
potential causes of residual stress. The residual stress and residual stress gradient
within the membrane were analyzed by X-ray diffraction (based on the sin?

method) and indentation. The relation between fracture strength and residual stress
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is discussed, aided by fractographic analysis of fractured membranes that experience

different residual stress states.

6.2 Experimental

Ce03Gdo202.5-FeC0204 composites were synthesized by solid-state reaction with
one-step thermal processing. Stoichiometric amounts of CesGdo202.5 (Treibacher
Industrie AG, 99 %), Co30s4 (Alfa Aesar, 99.7 %) and Fe,Os (Sigma-Aldrich, 99 %)
were mixed as precursor powder mixtures to prepare three different nominal weight
ratios of CeosGdo202.5to FeCo0,04, being 50:50, 70:30 and 85:15; the Co/Fe mole
ratio was fixed at a value of two in order to form FeCo0,04 nominally [40]. The
powder mixtures, ethanol and zirconia balls were filled up to relative ~30 vol% in a
polyethylene bottle and milled on a roller bench. Other details regarding milling
parameters and procedures can be found in our previous work [40]. The ball-milled
powder mixtures were then dried at 75 °C for 3 days and subsequently uniaxially
pressed into discs with diameters of 20 mm using a pressure of 19 MPa [40, 48]. The
obtained discs were sintered in air at 1200 °C for 10 hours at a heating rate of 3
K/min. Two different cooling procedures were applied to complete the oxidization
of the CoO rock salt phase [50-52]. The first one included a slow cooling step of 0.5
K/min between 900 °C and 800 °C, while the cooling rate for the other temperature
ranges was 3 K/min. Three composites, which are referred to as SOCF, 70CF and
85CF in the following, were obtained with this cooling procedure. The numbers of
the abbreviations correspond to the nominal fractions of CeysGdo 205 content in the
staring powder mixtures. The second cooling procedure included an extended
dwelling step at 850 °C for 100 hours, while the cooling rate for the entire
temperature range was 3 K/min. This cooling procedure was only applied for the
sintering of S0CF, which will be referred to as dwelled-50CF.

The materials below the as-sintered surfaces of the 1 mm thick sintered discs were
gradually exposed by controlled grinding and polishing steps, as outlined in detail in

our previous work [49]. Residual stresses potentially induced by the grinding were
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removed by multiple fine-polishing steps to achieve a mirror finish [53]. In this way,
two materials’ subsurfaces at respective depths of ~ 30 and ~ 300 pm below the
original as-sintered surface, termed in the following sub-surface and bulk surface,
respectively, were exposed. For the sample SOCF, both sub-surface and bulk surface
were investigated, while for 70CF and 85CF, only the bulk surfaces were

characterized.

The crystallographic structure of the as-sintered surface was characterized by X-ray
diffraction (XRD) (Empyrean, Malvern Panalytical Ltd) for all composites. The
instrument was equipped with a Cu long fine focus tube (40 kV / 40 mA), Bragg-
BrentanoHD mirror (divergence = 0.4°), and PIXcel3D detector (1D-mode, active
length = 3.35°, 255 channels). For sample SOCF, additionally sub-surface and bulk

surface were characterized.

Microstructures were assessed by scanning electron microscopy (SEM) (Merlin,
Carl Zeiss Microscopy, Oberkochen, Germany). The porosity was estimated as the

area fraction of pores using the software ImagelJ [54].

The residual stresses (o,-) within individual phases at different surfaces, including
the as-sintered and bulk surfaces of all composites (i.e. SOCF, dwelled-50CF, 70CF,
and 85CF) and the sub-surface of SOCF, were determined by XRD based on the
sin? 1) method [55]. The diffraction peaks at high 26 angles (>85°) were recorded
providing sufficient intensity for analysis using a Philips MRD Pro diffractometer
with Cr-Ka (35 kV / 50 mA) radiation. Lattice spacings (d) of crystal planes
CGO(311), FCO(440), GCFCO(133) and Co0O(220) were derived based on the
diffraction peaks obtained at different angles (y). For a crystal plane experiencing a
uniform stress state, the lattice d-spacing (d) is in general approximately linearly
proportional to sin? 1 [55]. The o, value was calculated for the different crystal
planes representing the residual stress in the individual phases [55]:

_E 1 ddy,
Tv+1 dyer 0sin?y

6.1)

Oy
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where E and v are elastic moduli and Poisson's ratios; dy, is lattice spacing
measured with an inclined angle of 1, d,..; the lattice spacing in a stress-free sample
as a reference. Assuming that the lattice of a phase exhibits isotropic elasticity, the E
value of the investigated crystal plane was estimated to be equal to the average E
values determined from nano-indentation of individual grains, as described in our
previous work [48]. The v was assumed to be 0.3, which is a typical value of

ceramics [56].

The indentation method was applied to estimate the average residual stresses at the
as-sintered surfaces for SOCF and dwelled-50CF [57]. Assuming that the indentation
crack is shorter than the thickness of the layer exhibiting a residual stress gradient,
Vickers indentations at loads of 0.245 N and 1 N were imprinted using a macro
indentation machine (Micromet® 1, Buehler Ltd). At each load, five indentations
with a distance of 500 um in-between were conducted while avoiding obvious
microstructural defects, e.g. pores and microcracks. The stress intensity (K.) of
indentations for a c/a value greater than 2.5 (a and c are half-diagonal and crack
length of the indent, respectively) was calculated by [40]:
15

ke =0016-(5) (%) 62)

where E and H are elastic modulus and hardness, respectively, as taken from our

previous work [48], and P is the indentation load.

The K obtained at a stress-free surface can be considered to be equal to the fracture
toughness (K;c), while K. derived at a surface experiencing residual stress is

composed of two terms [57]:
Kc = Kic — Kyes (6.3)

where K,..; represents the stress intensity for a crack in the residual stress field, given
by [57]:

Kies =Y "0y \/E (6.4)



147 Chapter 6

where Y is the stress intensity factor with a value approximately equal to 1.12+/m for

a half-penny shaped crack [58, 59].

The fracture strength, i.e. being in the current work defined as the average fracture
stress, was determined by ring-on-ring bending tests using an electromechanical
testing machine (Instron 1362, Lebow Ltd) following the general procedure outlined
in ASTM C1499-05 [60]. Either the as-sintered surface or the bulk surface was in
tension during the test. Loading and supporting rings with diameters of 3.43 and 9.99
mm, respectively, were used. The stress rate was 20 MPa/s [49]. Five as-sintered
specimens were tested for each composite. To test with the bulk surface in tension,
five as-sintered S0CF discs were ground and polished at one side to obtain bulk
surfaces. The specimen thickness after the surface layer removal was less uniform
than before (the average standard deviation of all specimens was ~29 um). Hence,
the fracture stress of each ground and polished 50CF was calculated using the
smallest and largest thickness measured within the effectively tested area. The
fracture stress (or) was derived from equation (6.5) [40, 49, 60], and averaged for
each composite.

3F r2 —rf

- 1= =
i — 1-v) 272 +(1+v) lnrl (6.5)

where F is the fracture force; r is the radii, t the thickness; subscripts s, [, and p

denote the support ring, loading ring, and the tested disc, respectively.

The fracture surfaces were investigated using SEM to reveal the likely fracture
origins. The measured fracture origin size (C), i.e. the equivalent radius of
circular/semicircular origin or minor axis length of elliptical/semielliptical origin,
was compared with the values estimated by [40, 49]:

Kic
Yo

VC = (6.6)

where o is the stress at the fracture origin. Several Y values for origins with different
shapes, in addition to the Y value for a half-penny shaped crack (see also above), are
given in ASTM C1322-15 [46].
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6.3 Results and discussion

6.3.1 Microstructure

The microstructures of the as-sintered surface, the sub-surface and the bulk surface
of 50CF as investigated by SEM are presented in Figure 6.1. The different phases
can be distinguishable by the different greyscale level. According to our previous
electron backscatter diffraction phase mapping studies on the same composite with
an identical microstructure, a CoO rock salt phase existed in the bulk of the sintered
S0CF [48]. This CoO cannot be distinguished with the FCO phase due to a similar
contrast in the BSEM micrographs [48]. Apparently, a longer time is needed for the
large amount of CoO rock salt phase in the bulk of S0CF to oxidize into the spinel
during cooling, while the oxidization of the CoO rock salt phase can be completed
at the surface upon exposure to the excess oxygen in air [49]. As confirmed by XRD
diffractions (see Figure A6.1), the CoO only exists in the sub-surface and bulk
surface regions of 50CF, while CGO, FCO and GCFCO can be found in all surfaces.
Thus, the black grains at the as-sintered surface, as shown in Figure 6.1(a), are FCO
spinel grains, while the ones at the sub-surface and bulk surface, as shown in Figure
6.1(b,c), can be either CoO or FCO grains. The incomplete oxidization of CoO
indicates oxygen deficiency within the bulk of SOCF. The grey and light grey grains
in the bulk of the composites are CGO and GCFCO grains, respectively (see Figure
6.1(b,c)) [39,40]. However, CGO and GCFCO grains cannot be distinguished at the
as-sintered surfaces. No significant phase composition variations across the discs are
observed. Furthermore, a considerable number of long microcracks were observed
at the as-sintered surface of SOCF (see Figure 6.1(a)), which possibly also propagate
towards the sub-surface (see Figure 6.1(b)) and are not visible anymore at the bulk

surface (see Figure 6.1(c)).
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@ §

‘ CGO or GCFCO

Figure 6.1 BSEM micrographs of (a) the as-sintered surface, (b) the sub-surface, and (c) the
bulk surface of S0CF.

For 70CF and 85CF, it was reported that the CoO phase did not residual in the bulk
after sintering [48]. Hence, the black grains at the as-sintered and bulk surfaces, as
shown in Figure 6.2 for 85CF as examples, are FCO spinel grains. Besides, 70CF
and 85CF appear to be free of microcracks for both the as-sintered and bulk surfaces,
as, e.g. shown in Figure 6.2 for 85CF. The individual phases in 70CF and 85CF show

no significant volume variations regarding phase content across the sintered discs.
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Figure 6.2 BSEM micrographs of (a) the as-sintered surface, and (b) the bulk surface of 85CF.

For dwelled-50CF, no microcracks are visible at the as-sintered and bulk surface, as
illustrated in Figure 6.3. Furthermore, the CoO phase in the bulk is fully oxidized
into the spinel phase, as confirmed by the XRD patterns (see Figure A6.1).

)

€GO or GCFC

'
Figure 6.3 BSEM micrographs of (a) the as-sintered surface, and (b) the bulk surface of
dwelled-50CF.

6.3.2 Lattice constants

The lattice constants of CGO, GCFCO and CoO as obtained at the as-sintered and

bulk surfaces are compared in the following for all composites, while it was not
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possible to determine one lattice constant for FCO due to the variation of the cobalt-
to-iron ratios of FCO [48].

For 50CF, the lattice constants of CGO and GCFCO in the bulk are slightly larger
than the one at the as-sintered surface (see Figure 6.4 and Table A6.1). The different
lattice constants might indicate differences in the oxygen stoichiometry. The lower
oxygen stoichiometry in CGO and GCFCO are possibly caused by an oxygen
deficiency within the bulk of SOCF, as supported by the existence of the CoO phase

that did not oxidize into the spinel during cooling.

For 70CF and 85CF, the lattice constants of CGO and GCFCO share similar values
at the as-sintered and bulk surfaces (see Figure 6.4 and Table A6.1). However,
according to our previous work on 85CF containing larger FCO grains [49], the
lattice constant of CGO is marginally larger in the bulk than at the as-sintered surface.
This indicates that differences in the lattice constant of CGO over the cross section

of 85CF cannot be observed due to the reduced grain size of FCO.
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Figure 6.4 Lattice constants of CGO at the as-sintered and in bulk surfaces of the different

composites.
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For dwelled-50CF, the lattice constants of CGO are almost identical (~5.412 A) at
the as-sintered and the bulk surfaces, as shown in Figure A6.1. And the CoO appears
to be absent within the bulk. Therefore, the potential oxygen stoichiometry

deviations across the sample can be smoothed out after the dwelling step.

6.3.3 Residual stress

6.3.3.1 XRD

For 50CF, at the as-sintered surface, the lattice spacings of CGO(311) and FCO(440)
exhibit a linear dependency on sin?1p, as shown in Figure 6.5. Residual tensile
stresses were determined from the corresponding positive slopes according to
equation (6.1). Due to the low intensity of the associated diffraction peaks, it was not
possible to directly assess the residual stress associated with the GCFCO phase. Note,
the GCFCO phase, with a volume fraction of only ~ 6 vol%, distributes as isolated
islands surrounded by the other phases [61], and it possesses a thermal expansion
coefficient comparable to that of CGO and/or FCO (~12 x 10¢ K'") [49]. Hence, the
GCFCO phase is expected also to exhibit residual tensile stress. Therefore, it can be
concluded that the entire as-sintered surface exhibits a residual tensile stress. By
contrast, at the sub-surface, measured d values of CGO(311) and FCO(440) are
almost independent of sin? Y values (see Figure A6.2), suggesting an almost stress-
free state of the sub-surface. At the bulk surface, the d of CGO(311) decreases with
sin?1) values; the linear fitting yields a negative slope with relatively large
uncertainty, which corresponds to a small compressive stress value (see Figure 6.6).
The d values of FCO(440) and CoO(220) are almost independent of sin? 1 values
(see Figure A6.3), suggesting a stress-free state for the sub-surface in FCO and CoO.
Since the content of CGO in 50CF is lower than 50 vol% [48], the average stress in
the bulk surface of SOCF appears to be negligible. Therefore, it can be concluded
that a residual stress gradient across the SOCF disc exists, which can be attributed to
differences in lattice shrinkage at the surface and in the bulk. The lattice shrinkage

during cooling can be expected to be more pronounced at the surface than in the bulk,
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since more oxygen vacancies are present in the bulk than at the surface after sintering.
This is indeed supported by our investigations showing that the lattice constant of
CGO and GCFCO is greater in the bulk than at the as-sintered surface (see Figure
6.4 and Table A6.1).

For 70CF, d of CGO(311) and FCO(440) at the as-sintered surface slightly increase
with sin? 1 values in a nonlinear manner (see Figure 6.5), suggesting an almost

stress-free as-sintered surface [55].

For 85CF, it has been difficult to analyze the residual stress of the FCO phase due to
the low intensity of the diffraction peaks, the peak broadening, and the overlapping
induced by the variation of Co-to-Fe ratio [49]. However, the diffraction peaks of
CGO and GCFCO exhibited sufficient intensities for residual stress analysis. At the
as-sintered surface, as can be seen from Figure 6.5(a), a linear dependency of d on
sin? v values is observed for CGO(311) in 85CF being an indication of a relatively
small residual compressive stress. This small compressive stress was confirmed by
another set of XRD measurements for CGO(331) yielding a compressive stress value
of ~ 74 £ 4 MPa, as shown in Figure A6.4(a). Note, in Figure A6.4(b), the lattice
spacings of GCFCO(133) decrease with increasing sin® values in a nonlinear
manner, indicating a rather inhomogeneous strain distribution among the GCFCO
grains. At the bulk surface, as revealed in Figure 6.6, the linear dependency of d on
sin? 1y for CGO(311) yields a residual compressive stress value that is comparable
to the one measured at the as-sintered surface (see Figure 6.5(a)). This observation
was confirmed by a second measurement for CGO(331) also indicating a
compressive stress value of ~ 53 £ 1 MPa (see Figure A6.5). Thus, the CGO across
the sintered 85CF disc experiences a rather uniform compressive stress state,
indicating that no residual stress gradient exists. After a thermal annealing using the
sintering program described above, CGO (311) at the bulk surface of 85CF
experiences a residual compressive stress of ~ 63 = 3 MPa (see Figure A6.6). Hence,

the thermal annealing has not alleviated the residual compressive stress.
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Figure 6.5 Dependencies of d on sin? 1 values and residual stresses derived for (a) CGO(311)
and (b) FCO(440) at the as-sintered surfaces. The residual stresses were determined from

equation (6.1).
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Figure 6.6 Dependencies of d on sin? 1 values and residual stresses derived for CGO(311)

at the bulk surfaces. The residual stresses were determined from equation (6.1).
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For dwelled-50CF, the residual tensile stresses in CGO(311) and FCO(440) at the
as-sintered surface are much lower than the ones at the as-sintered surface of the
initial S0CF (see Figure 6.7). This suggests that the residual tensile stress of S0CF is
reduced but not eliminated by the dwelling step.
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Figure 6.7 Dependencies of d on sin? 1 values derived for (a) CGO(311), and (b) FCO(440)
at the as-sintered surface of dwelled-50CF. The residual stresses were determined from

equation (6.1).

6.3.3.2 Indentation method

Since the average penetration depth of X-rays exceeds a few microns [62], the XRD
method yielded residual stress values averaged over a thin surficial layer. Both SOCF
and dwelled-50CF exhibited an apparent residual stress gradient, which was further
complementary investigated by imprinting indentations to different depths. The
presence of residual stress will affect the indentation crack extensions within a
material layer. Residual stress values can be estimated from the differences between
stress intensities with and without the influence of the residual stress (as can be seen

from equation (6.3, 6.4)).

The indentation induced crack lengths were firstly measured for the bulk surfaces,
and the obtained indentation stress intensity (see Table 6.1) can be regarded as a

representation of the fracture toughness due to the negligible residual stress.
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At the bulk surface of S0CF, well-defined indentations with ideal crack profiles are
obtained after the application of a load of 1 N (see Figure 6.8(a)), and the c/a value
was larger than 2.5 indicating a half-penny shaped crack (length equals to depth) [63,
64]. Accordingly, the fracture toughness was derived to be ~ 0.82 + 0.03 MPa-m®3
(see Table 6.1). For indentation loads of 0.245 N, cracks could hardly be generated
(see Figure A6.7(a)). According to our previous study on the stress-free SOCF with
large grains, the indentation fracture toughness with a value of ~ 0.88 + 0.11
MPa-m®? at 1 N is almost independent of the indentation load for this type of material
[49]. Thus, the expected fracture toughness obtained at 0.245 and 1 N should be
equal. Furthermore, indentation cracks, as shown in Figure 6.8 and Figure A6.7,
exhibit a mainly transgranular mode with limited deflections along the grains,

indicating that similar stress intensities can be expected for different grains.

At the bulk surfaces of 70CF and 85CF, the obtained fracture toughness values were
comparable with those obtained at the bulk surface of S0CF (see Table 6.1). The
fracture toughness appears to be independent of the composition, indicating that the
apparent compressive stress in CGO in S0CF and 85CF (see Figure 6.6) has a limited

influence on the fracture toughness.

Table 6.1 Indentation stress intensities (apparent fracture toughness) derived for the bulk

surfaces.
; Kc (=Kic)
Composite (MPa-m®>) Reference
50CF 0.82+0.03
This work
70CF 0.81£0.03

85CF 0.86 + 0.06 [40]




157 Chapter 6

Figure 6.8 Vickers indentations at a load of 1N imaged by SEM on the (a) bulk surface of
S0CF, (b) as-sintered surface of SOCF, and (c) as-sintered surface of dwelled-50CF. Imprints

in (b) and (c) are marked by arrows. It should be noted that the scale bars are different.

Into the as-sintered surface of SOCF and dwell-50CF, imprints with well-defined
crack profiles were induced by both loads (see Figure 6.8(b) and Figure A6.7), from

which low indentation stress intensity values were calculated (see Table 6.2).

For the as-sintered surface of SOCF, the indentation stress intensity appears to be
independent of the indentation load and is significantly lower than the fracture
toughness value measured at the bulk surface of SOCF (see Table 6.1), indicating the
significant contribution of the residual tensile stress. The residual tensile stress
calculated from indentations at 0.245 N is marginally higher than the one for

indentation at 1 N considering the experimental uncertainties (see Table 6.2).
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Compared to the residual tensile stress values obtained from the XRD method (see
Figure 6.5), the stress values from the indentation method are much lower. This can
probably be associated with the presence of the stress gradient, which implies that
the indentation method reflects the effect of a stressed layer that is thicker than the
one directly measured by the XRD method. As the indentation cracks induced by 1
N (resulting in a crack depth of ~ 45 + 4 pm) are longer than the extend of the almost
stress-free sub-surface region (~ 30 um), the residual tensile stress value derived by
indentation at 1 N can be regarded as an average stress value over the whole stressed
layer. The apparent indentation crack depth induced by 0.245 N (~ 18 + 4 pum),
however, is shorter than ~ 30 um, but still exceeds the penetration depth of X-rays.
The residual stress value from indentations at 0.245 N reflects the average residual

tensile stress of a section of the stressed layer.

Table 6.2 Indentation stress intensities and residual stresses determined for the as-sintered

surfaces of 50CF and dwelled 50CF.

K (MPa-m®?) Residual stress (MPa)
Sample
0.245N IN 0.245N IN
50CF 0.24 £0.07 0.23+0.03 69 + 17 44 £ 6
Dwelled 50CF 0.69 £0.06 0.66 = 0.05 21+ 12 18+7

For the as-sintered surface of dwelled-50CF, the indentation stress intensity is again
independent of the indentation load (see Table 6.2). The values are significantly
larger than the ones obtained for the as-sintered surface of S0CF, but slightly lower
than the fracture toughness value determined for the bulk surface of SOCF (see Table
6.1). The apparent indentation crack depths induced by 0.245 N and 1 N are ~ 8§ + 1
um and ~ 22 + 1 pum, respectively. The calculated apparent residual tensile stresses
are rather small and independent of the indentation load when the uncertainties are
considered (see Table 6.2), and again lower than the residual tensile stresses obtained

from XRD (see Figure 6.7). This suggests that the apparent indentation crack depth
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induced by the minimum load of 0.245 N used in the current study is already
sufficient to reflect the effect of the average residual tensile stress within the entire

stressed layer.

6.3.4 Strength and fractography

For composites that were broken via the ring-on-ring test with the as-sintered
surfaces in tension, the average fracture stress (strength) increases with increasing
CGO content (see Figure 6.9). The SOCF possesses the lowest average fracture stress,
which might be a result of the rather long microcracks existing in this material (see

Figure 6.1(b)), as well as the rather high residual tensile stress (see Figure 6.4).

When compared with the fracture stress values of other typical single-phase oxygen
transport membranes, e.g. BagsSrosCoosFeo203s (~ 100 MPa) [65],
Lao.s8S10.4C00.2Fe0803.5 (~ 94 MPa) [66] and StTioesFeo3503.5 (~ 117 MPa) [58],
which were determined using similar specimens, the average fracture stress of SOCF

is lower, while the average fracture stress of 85CF is significantly higher.
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Figure 6.9 Average fracture stresses of composites determined for the as-sintered surfaces.

The average fracture stress of 85CF has been taken from our previous work [40].
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The likely fracture origins were assessed by SEM investigation on the fractured
surfaces of tested samples with the lowest fracture stresses. As reported for 85CF
fractured with the as-sintered surface in tension, the fracture appears to initiate from
small surface-located flaws, whose sizes are comparable with the ones estimated by
equation (6.6) [40]. For 50CF and 70CF with the as-sintered surfaces in tension,
surface-located flaws were also characterized as the likely fracture origins, as shown
in Figure 6.10 (a, b). The likely fracture origin presented in Figure 6.10(a) noticeably
possesses a depth that is close to the length of the microcracks shown in Figure 6.1(a),

which supports that fracture can initiate from such microcracks.

The measured sizes of the likely fracture origins are summarized in Table 6.3. For
comparison, the size of the fractured origins was also estimated using equation (6.6).
It is assumed that the maximum stress acting at the critical defect is equal to the
maximum stress applied externally during the ring-on-ring bending test, i.e. the
calculated fracture stress, and that the residual stress is not contributive. For 70CF,
the measured size is almost identical to the estimated one, suggesting that the sample
is almost free of any effect related to internal residual stress superimposed on the

calculated fracture stress.

For 50CF fractured with the as-sintered surfaces in tension, however, the measured
size of the likely fracture origin is significantly smaller than the estimated ones. The
stresses used for estimating the fracture origin size might therefore be
underestimated because the contribution of residual stress is not considered. Since
the measured size of the likely fracture origin is close to the depth of the indentation
induced crack at 0.245 N (~ 18 + 4 pm), the average residual stress obtained from
indentations at 0.245 N (see Table 6.2) is included in the calculation of fracture origin
size so that the stress at the fracture origin is corrected to be equal to the sum of the
internal stress (average residual stress of ~ 69 MPa) and the maximum applied
external stress (fracture stress of ~ 40 MPa). The fracture origin obtained by this
adjusted stress value, of ~ 109 MPa, is ~ 14 um, which is almost equal to the

measured fracture origin size (see Table 6.3). This confirms the significant influence
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of'the residual stress on strength, which is probably a result of the fracture origin size

being comparable to the thickness of the stressed layer.

Figure 6.10 Fracture surfaces (SEM) of (a) S50CF, (b) 75CF fractured at the as-sintered
surfaces, and (c) SOCF fractured at the bulk surface. Samples exhibiting the lowest fracture
stresses are shown. The dashed lines represent the likely boundaries of the fracture origins.

The fracture lines are indicated by the arrows.
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Table 6.3 Estimated and measured fracture origin sizes.

. Fractured o =0 ¢ (pm)
Composite surface (MPf ) Y [46] Reference
a Estimated  Measured
As-sintered 40 1.99 107 14
50CF
Bulk 120 1.39 24 20 This work
70CF As-sintered 114 1.39 26 27
85CF As-sintered 212 1.99 4 2 [40]

To further confirm the reduction of the apparent fracture stress through the presence
of residual tensile stresses, the fracture stress of S0CF for the almost stress-free bulk
surfaces was measured and determined to be ~ 151 = 31 MPa, which is significantly
higher than the fracture strength of SOCF measured for the as-sintered surface (~ 61
+ 21 MPa). The likely fracture origins were surface located (see Figure 6.10(c)). The
fracture origin size, measured for the sample with the lowest fracture stress is ~ 20
um (see Table 6.2), which is close to the one estimated without consideration of the
residual stress. Hence, no significant contribution from the residual stresses on the
fracture stress has been observed. The bulk surface can be considered free of residual
stress, which agrees well with the XRD results (see Figure 6.6 and Figure A6.3).
Thus, the fracture stress is only determined by the maximum tolerable stress intensity

induced by the externally applied stress at the flaws located at the surface.

For the disc-shaped S0CF membrane, it appears to be an effective way to enhance
the strength by removing the layer with residual tensile stress and microcracks,
however, this is not practical for a large membrane component or a nonplanar, e.g.

tubular, membrane component.
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6.4 Conclusions

The apparent mechanical strengths (i.e. average fracture stresses) of Ceo.8Gdo202-5-
FeCo204 membrane materials, as determined from ring-on-ring tests, increase as a
function of the nominal fractions of Ceo.sGdo.202-s content in the starting powder.
The low strength of 50CF specimens appears to be a result of the presence of
microcracks within the as-sintered surface that act as fracture origins, as well as high
residual tensile stress that gradually decreases from the as-sintered surface to the
bulk. This residual tensile stress gradient, as determined by X-ray diffraction and
indentation, is likely caused by an oxygen stoichiometry variation between the
surface and bulk material. The fracture stress of SOCF is reduced significantly by the
residual tensile stress since the likely fracture origins are located within the residual
stress gradient zone. After removal of the material layer with residual tensile stress
and microcracks, the fracture stress of SOCF is significantly improved. Besides, the
residual tensile stress within the as-sintered surface of SOCF is successfully reduced
by applying an extended dwelling step during cooling. However, it is recommended
to limit the iron-cobalt spinel content to a nominal value of 15 wt% to eliminate the
residual tensile stress and obtain a membrane with small surface defects, thus,

yielding a material with high mechanical strength.
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Appendix A6

Table A6.1 Lattice constants of GCFCO in the sintered composites.

Composite a b c

Surface 5.337 5.608 7.638

50CF
Bulk 5.338 5.614 7.659
Surface 5.340 5.614 7.658

70CF
Bulk 5.339 5.611 7.658
Surface 5.340 5.611 7.658

85CF

Bulk 5.339 5.611 7.659
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Figure A6.1 XRD patterns of SOCF. (The main diffraction peaks of CoO are highlighted as
yellow).
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Figure A6.2 Dependencies of d on sin®1 values measured for (a) CGO(311) and (b)
FCO(440) at the sub-surface of SOCF.
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Co0(220) at the bulk surface of S0CF.
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Figure A6.4 Dependencies of d on sin®1 values measured for (a) CGO(331) and (b)

GCFCO(133) at the as-sintered surface of 85CF. The residual stress was calculated according

to equation (6.1).
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equation (6.1).
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s =

Figure A6.7 Vickers imprints on (a) the bulk surface of SOCF, (b) the as-sintered surface of
50CF and (c) the as-sintered surface of dwelled SOCF induced by a load of 0.245 N. Imprints

in (b) and (c) are marked by arrows. It should be noted that the scale bars are different.
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CHAPTER 7

Enhancing oxygen permeation of solid-state reactive
sintered Ceo0.8Gdo.202.5-FeC0204 composite by optimizing
the powder preparation method

Abstract

Dual phase membranes with mixed ionic-electronic conductivity exhibit promising
properties for applications in pure oxygen separation under harsh atmospheres. The
conductivity of an individual phase within dual phase membranes is often attenuated
by the blocking effects from the other phase(s). Here, facile but effective ways are
reported to alleviate such effects by optimizing the powder preparation method for a
solid-state reactive sintering process. Powder mixtures with a nominal composition
85 wt% Ceo.sGdo.202.5-15 wt% FeCo,04 were prepared by traditional wet ball milling
methods, as well as a moderate dry mixing approach. Using a modified ball milling
procedure, homogenous powder mixtures with fine particle size are obtained and the
synthesized membrane shows a fine and homogenous microstructure that realizes
high oxygen permeance. Besides, a novel “dual phase” membrane having one
monophase ionic conductive phase zone and one multiphase mixed ionic-electronic
phase zone was sintered using dry-mixed powder mixtures. With individual
mesoscale percolations, two phase zones provide relatively straight paths for ionic
conduction and electronic conduction, respectively, which contributes to achieving

the highest oxygen permeance among all the sintered membranes.

This chapter has been submitted for publication as: F. Zeng, S. Baumann, J. Malzbender, A.
Nijmeijer, L. Winnubst, O. Guillon, R. Schwaiger, W. A. Meulenberg, Enhancing oxygen
permeation of solid-state reactive sintered CeosGdo.2O02-5-FeCo0204 composite by optimizing

the powder preparation method, Journal of Membrane Science.
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7.1 Introduction

Ceramic oxygen permeation membranes, which are composed of mixed ionic-
electronic conducting ceramic oxides, have been developed for in situ separation of
oxygen for use in clean energy schemes such as pre-combustion carbon capture, and
oxyfuel technology for power plants [1-5]; these applications entail a harsh
atmosphere containing CO», H>O and traces of SO, [6], which challenges the stability
of the membrane materials. The typical high permeable perovskite-type membrane
materials, e.g. Bag sSrosCoosFeo20;3.5 and Lag¢Sro4Coo2Fe0s0s.5 [7, 8], suffer from
irreversible material deteriorations due to carbonating and sulfating reactions.
Furthermore, these perovskite oxides also suffer from mechanical instability, e.g.
cracking and delamination, caused by their high thermal and chemical expansion [9,
10].

By contrast, some dual phase membranes exhibit high stability under the CO,- and
SO;-containing environments at high temperatures [11], and hence, they appear to
be more attractive candidates than single phase perovskite-type oxides. Dual phase
membranes comprise of two different kinds of phases providing ionic and electronic
conductivity, respectively. Fluorite oxides, e.g. gadolinium- or samarium-doped
ceria, and yttria-stabilized zirconia, are often chosen as the ionic conducting phase
for dual phase membranes because of their high ionic conductivity as well as high
chemical stability in an acidic atmosphere [12-14]; spinel oxides, e.g. FexC03.:O4 (x
=1 or 2), NiFe;0s4, and Mn; 5Co1.504, have attracted considerable attention as suitable
electronic conducting phases combined with fluorite oxides to form robust high-
performance dual phase membranes [6, 11, 15-17]. As an example, 85 wt%
Ce03Gdo202-5-15 wt% FeCo,04 composite, which consists of a Ce1.:Gd 0.5 (0 < x <
0.2) (CGO) fluorite phase, a Fe,Co3,04 (0 < y < 2) (FCO) spinel phase and a
Gdo35Ceo.15Fe0.75C002503 (GCFCO) perovskite phase [15, 18-20], was verified to
possess high tolerance over 200 h in CO,- and SO»-containing gas mixtures at 850 °C

under an oxygen partial pressure gradient [15].
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Oxygen permeation through ceramic oxygen permeation membranes can be
classified into two kinds of processes [21]: gas-solid interfacial exchange at the
surface (surface exchange) and ion/electron diffusion in the bulk. For a dual phase
membrane comprising two kinds of phases possessing pure ionic conductivity and
pure electronic conductivity, respectively, the surface exchange only takes place at
triple phase boundaries (TPBs) [22], which are the connection lines of ion
conducting grains, electron conducting grains and the gas phase. Thus, to improve
the surface exchange for these membranes, an effective way is to extend the available
length of the TPBs by microstructural optimizations, e.g. increasing the homogeneity
of the two kinds of phases [23], and reducing the grain size [24], as well as coating
a porous activation layer with mixed ionic-electronic conductivity on the surfaces
[22].

The bulk diffusion within a dual phase membrane is realized by the ambipolar
conductivity, i.e. the ambipolar conduction of ions and electrons through continuous
paths formed by the two kinds of phases, respectively [21]. The ambipolar

conductivity (d,,p) can be expressed as [18]:

Op,i " Op,e

o, =— 7.1
amb Jp,i + Jp,e ( )

where og,; and 0,. represent the partial ionic and electronic conductivity,
respectively. The partial ionic/electronic conductivity is proportional to the intrinsic
ionic/electronic conductivity, as well as the contiguous phase volume transporting

ions/electrons through the membrane according to [18].

Opi = 01" Verp,i (7.2)
Ope = O¢* Veff,e (7.3)

where o0; and g, are the intrinsic ionic and electronic conductivity, respectively. And
Verri and Vs o are the contiguous volumes providing, respectively, the effective

paths for ionic and electronic transport through the membrane. The contiguous
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volume is increasing as a function of the total volume for a randomly distributed

phase constituent within a composite [18, 25].

The amount of ion and electron conductive phases often needs to be varied to realize
a high ambipolar conductivity when intrinsic conductivities of the two kinds of
phases do not match. It is essential to increase the volume fraction of the phase with
the lowest conductivity but maintain percolation of the phase with the highest
conductivity. In the case that the intrinsic conductivities of two kinds of phases are
not of the same order of magnitude, e.g. the ionic conductivity of gadolinium-doped
ceria is two orders of magnitude lower than the electronic conductivity of Fe,Cos.
04 (x =1 or 2) [16, 22], the volume fraction of the phase with the highest
conductivity should theoretically be much lower than 30 vol% to obtain a high
ambipolar conductivity and high oxygen permeation flux [18]. For instance, the
oxygen permeation fluxes of zCeo3Gdo202-5-(1-2)FeC0204 (60 wt% < z < 90 wt%)
composites approach the maximum value when x reaches 15 wt% [15]. Such a small
volume, however, is in practice a challenge for the formation of sufficiently
continuous networks for electronic conduction. The total conductivity of 85wt%
Ce0.3Gdo202.5-15wt% FeCo0,04 composite is around one order of magnitude lower
than that of 70wt% Ce03Gdo202.5-30wt% FeCo,04 composite [26]. Hence, for
composites such as 80 vol% Ce3Gdo202-5-20 vol% MnCo;oFe 104 [27], 85 wt%
Ce03Gdo202.5-15 wt% FeC0204[15], and 85 vol% CeysGd202.5-15 vol% MnCo0,04
[28], electronic conduction, which is realized by a comparably small volume of
electron conducting phases, is believed to be the bottleneck for bulk diffusion during

oxygen permeation [26].

The existence of a nano-sized grain boundary phase was reported to contribute to the
formation of electron conductive networks in Ceo.sGdo202-s-MnCo0,04 composite at
a low volume of MnCo,04[28]. Besides, it was proven to be effective for a minor
phase to form percolations through a dual phase membrane by reducing the grain
size and increasing the inhomogeneity. Li et al. [29] investigated the electronic

conductivity of 75wt% CeosSmo2019-25 wt% SmgeCaosCo03.s and 75wt%



179 Chapter 7

Ce0.sSmo201.9-25 wt% SmosCaosFeOs.s composites and found that only the latter
possessed electronic conductivity that was sufficient for oxygen permeation due to
the continuous electronic conducting networks formed by the Smg ¢Cao 4FeOs.5 grains
that are one order of magnitude smaller than the CeosSmo 2019 grains. A study on 75
wt% Ceo.855mo.1503.5-25 wt% Smo.6Sro4FeOs.s revealed that the grain growth of the
major phase, i.e. Ceo.g55mo.1503.5, blocked the connectivity of the minor phase, i.e.
Smo.6Sro.4FeOs.5, and yielded a lower oxygen permeation flux [24]. In addition, Zhu
et al. [30] used different methods to prepare 75 wt% Ceo.ssSmo.1501.925-25 wWt%
Smo.6Sro.4Alo3Feo 703 composite and concluded the membrane prepared by solid-
state reaction shows the highest oxygen permeation flux and total conductivity due

to the inhomogeneous distribution of small Sm ¢Sro4Alo3Feo 703 grains.

Based on the realization of the importance of microstructural aspects regarding grain
size and spatial distribution of each phase on the performance of the dual phase
membranes, we are motivated to explore facile but effective ways to tailor the
microstructural characteristics of dual phase membranes. In this work, the solid-state
reactive sintering process was optimized to synthesize composites with a nominal
composition 85 wt% CeosGdo202.5-15 wt% FeCo,04 showing enhanced oxygen
permeation. The powder mixtures used for solid-state reactive sintering were
prepared by applying different wet ball milling processes on powder mixtures of
Ce0.3Gdo 2025, Co304 and Fe,Os powders to homogenize the distribution of each
compound as well as modify the particle size, which results in homogenous
microstructures with different grain sizes for the sintered membranes. Besides, to
synthesize a membrane having the minor conducting phases well connected through
the membrane, inhomogeneous powder mixtures were prepared by dry mixing of 50
wt% monophase phase powders (CeosGdo202.5) with fine and homogeneous
composite ceramic powders having a nominal composition 70 wt% CeosGdo202.5-
30 wt% FeCo,04 in a moderate way. This results in a novel type of composites
comprised of a pure ionic conductor (CeosGdo20,.5) with a mixed ionic electronic
conductor, which is a composite itself (70 wt% Ceo3Gdo201-5-30 wt% FeCo0204). The
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nominal overall weight ratio Ceo3Gdo20.s 1 FeCo,04 in this composite is again
85:15, so that the properties can directly be compared to the classical composites.
The microstructural characteristics and phase constituents of both the classical and
the novel composite membranes were analyzed in detail, and their influence on

oxygen permeation performance is discussed.

7.2 Experimental

Dual phase membranes were synthesized by a solid-state reactive sintering process
using Ce.8Gdo20:.5 (Treibacher Industrie AG, 99 %), Co304 (Alfa Aesar, 99.7 %)
and Fe,Os (Sigma-Aldrich, 99 %) as precursor powders; the mole ratio of Co3Os4 to
Fe,O3 was fixed at 4:3 to form a nominal compound of FeCo,04 during sintering; the
weight ratio of ionic conductor (Ce.8Gdo20:.5) to electronic conductor (the nominal
FeCo0,04) was maintained at 85:15. To obtain rather homogeneous powder mixtures
with different particle sizes, two different wet ball milling procedures were applied.
For both cases, the powder mixtures, ethanol and zirconia balls were filled up to ~
30 vol% in a polyethylene bottle. The weight ratio of powder : ball : ethanol was
1:2:3 as also described in [19]. The milling procedures were conducted on a roller
bench. The first powder mixture (referred to as CF-1) was obtained through a one-
step ball milling for 3 days, using 5 mm (diameter) zirconia balls. The second powder
mixture (referred to as CF-2) was obtained through a two-step ball milling including
a first step for 3 days using 5 mm (diameter) zirconia balls and a second step for 7
days using 1 mm (diameter) zirconia balls [19]. After drying at 75 °C for 3 days and
sieved by a 150 um-mesh sieve, the one-step and two-step milled powder mixtures
were uniaxially pressed into pellets at 19 MPa [19] and 50 MPa [18], respectively
for powder CF-1 and CF-2.

In order to increase inhomogeneity and percolation of the minor compound (the
nominal FeCo0,04) but maintain a constant weight ratio of CeosGdo202-5 to FeC0204
(i.e. 85:15) for powder mixtures, a dry mixing method was used instead of the wet

ball milling method. However, dry mixing of 85 wt% CeosGdo202-.s powders with
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15 wt% nominal FeCo,04 powders does not lead to sufficient percolation of the
minor compound in the membrane but results in many isolated islands. Therefore,
inhomogeneous powder mixtures were prepared by dry mixing of 50 wt%
Ceo3Gdo2025 powders with composite ceramic powders having a nominal
composition 70 wt% CeosGdo202-5-30 wt% FeCo0,04. The composite powder was
prepared using the procedures as described for powder CF-2. The mixing process
was conducted in a moderate manual way within a limited time of ~ 10 min so that
most of Co304 and Fe,O3 will not blend into the monophase powders (CeosGdo20,-
s) but keep concentrated in the composite ceramic powders. With a comparable
amount, the monophase powders and the composite ceramic powders are expected
to retain well individual percolation on the mesoscale after being moderately mixed.
The obtained inhomogeneous powder mixtures (referred to as CF-D) were uniaxially

pressed into pellets under 50 MPa.

All pellets were sintered in air at 1200 °C for 10 h; a slow cooling rate of 0.5 K/min
was used between 900 °C and 800 °C [19], while the heating and cooling rate for the
other temperature ranges was 3 K/min. The codes of the different membranes,
obtained by solid-state reactive sintering, were the same as those of the powders, i.e.
CF-1, CF-2 and CF-D, respectively.

The particle size distribution of precursor powders was determined by the laser
diffraction method based on Mie theory using a Horiba LA 950 V2 analyzer (Retsch
Technology GmbH, Haan, Germany). The specific surface area of precursor powders
and powder mixtures was measured, respectively, by the Brunauer-Emmett-Teller
(BET) single-point method by low-temperature N, adsorption using Areameter 11

(Strohlein Instruments, Viersen, Germany).

The powder mixtures were investigated by scanning electron microscopy (SEM)
(Merlin, Carl Zeiss Microscopy, Oberkochen, Germany) regarding particle
morphology and by energy-dispersive X-ray spectroscopy (EDS) (Merlin, Carl Zeiss

Microscopy, Oberkochen, Germany) with respect to elemental distributions. EDS
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investigations were carried out at 4 kV accelerating voltage using an X-Max 80
detector and the AZtec data acquisition and analysis software package (Oxford
Instruments Nanoanalysis, High Wycombe, United Kingdom). Before the EDS
investigation, the powder mixtures were mixed with epoxy resin. After the resin
hardened, the cross-section was ground using 800-grit SiC paper, and then polished
by argon ion milling for 8 h at 6 kV / 150 pA using a JEOL SM-09010 (JEOL Ltd.,
Tokyo, Japan) polisher.

Microstructures and phase constituents were investigated at the polished cross-
sections of sintered membranes by scanning electron microscopy (SEM) (Merlin,
Carl Zeiss Microscopy, Oberkochen, Germany) and electron backscatter diffraction
(EBSD) (NordlysNano, Oxford Instruments, Wiesbaden, Germany), as well as EDS
for element distribution. The area fraction of each phase was deduced by image
analysis using the HKL Channel 5 software packages. The volume fraction was
estimated to be equal to the area fraction for each phase in a random section through
each composite [31]. The porosity was estimated as the area fraction of the pores

using the ImageJ software [32].

The gas tightness of the sintered membrane was assessed using a He-leak detector
(ASM 340, Pfeiffer Vaccum GmbH, Asslar, Germany). Helium was fed at one side
of the membrane, while a vacuum was drawn on the other side. The helium flow gas
passing through the sample was collected by the detector and calculated as helium

leakage rate.

Oxygen permeation measurements were conducted using sintered pellets, which
were polished at two sides to thicknesses of ~ 0.95 £ 0.02 mm and ground to
diameters of ~ 14.65 £ 0.05 mm prior to gold sealing. Each pellet was sealed with a
gold ring at each side in a glass tube setup at approx. 1020 °C for 5 hours under a
spring load. Oxygen permeation flux in a steady-state was measured between approx.
1020 °C and 850 °C using air and argon as feed and sweep gas at a flow rate of 250
ml/min and 50 ml/min, respectively. The individual sample temperature was

measured online with a thermocouple (type S) close to the pellet. The sample
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temperature can vary maximally by approx. 20 K from sample to sample and in
particular between two identical furnaces operated in parallel. One specimen of each
of the bare CF-1, CF-2 and CF-D membrane types were assessed. In addition,
oxygen permeation flux was also measured for the sintered pellets that are coated
with surface activation layers. For that reason, the polished pellets were screen
printed with a porous LagssSro4Coo2Feos0s.s (LSCF) coating at both sides, as
described in [22], and then post-sintered at 1100 °C for 30 min. One coated CF-1,

one coated CF-2 and two coated CF-D membranes were characterized.

7.3 Results and discussion

7.3.1 Powder characteristics

The microstructures of dual phase membranes, e.g. grain sizes and distributions of
individual phases, are significantly affected by the sizes of particles, as well as
agglomerates, within precursor powders. Hence, the dimensions of particles and

agglomerates are investigated in detail using different characterization methods.

Figure 7.1 provides the morphologies of the as-received precursor powders. Most of
the particles exhibit quasi-spherical shapes, while the as-received Fe.O; has few
particles with irregular shapes (see Figure 7.1(b)). The homogeneity of particle sizes
of the as-received precursor powders decreases in the order of Co304> Ceo3Gdo20:-
s > Fex0;. Notably, the as-received Co3Os4 contains comparatively large round
agglomerates (see Figure 7.1(d)), whereas it is relatively difficult to distinguish any

agglomerates in the as-received Ceo.sGdo 2025 and Fe,Os.

The specific surface areas of the as-received CeosGdo20,.5, Fe20; and Co304
powders are measured to be ~ 7.9 m*/g, ~ 5.8 m*/g and ~ 3.3 m?/g, respectively. The
rather low specific surface area for the as-received Co3Qs reflects that the nano-sized
primary particles, as can be seen in Figure 7.1(d), are hard agglomerates with low

inner porosities.
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Figure 7.1 Particle morphologies of as-received precursor powders: (a) Ceo3Gdo202.s, (b)

Fe,03 and (¢) Co304: (d) is a magnified view of the agglomerate framed in (c).

The laser diffraction method can provide a quantitative analysis of apparent particle
sizes that can reflect the sizes of hard agglomerates. For the as-received CeosGdo20»-
s powders, although the median apparent particle size dgg (~ 0.1 pm) is comparable
to the average size of particles shown in Figure 7.1 (a), the measured apparent
particle sizes reflect the sizes of both particles and agglomerates indicated by the
bimodal particle size distribution profile (see Figure 7.2(a)). The apparent particle
size distribution becomes gradually tighter with increasing milling steps, while ds,
hardly changes; the specific surface area of the as-received CeosGdo202.s is slightly
increased to ~ 10.6 m?/g by the two-step milling process, which suggests that the
reduction of apparent particle size is mainly attributed to the breaking of

agglomerates.
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For the as-received Fe,Os; powders, the apparent particle size distribution shows a
unimodal profile (see Figure 7.2(b)), and the ds is measured to be ~ 1.4 um, which
is larger than the sizes of most particles shown in Figure 7.1 (b), which implies the
existence of a large number of big agglomerates. The ds is not modified by the one-
step milling process, but dramatically reduced to 0.53 pm by the two-step milling
process although there are still few (< 20 vol%) particles with apparent sizes above
1 um (see Figure 7.2(b)). These large particle sizes can possibly be the sizes
measured for the remaining agglomerates since the specific surface areas of Fe,Os is

changed insignificantly.

For the as-received Co3;04 powders, the apparent particle sizes are distributed in a
unimodal profile (see Figure 7.2(c)), with dgg is ~ 7.5 um, which is noticeably close
to the sizes of agglomerates (see Figure 7.1(¢c)), indicating that the agglomerates are
very compact and do not break during the measurement. The ds is reduced by one-
step milling and two-step milling to ~ 3.0 um and 0.35 pum, respectively. The particle
size distribution of the one-step milled Co3O4 powders shows a bimodal profile,
while the two-step milled Co304 powders have a unimodal distribution profile (see
Figure 7.2(c)). Although the specific surface area of the two-step milled Co0304 is
increased to 13.0 m%/g, the ds, of the two-step milled Co;O4 is still larger than the
particle size indicated in Figure 7.1(d). These observations indicate that large
agglomerates in the as-received Co304 are milled into small agglomerates by two-
step milling; the small agglomerates appear to be rather compact and cannot easily

be shattered by ball milling.

Therefore, it can be concluded that the two-step milling method is an effective way
to reduce the particle size and size distribution of the precursor powders. Such effects
on different precursor powders decrease in the order of Co3;04> CesGdo 2025 >
Fe,0s. A further increase of the milling time for the two-step milling procedure is
verified to make no significant change regarding the apparent particle sizes (not

shown here).
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Figure 7.2 Particle size distribution of precursor powders before and after ball milling: (a)

Ce0.8Gdo202.5, (b) Fe203 and (¢) Co304. (the legends in (a) also apply to (b) and (c)).

To further investigate the effect of the different milling procedures on powder
mixtures, the ball-milled powder mixtures were characterized by BSEM and EDS.
As shown in Figure 7.3, Ce-rich, Fe-rich and Co-rich grains represent, respectively,
Ce03Gdo202.5, Fe:O3 and Co304 particles. Large Co3;O4 and Fe;O; particles or
agglomerates can be seen in the powder CF-1. By contrast, Co3O4 and Fe;Os3 in the
powder CF-2 exhibit small and homogenous particle sizes (see Figure 7.4). Fe,O3
shows larger particle sizes than Co3Os in the powder CF-2. No obvious agglomerates
are found in the powder CF-2. The specific surface areas are 8.2 m?/g and 13.8 m%/g,
respectively, for the powder CF-1 and CF-2. These results suggest that agglomerates

can be shattered by the two-step milling procedure for the precursor powders milled

together.
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Figure 7.3 BSEM micrograph and corresponding EDS elements mapping on the powder CF-
1 embedded in epoxy resin. Ce-rich, Fe-rich and Co-rich grains represent, respectively,

Ce.8Gdo 2025, Fe203 and Co304 particles.
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Figure 7.4 BSEM micrograph and the corresponding EDS elements mapping on the powder

CF-2 embedded in epoxy resin. Ce-rich, Fe-rich and Co-rich grains represent, respectively,

Ce0.8Gdo20:.5, Fe203 and Co304 particles.

7.3.2 Phase and microstructure characterizations

The microstructure and phase constituent of the membranes prepared by the ball-
milled powder mixtures are shown in Figure 7.5. The closed porosities of CF-1 and
CF-2 are below ~ 2 % (see Figure 7.5). The grains that appear black in Figure 7.5(a,
c¢) are FCO or CoO according to the EBSD phase mapping (Figure 7.5(b, d)), while
the grey and light grey grains are CGO and GCFCO, respectively. The FCO grains
are well dispersed within the CGO phases. The grain size of FCO in CF-1 shows a
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large variation due to the existence of a high amount of large grains (see Figure 7.5
(a,b)). The CoO phase is a residue from sintering, which should be re-oxidized to the
spinel structure during cooling. The CoO phase is only detected in CF-1 (see Figure
7.5(b)). Apparently, the re-oxidation of the large grains in CF-1 would need more
time and, thus, is not completed. Obviously, the one-step milling process is much

less effective compared to the two-step process resulting in the coarse microstructure.

b,d) of (a,b) CF-1 and (c,d) CF-2. In the SEM micrographs, the grains denoted as 1, 2, 3

represent CGO, FCO (or CoO) and GCFCO grains, respectively. In the EBSD phase mapping,
the yellow, blue, red and green phases are CGO, FCO, GCFCO and CoO, respectively, while

the black spots and dark lines are pores and grain or phase boundaries, respectively.

Furthermore, EDS reveals the existence of Co-rich phases at the grain boundaries of

CGO or GCFCO, as shown in Figure 7.6 for CF-1. The Ce-rich, Gd-rich and Co-rich
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grains represent, respectively, the CGO, GCFCO and FCO (or CoO) grains, while
the Fe-rich grains can be either GCFCO or FCO (or CoO) grains. The FCO grains
mainly contain Co and Fe, and the GCFCO grains consist of Gd and Fe, as well as
very little Ce and Co. A little amount of Co seems to segregate along the grain
boundaries of CGO or GCFCO forming a grain boundary phase, which appears to
create a connection between two isolated FCO grains and potentially provide paths
for electronic conduction along the grain boundaries but may hinder ionic conduction

across the grain boundaries [33].

dVE
1.0

2.5um

Figure 7.6 BSEM micrograph and the corresponding EDS element mapping on CF-1. The
Ce-rich, Gd-rich and Co-rich grains represent, respectively, the CGO, GCFCO and FCO (or
Co0) grains, while the Fe-rich grains can be either GCFCO or FCO (or CoO) grains.

By contrast, for CF-D, the FCO and CoO grains have rather small grain size variation,
and are noticeably only distributed in one specific zone (see Figure 7.7(a)); phase

areas in CF-D can be well distinguished as a monophase zone and a multiphase zone
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(see Figure 7.7(b)). The different zones are well connected on the mesoscale with
connections between the larger regions, rather than having connections only between
distributed grains. The phase distributions are considerably homogenous in the
multiphase zone in CF-D (see Figure A7.1 (a)), which is much like the one reported
for 70 wt% Ce8Gdo202-6:30 wt% FeCo,04 membrane [34]. The multiphase zone
appears to have fewer pores than the monophase zone (see Figure A7.1), which
benefits from the phase interactions between CGO and FCO during sintering. These
phase interactions result in the formation of the GCFCO phase, and dominate the
densification process [19]. The monophase zone, which mainly comprises pure
Ceo.3Gdo20,.5, suffers from low sintering activity leading to small but closed porosity
(Figure A7.1(b)). In addition, few defects, e.g. cracks and voids (marked by arrows

in Figure 7(a)), are found in the monophase zone and interfaces between different

zones, but the membrane is still gastight as verified by the low helium leakage rate
(<10 mbar-L-s™).

B P O A R 10 v
Figure 7.7 BSEM micrographs of CF-D. Only a few defects exist and are indicated by arrows
in (a). Two zones consisting of a different number of phases are observed, i.e. multiphase

and monophase zones, as labeled in (b).

The phase constituents in the different zones within CF-D are analyzed in detail by
EBSD. As shown in Figure 7.8, CGO, FCO, GCFCO and CoO phases are observed
in CF-D. Few GCFCO grains are located at the interface between the monophase

zone and the multiphase zone (see Figure 7.8(a)). This is an indication of elements
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diffusion and phase interactions between the different zones, which contributes to

obtaining a robust interface and a dense microstructure.

(b)

3 pm} ' I

Figure 7.8 EBSD phase mapping of CF-D: (a) overview, (b) multiphase zone and (c)
monophase zone: the yellow, blue, red and green phases are CGO, FCO, GCFCO and CoO,
respectively, while the black spots and dark lines are pores and grain/phase boundaries,

respectively.

The multiphase zone contains four different phases as expected (see Figure 7.8(b)).
Microscale percolations of ion conducting phase (CGO) and electron conducting
phases (FCO, CoO and GCFCO [18, 26]) can be observed (see Figure 7.8(b)). By
contrast, the monophase zone mainly consists of CGO phase (see Figure 7.8(c)). The
EDS point quantification results suggest that the average Ce/Gd ratio in CGO in the
monophase zone is close to the one in pure CeosGdo.0>-5(see Table A7.1), but higher
than the one in the multiphase zone. The depletion of Gd content in CGO is caused

by the formation of GCFCO [18]. It also indicates that the Gd content in the different
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zones has not been homogenized through mixing or diffusion under the current

sintering conditions, because the diffusion pathways might be too long.

Volumetric quantifications were determined based on the average of three different
areas investigated by EBSD for each membrane and each phase zone; the sizes of
the areas investigated were the same as the ones exemplarily shown in Figure 7.5(b,
d) and Figure 7.8. Among these phase constituents, only CGO shows ionic
conductivity, and hence, contributes to the ionic conduction during oxygen
permeation, while FCO, CoO and GCFCO are good electronic conductors and
responsible for electronic conduction [18, 26]. A result of a scan is shown in Table
7.1, the amount of ionic/electronic conducting phase in CF-1 and CF-2 is comparable,

and electronic conducting phases are characterized to possess a minor volume.

Table 7.1 Volume fractions of individual phases in the sintered membranes.

ITonic
conducting Electronic conducting phase

Sample phase
CGO FCO GCFCO CoO Sum
(vol%) (vol%) (vol%) (vol%) (vol%)
CF-1 81.1 8.5 9.8 0.6 18.9
CF-2 82.3 7.6 10.1 - 17.7
Moggr‘::ase 99.7 0.1 0.1 0.1 0.3

CED Muttiph

whphase 68.4 19.9 7.9 3.9 316

zone

By contrast, phase amounts are fairly different in the two phase zones in CF-D, as
shown in Table 7.1. The monophase zone in CF-D can be regarded as pure CGO
phase despite the existence of a small amount of FCO and GCFCO. The amount of
electron conducting phases is almost two times higher in the multiphase zone in CF-
D than in either CF-1 or CF-2, representing the original 70 wt% CeosGdo20,.5:30

wt% FeCo,04 powder mixtures. This reveals that the concept of using a pure ion



Enhancing oxygen permeation 194

conducting phase and a mixed ionic-electronic conducting composite with high
electronic conductivity to form a novel “dual phase” works from the microstructural

point of view.

7.3.3 Oxygen permeation

The helium leakage rates of all sintered membranes are determined to be below 10
mbar-L-s!, which confirms dense microstructures that are sufficient for oxygen

permeation measurements.

The oxygen permeance, i.e. oxygen permeation flux (see Figure A7.3) normalized
by the oxygen partial pressure gradient (see equation (7.4)) as a function of

temperature [15], is provided in Figure 7.9, as determined via:

Permeance = ]LZ, (7.4)
In %
Py,

where /o, is the oxygen permeation flux; P, and Py, are oxygen partial pressure of

oxygen rich and lean side of the membrane.

For the coated membranes, the limiting effect from surface exchange is believed to
be overcome by a LSCF coating so that oxygen permeation process is merely limited

by bulk diffusion, the oxygen permeance can be expressed as [18, 35]:

R 1

Permeance = 62 1 Oamp " T (7.5)

where T is the temperature, R the gas constant, L the thickness of the membrane, F
the Faraday constant. At a fixed temperature, o,,,;, is a constant, hence, oxygen
permeance tends to increase with decreasing thickness according to equation (7.5).
The activation energy of oxygen permeance is independent of thickness but equal to
the activation energy of bulk diffusion represented by o, - T, which can be

described by an Arrhenius approach.
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The cross section of the coated membrane is shown in Figure 7.9 for CF-D as an
example. A ~ 4 pm thick porous coating was successfully synthesized at the surface
of CF-D. The coating possesses an LSCF perovskite structure as revealed by XRD
(see Figure A7.2). The EDS mapping at the interface (see Figure A7.3) indicates no
significant element diffusion between the coating and substrate. Similar coatings

were also prepared for CF-1 and CF-2.

,L'S(P: p'o,coils

> R ¢ oL BIEN

Figure 7.9 Cross section of the coated CF-D.

For the coated CF-D, average oxygen fluxes (see Figure A7.4) were obtained, and
the experimental errors for each oxygen flux value are ~ +2%, the upper and lower
bounds of which represent oxygen fluxes of two samples. The temperature difference
between the two samples is less than 7 K, i.e. <0.7%, for each data point. For other
membranes, the experimental errors of oxygen fluxes were estimated to be the same

due to the same test conditions and the reproducible microstructures.

The oxygen permeances of the coated membranes increase in the order of CF-1 <
CF-2 < CF-D (see Figure 7.10), which indicates that the limiting effect from bulk
diffusion decreases following CF-1 > CF-2 > CF-D.
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Figure 7.10 Oxygen permeances of the sintered membranes with an average thickness of ~

0.95+0.02 mm.

When compared with the oxygen flux reported for the LSCF coated 85 wt%
Ce0.3Gdo202.5-15 wt% FeCo,04 composite prepared by a Pechini process [15], the
oxygen flux of the coated CF-D is lower as can be seen from Table 7.2. It should be
noted that these results were obtained under the same test conditions and similar
sample dimensions. It indicates that the microstructure obtained by the Pechini
process is advantageous for preparing a better performing dual phase membrane.
However, the Pechini process involves expensive raw materials, significant NOy
emissions, and is difficult to scale up. By contrast, the solid-state reactive sintering
process we used contains facile treatments of commercially available precursor
powders, which benefits for a feasible upscaling production. For commercialization,

a balance of processing efforts and performance benefits has to be found.
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Table 7.2 Comparison of oxygen fluxes of the membranes prepared by different methods.

. mL-cm™? min’!
Preparation Jo, ( )

Reference
methods 850°C  900°C
Pechini 0.16 0.20 [15]
Solid-state 011 0.15 This work (the
reactive sintering ’ ’ coated CF-D)

The activation energy (E,) of oxygen permeance was calculated from the Arrhenius
plot of oxygen permeance for each membrane, as listed in Table 7.3. In contrast to
the oxygen permeance, E, values for the coated membranes decrease in an order CF-
1 > CF-2 > CF-D. The E, value of the coated CF-D is nearly the same as the E,
value of ionic conductivity of CeosGdo 2025 (~ 79 kJ/mol [16]), which suggests that
the ionic conduction within CGO is the rate-limiting steps in the coated CF-D. The
E, value of the coated CF-2 is marginally higher than the E, value of ionic
conductivity of Ce3Gdo20.-5. Nevertheless, it can still be indicative that the ionic
conduction within CGO is the permeation rate-limiting steps in the coated CF-2, but
the ionic conductivity of CGO in CF-2 is lower than that of CeosGdo20:-5, which can
be attributed to the depletion of Gd within CGO, after phase interactions. Since such
phase interactions only occur at the multiphase zone in CF-D, the composition of
CGO in the monophase zone is close to that of CeosGdo20,.5, ensuring fast ionic
conduction. In comparison, the E, value of the coated CF-1 is close to the E, value
of electronic conductivity of FeCo,04 (~ 102 kJ/mol [15]), suggesting the electronic

conduction within FCO is the rate-limiting step.
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Table 7.3 Activation energies of oxygen permeances of the sintered membranes.

E, (kJ/mol)

Sample
bare coated
CF-1 99+5 100 +4
CF-2 107 +4 89+2
CF-D 103+£5 77+2

These results emphasize the importance of the microstructure in a composite, in
particular when the phase ratio is in the range where the transition of the rate limiting
mechanism from ion to electron conduction occurs. Although the volume of
electronic conducting phases is almost the same in all samples, the total number of
grains of the electronic conducting phases is lower in CF-1 than in CF-2 due to the
existence of large FCO grains (see Figure 7.5(a)). Considering each grain of
electronic conducting phases as one unit in continuous electronic conducting
networks, it is harder to form long-range free paths for electronic conduction in CF-
1 than in CF-2. The best percolations of ionic and electronic conducting phases are

formed in CF-D through, respectively, the monophase zone and the multiphase zone.

Possible diffusion paths through each membrane are illustrated and compared in
Figure 7.11. The electronic conduction in CF-1 might partially rely on the Co-rich
grain boundary phases, which bridge the neighbouring grains of electronic
conducting phases, but only provides limited electronic conduction due to a
bottleneck effect. As a consequence, CF-1 tends to possess the lowest performance,
although the volume fraction of ionic/electronic conducting phases within CF-1 and
CF-2 is similar (see Table 7.1). Such a blocking effect on electronic conduction is
overcome in the CF-2 by an increased amount of robust electronic conductive paths
through smaller grains (see Figure 7.11(b)), providing a higher effective electronic
conductivity. Since the intrinsic electronic conductivity of FeCo,04 is almost two

orders higher than the intrinsic ionic conductivity of CGO [26], once there are robust
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paths for conducting electrons, the bulk diffusion is limited by the ionic conductivity
through the CGO.

#
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Figure 7.11 Schematic illustrating oxygen ion diffusion paths (red dashed lines) through ionic
conducting phase (grey background) and electrons diffusion paths (yellow dashed lines)
through electronic conducting phases (blue hexagons) in (a) CF-1, (b) CF-2 and (c) CF-D.

The thicker lines represent better paths with less tortuosity.



Enhancing oxygen permeation 200

CF-D appears to have more free paths for electronic conduction with lesser tortuosity
since the small grains of electronic conducting phases are concentrated in the
multiphase zone and closer to each other (see Figure 7.11(c)). More importantly,
CGO within the monophase zone, which can be regarded as CeosGdo 2025 and has a
somewhat higher ionic conductivity than the Gd-depleted CGO within CF-2,
provides rather straight conductive paths dominating the ionic conduction within CF-
D. Therefore, CF-D shows the highest performance, in particular when the porous
LSCF coating distributes electrons on the surface instantaneously suppressing

surface exchange limitations.

For the bare membranes, the oxygen permeance of CF-D is slightly higher than that
of the CF-2 but remarkably higher than that of CF-1 (see Figure 7.10), which
suggests that both surface exchange and bulk diffusion are faster during oxygen
permeation in CF-2 and CF-D than in CF-1. The oxygen permeances of bare CF-1
and CF-D are lower than that of the coated CF-1 and CF-D, respectively, over the
entire temperature range due to the sluggish surface exchange [22], while the oxygen
permeance of bare CF-2 is marginally lower than that of the coated CF-2 below ~
950 °C. This reflects the existence of limitations from the surface exchange during
the oxygen permeation within the bare membranes. It is noteworthy that for CF-2
the improvement of oxygen permeance by LSCF coating is relatively low. This
indicates that the surface exchange at the bare surface is relatively fast related to the

fine and homogeneous microstructures providing long TPBs at the surface.

The bare samples share similar high E, values (see Table 7.3), indicating the same
permeation rate-limiting factors. The E, value of bare CF-1 is comparable to that of
the coated CF-1, while the E, values of bare CF-2 and CF-D are larger than that of
the coated CF-2 and CF-D, respectively, indicating different permeation rate-

limiting steps, i.e. increased surface exchange influence [15].

Although the E, values of the bare membranes are close to that of electronic
conductivity of FeCo,0s, it is unlikely that the electronic conductivity becomes rate-

limiting. It is rather likely that the oxygen permeance is controlled by both surface
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exchange and bulk diffusion, which is investigated by comparing two different

membrane thicknesses.

When the limiting effects from surface exchange are not negligible, the oxygen

permeance is reduced according to [35]:

1 R 1 T 76
+ 2 ILLC 16'F2 L Uamb ( . )

Permeance =

1
where L. is the characteristic thickness, defined as the thickness where oxygen
permeation process experiences equal resistance from bulk diffusion and surface
exchange [36]. When L, « L, the limiting effect from surface exchange is negligible,
hence, bulk diffusion is the major rate limiting factor, and equation (7.6) can be
simplified leading to equation (7.5). However, when L is in the vicinity of L, the
limiting effects from surface exchange are nonnegligible, and oxygen permeance and

its activation energy are then sensitive to thickness changes [35].

Figure 7.12 compares oxygen permeances of two bare CF-2 membranes with
different thicknesses. Although the thickness difference is small (~ 0.2 mm), the
change of oxygen permeance, as well as its activation energy are significant. The
oxygen permeance is improved when the thickness is reduced as expected according
to equation (7.5), and the improvement is more significant at high temperatures,
correlated with the increase of the activation energy. The bare 0.76 mm thick
membrane has a higher activation energy of oxygen permeance indicating an
increased limiting effect from surface exchange compared to the 0.96 mm thick
membrane. For the bare 0.96 mm thick CF-2 membrane, the activation energy of
oxygen permeance is smaller, but still higher than that of the coated CF-2 membrane
(see Table 7.3).

It can be concluded that for the bare CF-2 the oxygen permeation is controlled by
both surface exchange and bulk diffusion in the investigated region of thickness and

temperature. With activation energy of oxygen permeance similar to that of the bare
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CF-2, the bare CF-1 and CF-D, are expected to suffer from the same multiple
bottlenecks during oxygen permeation as the bare CF-2. The surface exchange
characteristics of composites need further attention because it is not only an intrinsic
material property but dependent on the length of TPBs present at the surface and,

thus, again microstructure dependent.
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Figure 7.12 Arrhenius plot of oxygen permeance of CF-2 with different thicknesses.

Given that the coated CF-D exhibits the highest oxygen permeance, the stability of
the coated CF-D was investigated. One coated CF-D sample was operated for ~ 335
h at ~ 863 + 1 °C using the same test conditions as described in the experimental
section; the gas analysis was stopped twice for recalibration of the mass spectrometer.
As presented in Figure 7.13, the oxygen permeation flux of the coated CF-D first
experiences a slight decrease of ~ 4 % from the initial state or from the initial state
after each recalibration within a relatively short time (less than 40 h), then remained

constant at ~ 96 % of the initial value.
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Figure 7.13 Oxygen permeation flux of the coated CF-D at ~ 863 + 1 °C as a function of time.

After operation for this long-term oxygen permeation test, the sample was fractured
to reveal the cross section for further investigations. When compared with the cross
section of the fresh sample, the cross section at the argon side of the measured sample
shows no significant difference in microstructure (as can be seen by comparing
Figure 7.14(a) and Figure 7.9) or elemental distribution (see Figure A7.3 and Figure
A7.5). However, the cross section at the air side of the measured sample (see Figure
7.14(b)) exhibits different characteristics: several grains segregate out of the
multiphase zone at the interface between membrane and activation layer. These
grains appear to be FCO grains since they mainly contain Fe and Co (as revealed by
EDS mapping shown in Figure A7.6). Such phase segregation was also observed for
the same composite prepared by a Pechini process [15], and was reported to have a
limited influence on oxygen permeation in the measured time frame [15]. Similarly,
the segregated FCO grains at the air side shown here have not caused a significant

decrease in oxygen permeation flux over 335 h as shown in Figure 7.13.

Therefore, considering the fact that the oxygen permeation flux of the coated CF-D

stabilizes at around 96 % of the initial value after an operation time > 300 h despite
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the phase segregation, a rather stable performance regarding oxygen permeation can
be concluded for the CF-D.

-\‘,'“ if 18 Ay 2 ym €& e A b 2|J|;n
Figure 7.14 Cross sections at the (a) argon and the (b) air sides of the coated CF-D after a

long-term (over 300 h) permeation test.

7.4 Conclusions

85 wt% CeosGdo202.5-15 wt% FeCo,04 composites were prepared by solid-state
reactive sintering using powder mixtures containing Ceo sGdo202-5, Co304 and Fe, O3
as precursor powders. Different powder preparation methods were used to synthesize

membranes with varied microstructural characteristics.

The results reveal that homogenous microstructures were obtained using the powder
mixtures prepared by the traditional ball milling method. The particle sizes of
powder mixtures are reduced gradually with increasing milling time and reduction
of the ball size due to the improved crushing effect on agglomerates. The reduced
particle sizes of powder mixtures contribute to sintering a membrane with a fine and
homogeneous microstructure, which exhibits higher oxygen permeance than the
membrane with large grains due to good connections between ionic/electronic
conducting phase and long TPBs at the surfaces. In comparison, a rather
inhomogeneous microstructure with fine grains was sintered using inhomogeneous
powder mixtures, which were prepared by dry mixing of CeosGdo20.s powders with

70 wt% CeosGdo202.5:30 wt% FeCo0,04 powders resulting in the same nominal
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weight ratio 85:15 of Cep3Gdo202.s and FeCo,0O4. The fine but inhomogeneous
microstructure exhibits two clearly distinguishable and percolating phase zones: one
monophase zone mainly consisting of CeosGdo2025 permitting fast ionic
conduction through relatively straight paths, and a multiphase zone containing both
ionic and electronic conducting phases, providing mixed ionic-electronic
conductivity with high electronic conduction through robust paths. Such a novel

microstructure results in the highest oxygen permeance.

We present the successful synthesis of such a novel “dual phase” membrane
containing a pure ionic conducting phase and a mixed ionic-electronic conducting
composite with high electronic conductivity, which demonstrates how the limiting
effect on bulk diffusion caused by unfavorable microstructural characteristics can be
overcome. Further improvements are expected by using alternative ionic conducting

compounds with high intrinsic ionic conductivity.
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Appendix A7

Table A7.1 Atomic fractions of Ce and Gd in CGO in CF-D.

Phase zone Ce Gd Ce/Gd
Monophase zone 79.8 20.2 3.9
Multiphase zone 82.4 17.6 4.7
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Figure A7.1 Microstructural comparison of (a) the multiphase zone and (b) the monophase

\
0
»
-

zone in CF-D. Several grains are marked as 1, 2 and 3 as examples representing for CGO,

FCO (or CoO) and GCFCO grains, respectively.
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Figure A7.2 XRD patterns investigated at the surface of CF-D membrane coated with LSCF.
Crystal structures of both coating and substrate materials were detected because the

penetration depth of the X-Rays is larger compared to the coating thickness.
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Figure A7.3 BSEM micrograph and corresponding EDS elements mapping on the cross-

section of the coated CF-D. The La mapping is not shown since the La signal overlaps with

Fe and/or Co signal creating artefacts in mappings.
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Figure A7.4 Oxygen permeation fluxes of the sintered membranes.
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Spm

Figure A7.5 BSEM micrograph and corresponding EDS elements mapping on the cross-

section at the argon side of the coated CF-D after long term permeation test.
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Figure A7.6 BSEM micrograph and corresponding EDS elements mapping on the cross-

section at the air side of the coated CF-D after long term permeation test.
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8.1 Introduction

This chapter reflects the significances of the overall findings with regard to the
influence of powder preparation and sintering profile on mechanical reliability,
oxygen permeation and associated microstructural characteristics of CeosGdo20:-5-
FeCo,04 dual phase membranes, and provides recommendations for further
improvement on the oxygen permeation of the very promising membrane material -
85 wt% Ceo3Gdo202-5-15 wt% FeCo,04[1-2]. In addition, several aspects that may
impact the long-term reliable operation of the membrane are suggested for research

in future studies.

8.2 Powder preparation

8.2.1 Powder composition

As shown in Chapter 2, the sintered nominal Ceo3Gdo20,-5-FeC0204 dual phase
membranes contain a CeooGdo.1025 phase instead of the expected CeosGdo 2025
phase since the formation of the GdossCeo.1sFeo75C002503 perovskite phase
consumes Gd from the raw material - Ceo.sGdo202.5[3]. Since the ionic conductivity
of Ce.9Gdo.102.5 1s lower than that of CesGdo20..5 [4], adding additional Gd to the
membrane material during processing is expected to improve the ionic conductivity
of the membrane and enhance the ambipolar conductivity. The Gd content within the
membrane can be increased by adding Gd;O; into the raw material to obtain
Ceo3Gdo202-5 in the sintered membrane. It is not necessary to obtain Ce..GdO2.5 (x >
0.2), since doping 20 mol% Gd into CeO, has shown to increase the ionic
conductivity to the maximum value [5]. All the Gd from Gd»O; is anticipated to
contribute to forming the Gdo s5Ceo.15Fe0.75C00.2503 or CepsGdo 20--5 phase.

An initial trial is conducted to form CeysGdo20,.5 in the membrane. To 100 g
“standard” powder mixtures of 85 wt% Ceo3Gdo202-5-15 wt% FeC0204, around 8.85
g Gd,0Os3 was added to form nominal Ceo7Gdo30:.5, which was expected to result in

the Ce.8Gdo02.s phase after sintering at 1200 °C.
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As shown in Figure 8.1(a), the membrane sintered at 1200 °C and made with the
powder mixture of Cep7Gdo30:-s and FeCo0,04 consists of CGO, GCFCO, CoO and
FCO phase, but contains no Gd>O; phase, which indicates that the Gd,O; is
consumed. However, the Ce to Gd ratio within the formed CGO needs further
confirmation to verify that the desired CeosGdo20x.5 is formed. Moreover, the grain
sizes shown in Figure 8.1(a) are smaller than the grain sizes shown in Figure 7.5(d)
for the membrane sintered at 1200 °C using the standard powder mixtures. The

reduced grain size will furthermore contribute to a higher oxygen permeance.

Besides, no obvious pore agglomerates or microcracks could be found (see Figure
8.1(b)), which indicates a well-densified microstructure, being a potential basis of a

high mechanical strength.

1200 °C using a powder mixture of Cep 7Gdo.302-5 and FeC0,0s. In the EBSD phase mapping,

the yellow, blue, red and green phases are CGO, FCO, GCFCO and CoO phases, respectively,

while the black spots and dark lines are pores and grain or phase boundaries, respectively.

8.2.2 Powder synthesis methods

For the 85 wt% Ceo3Gdo202.5-15 wt% FeCo,04 membrane, reducing grain sizes of
individual phases was shown to improve not only the mechanical reliability but also
the oxygen permeance. When the solid-state reactive sintering process is used to

prepare the membrane, reducing grain sizes of individual phases mainly relies on the
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breaking of agglomerates in the powder mixtures by the two-step ball milling
procedure. It is shown that among different wet ball milling procedures, the
optimized procedure (i.e. the two-step ball milling procedure) realize the smallest
particle size of the powder mixtures, resulting in the smallest grain sizes for the
membrane. Further attempts to reduce the grain sizes of the individual phases can be
realized by using high energy ball milling to obtain nano-sized particles or using
alternative powder synthesis methods to obtain powder mixtures with smaller

crystallite sizes.

A spray pyrolysis method was used as an alternative method to synthesise a 85 wt%
Ce0sGdo202.5-15 wt% FeCo,Os4 powder. Here, an aqueous solution of
Ce(NOs3)3-6H,0, Gd(NO3);-6H,0, Fe(NO3);9H,O and Co(NOs),'6H,O was
dissolved in distilled water. After stirring to obtain a homogenous solution, the
mixture was sprayed by a nozzle in a drying chamber. The inlet and outlet
temperatures during spray drying were ~ 300 °C and ~ 180 °C, respectively. The
ejected fine droplets were solidified in hot air from the air disperser. The spray-dried

powders were then calcined at 700 °C for 15 h.

The obtained powders contain a large amount of hollow sphere-shaped particles with
relatively large sizes (see Figure 8.2(a)). After experiencing a two-step ball milling
procedure (as described in experimental section of Chapter 4), the sphere-shaped
particles are effectively shuttered into nano-sized particles (see Figure 8.2(b)).
Futher experiments are not done yet, but it is promising to sinter membranes using
these nano-sized powders and such sintered membranes are expected to exhibit

significantly improved oxygen permeances.
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Figure 8.2 Morphologies of the spray pyrolysis synthesized 85 wt% CeosGdo202-5-15 wt%

FeCo,04 powders: (a) in the as-prepared state and (b) after a two-step ball milling.

8.3 Sintering profiles

As indicated in Chapter 4, the grain size of an 85 wt% Ceos8Gdo2025-15 wWt%
FeCo0,04 membrane is increasing with varying sintering temperature. The lowest
sintering temperature to obtain a dense membrane was ~ 1050 °C, where a relatively
fine microstructure has been obtained for the membrane. Hence, an improvement in
oxygen permeance can be expected from this membrane due to the relative small
grain size. However, the rather low sintering temperature also leads to the formation
of pore agglomerates, which decreases the mechanical strength. So, to enhance
oxygen permeation without sacrificing mechanical strength, it is necessary to
develop sintering profiles that result in a well-densified microstructure with

suppressed grain growth and pore agglomerate formations.

Here, a two-step sintering profile, in comparison with the one-step sintering profile
used in Chapters 2-7, is proposed and has already been tested. The temperature was
first increased to 1200 °C at a rate of 3 K/min, then reduced to 1050 °C as fast as
possible (e.g. 50 K/min), and held at 1050 °C for a limited time (e.g. 2 h) before
cooling to room temperature. The microstructure of the two-step sintered 85 wt%
Ce08Gdo202.5-15 wt% FeCo,04 membrane is presented in Figure 8.3. Grain sizes are
relatively small, and comparable with the grain sizes of 85 wt% CeosGdo202.5-15 wt%

FeCo,04 membrane sintered at 1050 °C (see Chapter 4, Figure 4.2(¢)). Most
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importantly, no pore agglomerates are found (see Figure 8.3), indicating that the

membrane is well densified. The fine-grained and well-densified membrane is

promising to deliver not only high oxygen permanence but also high mechanical

strength.

Figure 8.3 Micrographs of the two-step sintered 85 wt% CepsGdo20:-5-15 wt% FeCo,04

membrane at (a) smaller and (b) larger magnification.

8.4 Mechanical stability after long-term operation

The two sides of the membrane are working under different atmospheres with varied
oxygen partial pressure during oxygen permeation. It was reported for the 85 wt%
Ce0.3Gdo201.5-15 wt% FeCo,04 membrane that, after oxygen permeation tests, the
oxygen-rich side (air side) is enriched with iron cobalt spinel phase, while the
oxygen-lean side is short of iron cobalt spinel [1]. The FCO spinel at the oxygen-
lean side can possibly be reduced into the rock salt phase. Although no significant
degeneration of the oxygen permeance is observed after a 300 h oxygen permeation
test [1], the mechanical stability of the membrane operated for an even longer time
might be challenging, because of the compositional variations at the two sides of the
membrane, which can be expected to induce different stress states at the two sides
and possibly induce microcracks. Accordingly, the following aspects that might
influence the mechanical stability are recommended to be characterized for the

membrane after long term operation:
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1. Crystal structures and microstructural defects (e.g. microcracks and voids)
of both cross-sections and two sides;

2. Phase transformation (i.e. reduction of spinel phase into rock salt phase)
induced volume change under different oxygen partial pressures;
Stress states at two sides and stress gradient across the membrane;

4. Fracture behaviours (e.g. defect origins, fracture stresses and subcritical

crack growth) associated with the two sides.

8.5 Conclusions

In this thesis, dense CeosGdo20:.5-FeC0,04 dual phase membranes are synthesized
by solid-state reactive sintering with one-step thermal processing using Ceo sGdo20a-

s, C0304 and Fe,O; as raw materials.

It is reflected that the mechanical reliability and oxygen permeation of CeosGdo20:-
s-FeCo0,04 dual phase membranes can be effectively enhanced by adapting the
powder preparation procedure and sintering profile to obtain crack-free
microstructures with reduced grain sizes. When a long-duration ball milling
procedure (i.e. the two-step ball milling procedure) is applied on raw materials and
a sintering temperature of 1200 °C is used, the membrane with a nominal
composition of 85 wt% CeosGdo2025-15 wt% FeCo,04 is mechanically more
reliable for applications due to its relatively high mechanical strength (~ 266 MPa).
This membrane also exhibits significantly improved oxygen permeance due to the

enhanced bulk diffusion and surface exchange.

However, for potential industrial applications, further improvements in oxygen
permeation are needed without compromising mechanical stability. These
improvements can be promisingly realized using nano-sized powder mixtures
prepared by spray pyrolysis method and/or applying a two-step sintering profile.

Besides, it is necessary to investigate the mechanical stability of the membrane after
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a long-term operation under an oxygen partial pressure gradient, since potential

compositional gradient and stress gradient can be incurred across the membrane.
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