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Abstract  
 

In this work membrane materials with mixed ionic / electronic and protonic / electronic 

conductivity for oxygen (Oxygen Transport Membranes - OTM) and hydrogen 

separation (Hydrogen Transport Membranes - HTM) were investigated regarding the 

thermo-mechanical properties.  

In case of OTM, perovskite-type materials Ba0.5Sr0.5(Co0.8Fe0.2)1-xZrxO3-δ (BSCF·Z100x), 

where x = 0.01, 0.03, 0.05 and 0.1, as well as alternative SrTi1-xFexO3-δ (ST·F100x) with 

x= 0.03, 0.05 and 0.07, while the fluorite structured La5.4WO12-δ (LWO54) and 

Nd5.5WO12-δ (NWO55) were investigated as HTM membrane materials. Compressive 

creep tests were carried out for all compounds in different temperature (900 – 1450 °C) 

and stress regimes (20 – 100 MPa) in air, vacuum and Ar / 4 % H2 2.5 % H2O-

atmosphere. The observed activation energies and stress exponents point to diffusional 

creep as the predominant creep mechanism. In case of BSCF-Z100·x ceramics, this 

was further supported by the fact that the grain-size-normalized steady-state creep rate 

varies little for the different BSCF-Z100·x compositions. It was confirmed that Zr 

substitution does not significantly affect the thermal hysteresis of the creep behavior as 

observed for pure BSCF. Regarding ST∙F100x and LWO54 materials all materials 

maintained their main structure after the tests. Coming to the HTM materials, the creep 

mechanism for LWO54 was suggested to be cation aided diffusion with a common 

migration of La3+ / W6+ as rate controlling species along grain boundaries / through 

lattice. ST∙F100x, LWO54 and NWO55 materials are promising membrane materials 

regarding creep resistance. 

Elastic and fracture properties were determined for dense and porous tape casted 

LWO54. Young’s moduli via Vickers indentation, ring-on-ring and impulse excitation 

technique at room and elevated temperatures show a decrease by ~ 20 % when the 

material is heated up from room temperature to 1000 °C in air and Ar / 4 % H2 

atmosphere. Strength decreases by ~30 % when it is heated up to 1000 °C in air for 

dense materials while at room temperature it can be increased by a factor ~ 2 for 

homogeneous microstructure. Subsequent fractographic analysis reveals agglomerates 

of large irregular pores as fracture origins. For porous LWO54 the strength is 

decreasing with porosity and the presence of the secondary phase La6W2O15. Micro-

mechanical properties at room temperature by Vickers indentation test are also 

determined. 



 
 

 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 



 
 

Kurzfassung 

In der vorliegenden Arbeit wurden keramische mischleitende Membranen mit sowohl 
elektronischer als auch ionischer / protonischer Leitfähigkeit zur Trennung von 
Sauerstoff (Sauerstoff-Transport Membran, OTM) und Wasserstoff (Wasserstoff-
Transport Membran, HTM) hinsichtlich ihrer thermo-mechanischen Eigenschaften 
untersucht. 

Bezüglich der OTM wurden Materialien mit Perowskitstruktur 
Ba0.5Sr0.5(Co0.8Fe0.2)1-xZrxO3-δ (BSCF·Z100x), mit x = 0,01, 0,03, 0,05 und 0,1, als auch 
SrTi1-xFexO3-δ (ST·F100x) mit x= 0.03, 0.05 und 0.07 untersucht. Bezüglich der HTM 
wurden Materialien mit Flouritstruktur La5.4WO12-δ (LWO54) und Nd5.5WO12-δ (NWO55) 
untersucht. 

Für alle Materialien wurden Kriechversuche in verschiedenen Temperatur- und 
Spannungsbereichen in Luft, Vakuum oder Ar / 4% H2 2,5% H2O-Atmosphäre 
durchgeführt. Die beobachteten Aktivierungsenergien und Spannungsexponenten 
weisen auf Diffusionskriechen als vorherrschenden Kriechmechanismus hin. 

Bei BSCF·Z100x Keramiken wird dieses durch die Tatsache unterstützt, dass die auf 
die Korngröße normalisierte stationäre Kriechrate für die verschiedenen BSCF·Z100x 
Zusammensetzungen wenig variiert. Es konnte bestätigt werden, dass eine Zr-
Dotierung nicht signifikant die thermische Hysterese des Kriechverhaltens verändert, 
wie man es bei reinem BSCF beobachtet. Die ST∙F100X und LWO54 Materialien 
behielten ihre Hauptphase nach den Versuchen bei. 

Für die HTM-Materialien wird als Kriechmechanismus für LWO54 die Kationen-
gestützte Diffusion mit einer gemeinsamen Wanderung von La3+/W6+ entlang der 
Korngrenzen / durch die Gitter vorgeschlagen. ST∙F100x, LWO54 und NWO55 sind 
vielversprechende Membranmaterialien in Bezug auf den Kriechwiderstand. 

Für dichte und poröse foliengegossene LWO54-Proben wurden die Elastizitäts- und 
Brucheigenschaften ermittelt. Der über Härteeindruck-, Doppelringtest- und 
Impulserregungsversuchen ermittelte Elastizitätsmodul verringert sich um ca. 20 % bei 
einer Änderung der Temperatur von Raumtemperatur bis 1000°C in Luft und Ar / 4% H2 
Atmosphäre. Die Festigkeit von dichten Materialien nimmt bei einer Erhöhung der 
Temperatur auf 1000°C in Luftatmosphäre um ~ 30% ab, während sie bei 
Raumtemperatur um den Faktor ~ 2 bei homogenen Mikrostrukturen ansteigt. 
Nachfolgende fraktographische Analysen zeigen Agglomerate von großen 
unregelmäßigen Poren als Bruchquelle. Bei den porösen LWO54-Materialien nimmt die 
Festigkeit mit der Porosität und bei Vorhandensein der sekundären Phase La6W2O15 
ab. Mikro-mechanische Eigenschaften bei Raumtemperatur werden durch Vickers- 
Härteeindrucktests ermittelt. 
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2 Introduction 

The continuous increase of population has led to increased energy demand; 

therefore, the CO2 emissions have become the major contributor to global warming. 

Despite the development of renewable energies in the last decades, the lack of large 

scale energy storage will ultimately maintain the fossil fuel a main energy source. 

Developing Carbon Capture Technology is an intermediate step before the complete 

sustainable energy supply is realized. In that case CO2 is separated from other gases 

before it is released into the air, and can be further utilized [1,2]. 

Three main technological implementations for carbon capture based on inorganic 

membranes are briefly described below [3,4,5,6]. 

Post-combustion: CO2 is separated from the exhaust gases after the combustion 

process via membrane technology. The decisive advantage of post-combustion over 

other capture methods is that it can be easily retrofitted onto existing power plants.  

Pre-combustion: In this process, the fuel is converted into a gaseous mix of CO2 and 

H2 as illustrated in Figure 2-1. Prior to combustion, the fuel is partially oxidized in pure 

oxygen and hence, CO is obtained as an intermediate product. The partially oxidized 

fuel reacts with water vapor (CO-shift reaction) to form a mixture of H2 and CO2. 

Finally, H2 is extracted using either proton conducting dense ceramic membranes or 

polymeric H2 or CO2 selective membranes. This extracted H2 is used as fuel, while 

CO2 is captured and stored. The concentration of CO2 in this mixture ranges from 15 

- 50%. In comparison to the post-combustion process, the pre-combustion process is 

more efficient, since the gas separation takes place at high pressure and high 

concentrated CO2 gas mixture. But the fuel conversion steps required for pre-

combustion are more complex than those in post-combustion, making the technology 

more difficult to apply to existing power plants at increased capital cost [7]. 
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During operation, these materials can be exposed to mechanical stresses induced by 

pressure gradients, chemical expansion and differences in thermal expansion with 

respect to sealant and housing materials. These operation conditions are different 

depending on the process. Oxygen transport membranes work under either oxidizing 

or reducing conditions (e.g. air versus methane) or oxidizing conditions on both sides 

of the membrane (OXYFUEL Process). The hydrogen transport membranes usually 

work under reducing conditions on both sides (Pre-Combustion Process). In addition, 

both types of membranes operate at high temperature (namely 850 °C for OXYFUEL 

and 600-800 °C for the pre-combustion process) [14]. Besides the chemical stability, 

the mechanical properties are thus very important, and therefore, their extended 

characterization is necessary. This characterization includes elastic and fracture tests 

and, due to the envisaged operation at elevated temperatures, the extensive study of 

creep behavior. 

With respect to the membrane materials, mostly perovskites are used due to their 

favorable mixed conductivity. In case of OTM, where mixed ionic and electronic 

conductivity is required, the perovskite with excellent oxygen permeability is 

Ba0.5Sr0.5Co0.8Fe0.2O3-δ (BSCF5582) [15]. However, this material suffers from a 

crystal phase transition at operation temperatures that depletes the oxygen transport 

through the lattice. Addition of other dopants, like ZrO2 may stabilize the crystalline 

phase, which usually comes along with a drop in the permeation. Therefore, a 

compromise between stability and permeability should be accomplished. 

The current study mainly concentrates on the thermo-mechanical characterization of 

the selected materials mentioned above. Hence, the effect of Zr doping for 

BSCF·Z100x perovskite materials were initially investigated. The Zr doping was 

believed to stabilize the structure at the phase transition temperature range of the 

high flux material BSCF5582. On the other hand, based on Fe doping of the stable 

SrTiO3 in order to increase its permeability, the STF·100x class of materials was 

investigated as an alternative solution to BSCF5582. Both materials development 

routes aimed for chemically stable high flux materials. Since BSCF·Z100x and 

ST·F100x materials were still in an initial development stage, only small number of 

specimens for creep testing could be made available. Hence, this part of the work 

focused on the determination of the creep mechanism and its correlation to the 

microstructural properties of the materials, considering the requirements of the 
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OXYFUEL process. The creep behavior has been determined based on compressive 

tests. 

Regarding hydrogen transport membranes for the Pre-Combustion capture 

technology, the investigations were focused on the mechanical behavior of 

La5.4WO12-δ (LWO54), a novel fluorite-structured material that shows good ambi-polar 

protonic-electronic conductivity. Dense and porous LWO54 have been characterized. 

Whereas the dense material was investigated to gain basic understanding of the 

materials behavior, the porous LWO54 was characterized to gain understanding of 

the relationship between mechanical properties, manufacturing process and 

optimization possibilities. 

More specifically, regarding the dense material, elastic and fracture properties as well 

as the compressive creep behavior and elastic and fracture properties were 

characterized for LWO54. Tests were performed at room temperature as well as in 

operation related temperatures. In addition, the creep behavior of the alternative 

proton conductor Nd5.5WO12-δ was investigated. 

The planar asymmetric membrane design concept should be applied for HTM. In this 

case the substrate will have to provide the mechanical stability. For the substrate, a 

porosity from 20 to 40 % is required in order to enable the gas permeation. Since 

porosity leads to reduced mechanical properties, a compromise should be achieved 

for the porosity regarding permeation and mechanical properties. Therefore, porous 

tape casted material with different porosity range related to operation was prepared 

and tested with ball-on-3-balls method. Literature on the mechanical properties of 

these materials is limited; hence, the results of the current study will be of high 

interest for materials and system design. 
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3 Fundamentals 

A gas transport membrane can be described as a barrier between two enclosures 

which preferentially allows ions to permeate using pressure or an electrical potential 

gradient as a driving force [16]. The working principle of dense ceramic membranes 

for oxygen and hydrogen separation is described below and the theoretical basis for 

the transport properties in dense oxides regarding flux of the gases is addressed. In 

this respect, the materials that exhibit the required highest fluxes are also discussed 

in detail. 

3.1 Oxygen Transport Membranes 

Figure 3-1 depicts the working principle of oxygen permeation through a MIEC 

membrane. The driving force for oxygen transport is the gradient of oxygen partial 

pressure existing across the membrane. Permeation takes place from the high 

oxygen partial pressure side pO2 (1) (feed side) to the low oxygen partial pressure 

side pO2 (2) (permeate or sweep gas side). It is divided into three zones: 1) an 

interfacial zone on the high partial pressure, 2) a central bulk zone and 3) an 

interfacial zone on the low oxygen partial pressure or sweep gas side. Since the 

MIEC membrane is dense and gas-tight, the direct passage of oxygen molecules is 

not possible, but oxygen migrates through the membrane selectively in the form of 

ions O2- from the pO2 (1) to the pO2 (2) part. The overall charge neutrality is maintained 

by a counterbalancing flux of electrons as shown in Figure 3-2. Thus, the electronic 

conductivity itself creates a short circuit and the air separation through this process 

leads to high purity oxygen. After O2- cations are transported to the low pressure 

side, they recombine to form molecules that are released into the permeate stream 

[16]. The oxygen transport in the crystal lattice at such membranes is described with 

the Kröger - Vink notation as follow:  

1

2
𝑂2 + 𝑉𝑂

∙∙ + 2𝑒′ = 𝑂𝑂
𝑥         Equation 3-1 
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Figure 3-1 Operation principle of a MIEC membrane for oxygen separation [17]. 

 

 

Figure 3-2 Dense ceramic membrane based on a mixed conducting mechanism [12]. 

The oxygen transport through a MIEC membrane can be described by Wagner’s 

theory of diffusion in solid oxides [12,18,19]:  

𝑗𝑂2 =
𝑅𝑇

16 𝐹2𝐿
∫ 𝜎𝑎𝑚𝑝𝑑𝑙𝑛(𝑝𝑂2

)
𝑝𝑂2

1

𝑝𝑂2
2

          Equation 3-2 

With  𝜎𝑎𝑚𝑝 =
𝜎𝑒𝑙∙𝜎𝑖𝑜𝑛

𝜎𝑒𝑙+𝜎𝑖𝑜𝑛
         Equation 3-3 
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Where 𝑗𝑂2 is the oxygen permeation flux in mol·m-2·s-1, 𝑅 the universal gas constant, 

𝑇 the temperature, 𝐹 the Faraday constant, L the membrane thickness, σamp the 

ambi-polar conductivity and the limits of integration 𝑝𝑂2

1  and 𝑝𝑂2

2 are the oxygen partial 

pressures at the gas-phase boundaries.  

From Wagner’s equation it appears that the oxygen permeation flux depends on the 

process parameters (T, 𝑝𝑂2

1  and 𝑝𝑂2

2 ), the membrane architecture (L) and the material 

properties (σamp). T, 𝑝𝑂2

1  and 𝑝𝑂2

2  will be fixed by the process itself (chemical reaction, 

OXYFUEL, etc) [20,21]. A further increase in permeation can be achieved by 

membrane architecture design.  

However, the oxygen flux increases only up to a characteristic thickness Lc, and 

further reduction does not lead to any further increase since surface exchange 

reactions dominate the transport. The rate of oxygen flux is thus controlled by two 

factors: i) solid state diffusion within the membrane and ii) interfacial oxygen 

exchange on both sides of the membrane. Bouwmeester et al. [16], introduced this 

limit into the Wagner equation yielding:  

𝑗𝑂2 =
1

(1+
2𝐿𝑐

𝐿
)

𝑅𝑇

16 𝐹2𝐿
∫ 𝜎𝑎𝑚𝑝𝑑𝑙𝑛(𝑝𝑂2

)
𝑝𝑂2

1

𝑝𝑂2
2

      Equation 3-4 

Where 𝐿𝐶 =
𝐷

𝑘
, 𝐷 is the oxygen diffusion coefficient and 𝑘 the surface exchange 

coefficient. Typical values for 𝐿𝑐 were determined to be in the range from μm to cm, 

depending on material and environmental parameters [16]. For BSCF the membrane 

thickness should be < 100 μm, hence, the aim is a thin membrane layer supported by 

a porous substrate that provides the mechanical strength [15]. 

Finally, the permeation rates can be further improved by increasing the 𝜎𝑎𝑚𝑝 of the 

membrane material. However, there is a tradeoff between stability and transport 

properties for the membrane materials. Among ceramic oxide membranes with mixed 

ionic electronic conducting characteristics, perovskite-type and fluorite-type are the 

best compounds in terms of oxygen permeation properties [22,23,24]. State of the art 

materials used as MIEC membranes are the perovskites, with the chemical formula 

ABO3. The ideal perovskite structure is represented in Figure 3-3 where A cations are 
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located at the corners of the tube and the B cations at the center, while the oxygen 

anions are positioned in the center of the cube edges.  

 

Figure 3-3 Perovskite structure ABO3 [16] 

The ideal perovskite structure illustrated in Figure 3-3 has no capability of conducting 

oxide ions. For diffusion or conduction to occur, defects have to be introduced in the 

structure via nonstoichiometry [12]. Therefore, doping strategies have been widely 

adapted to improve the permeation of the perovskite oxides. The perovskite structure 

is able to tolerate cations with different valence and ionic radii to achieve high 

concentrations of oxygen vacancies and ionic conductivity. Since these modifications 

affect the crystal stability, the tolerance limits of the cation’s radii in A and B sites of 

the perovskites are calculated by the Goldschmidt factor: 

𝑡 =
𝑟𝐴+𝑟0

√2(𝑟𝐵+𝑟0)
          Equation 3-5 

Where rA, rB and r0 are the radii of the respective ions. Nominally, the perovskite 

structure is expected to be stable for 0.75 < t < 1.0. If the distortion exceeds these 

limits, other crystal symmetries appear like orthorhombic and rhombohedral, while     

t ~ 1 corresponds to ideal cubic perovskite lattice [25]. 

The concentration of defects in non-stoichiometric oxides is a function of temperature 

and pressure of their components, mainly oxygen in the oxides. The dopant choice 
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and levels have a significant effect on several parameters such as lattice structure, 

electrical conductivity, sintering behavior and the oxygen permeation flux [26, 27, 28, 

29]. The stability of the perovskite structure is generally improved by B-site doping 

with a more stable cation to produce AB1-xMxO3-δ where δ is denoted by the amount 

of vacancies or defects. In the formula AB1-xMxO3-δ, A = Ca, Sr or Ba;                         

B element = Ce, Tb, Zr or Tl; and M = Ti, Tm, Cr, Mn, Co, Ni, Cu, Al, Ga, Y, Yb, In or 

Sn. 𝑥 is less than the upper limit of solid solution formation range (normally less than 

0.2) and 𝛿 is the oxygen deficiency per unit cell. In general, the higher the amount of 

vacancies, the higher the oxygen flux [30,31,32,33] The perovskite structure is also 

formed with substitutions for either A or B cations or of both A and B cations in order 

to produce AxA’1-xByB’1-yO3-δ.  

3.2 Materials 

The criteria for the selection of a material as a dense ceramic membrane are 

summarized as follows [16,34]: 

a) high mixed ambipolar conductivity (ionic / electronic for OTM, protonic / 

electronic for HTM)  

b) high catalytic activity regarding oxygen reduction  

c) chemical and structural integrity in the application relevant temperature and 

oxygen partial pressure range, as well as the respective working atmosphere  

d)  compatibility with the other cell components (no chemical interaction & same 

thermal expansion coefficient TEC) 

e) low volatility at operating temperatures  

f) capability to be fabricated as thin films  

g) mechanical integrity 

h) low cost of material and fabrication  

It is obviously difficult to fulfill all these requirements. Nevertheless, the materials in 

the following sections were chosen for investigation in the frame of the project where 

their development and properties are introduced. 

3.2.1 BSCF·Z100x 

The pioneer work of Teraoka et al. [35,36,37] introduced a very challenging research 

area for the development of perovskites as high conducting oxygen permeation 
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membranes. Teraoka et al. investigated the influence of A and B site substitution on 

oxygen permeation through La0.6A0.4Co0.8Fe0.2O3-δ (Α = La, Na, Ca, Sr, Ba) and 

La0.6Sr0.4Co0.8B0.2O3-δ (B = Fe, Co, Ni, Cu). It was shown that among the family of  

La1-xSrxCo1-yFeyO3-δ, the SrCo0.8Fe0.2O3-δ composition possesses the highest 

permeation at 850°C due to the high concentration of oxygen vacancies in the lattice 

caused by A-site substitution.  

However, it was reported that this perovskite compound is rather unstable and 

cannot maintain the cubic perovskite structure [38]. In case of original structure 

SrCoO3-δ, a significant drop in permeability was observed due to cubic-to-

brownmillerite phase transformation below 1000 °C [39]. To overcome this problem, 

partial substitution of Co and Fe was performed to form the material SrCo0.8Fe0.2O3-δ. 

It was found that the B-site doping by 20% Fe improved the perovskite phase stability 

to 790°C [40]. Shao et al. [41] introduced Ba0.5Sr0.5Co0.8Fe0.2O3-δ (BSCF5582) 

material where Sr2+ was substituted by Ba2+, with same valence state but higher ionic 

radii as the most promising composition for high oxygen permeation rates. 

Based on these studies, the perovskite-type oxide BSCF5582 has been intensively 

investigated for its potential use as OTM. Thin film asymmetric (supported) 

membranes prepared from BSCF5582 have been found to exhibit unprecedented 

high oxygen fluxes [15,42]. However, the material suffered from stability issues 

related to its decomposition at moderate temperatures (below ~ 850 °C) [43] that not 

only affect the permeation properties [42,44], but also the mechanical stability [45]. 

Overall, these stability issues could have detrimental effects on the long-term 

reliability and performance of the membrane [46,47]. 

The phase instability of BSCF5582 below the critical temperature of ~850 °C as well 

as its detrimental effect on oxygen transport properties have been studied by 

different researchers [48,49,50,51]. In general, the results confirm that grain 

boundaries and/or imperfections, such as cobalt oxide precipitates, serve as sites for 

nucleation and growth of secondary phases. Using transmission electron microscopy 

(TEM) techniques, Mueller et al. [51] observed decomposition of BSCF into 

hexagonal 2H-Ba0.5+xSr0.5-xCoO3-δ, and a (compared to pure BSCF) Ba- and Co-

depleted cubic perovskite-type phase Ba0.5-xSr0.5+xCo0.6Fe0.4O3-δ. Efimov et al. [52] 

suggested hexagonal 2H-Ba0.6Sr0.4CoO3-δ and a lamellar, non-cubic phase            
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Ba1-xSrxCo2-yFeyO5-δ as main decomposition products. Extensive investigations by 

Müller et al. [53] identified the latter phase as an intergrowth compound, 

Bam+1ComO3m+3 (Co8O8), m ≥ 2 (denoted by BCO), consisting of CdI2-type CoO2 and 

perovskite layers. Regions with a plate-like morphology were identified consisting of 

a random arrangement of cubic (with a small departure of the original BSCF 

composition), hexagonal, and BCO-type phases as illustrated in Figure 3-4.  

 

Figure 3-4 a-d) SEM Images that illustrate the formation of the secondary phases in BSCF after 
annealing for 100 hours in ambient air , 1000, 900, 800, 700°C respectively e) bright-field TEM image 

of a sample after annealing at 700 °C, f) scheme of the microstructure of plate-like regions [53]. 

Another issue for BSCF is its chemical instability towards CO2 containing 

environments which leads to decrease of oxygen permeation [54,55,56]. 

a b 

e f 

c d 
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Several groups have demonstrated that the undesired phase decomposition of BSCF 

below ~ 850 - 900 °C can be avoided by partial substitution of (Co, Fe) by redox-

stable cations such as Nb, Y, and Zr, albeit at the expense of reduced oxygen flux 

[57,58,59,60,61]. The reason behind these substitutions is Goldschmidt’s theory on 

the relative stability of cubic and hexagonal perovskite structures [50], and to avoid 

an excessive increase in the oxygen stoichiometry. Hence, by keeping the average 

oxidation state lower and the ionic radii matching the host radii even upon lowering 

the temperature or increasing the ambient oxygen partial pressure, it is possible to 

improve the structural stability. Recently, Yakovlev et al. [60], suggested that the 

introduction of 3 mol% ZrO2 is sufficient to prevent decomposition of BSCF5582, 

while Ba0.5Sr0.5(Co0.8Fe0.2)0.97Zr0.03O3-δ possesses similar high permeation rates but 

improved stability compared to BSCF5582. No sign of performance degradation were 

found in electrical conductivity data and conductivity relaxation curves recorded at 

800 °C, pO2 of 1 atm over 260 hours [60]. A follow-up study conducted by Ravkina et 

al. [61] however, demonstrated oxygen permeation fluxes to decline with time for 

oxygen permeation measurements performed at 750 °C. 

Finally, it should be remarked, to emphasize the importance of the main focus of the 

study, that the effect of the phase transformation on the mechanical performance of 

the perovskite materials was first reported by Pei et al. [62] who observed two 

different fracture types in tubular membranes of SrCo0.8Fe0.2O3-δ during the syngas 

generation process. The first fracture type took place within the first hour of operation 

at 800°C as a result of the pO2 gradient across the membrane, the arising strain due 

to the lattice mismatch as well as the brownmillerite-perovskite phase transition. The 

second fracture type was observed after prolonged exposure to reducing 

environment due to the decomposition of SrCoO3.  

3.2.2 ST·F100x 

As an alternative option to replace the unstable BSCF, solid solutions of              

SrTi1-xFexO3-δ (ST·F100x) were investigated due to their high stability of the strontium 

titanate host lattice [66]. The oxide materials based on perovskite titanates ATiO3-δ 

(Α=Ca, Sr, Ba) exhibit advantageous transport properties such as mixed oxygen ionic 

and electronic conductivity, stability in both reducing and oxidizing environments, a 

significant protonic conduction in hydrogen-containing atmospheres and a relatively 



18 
 

low chemical expansion [63]. Hence, such perovskite titanates are suitable for high 

temperature electrochemical applications such as sensors, electrodes of SOFCs, 

sensors and ceramic membranes for oxygen separation and partial oxidation of 

hydrocarbons [63]. 

The almost oxygen impermeable SrTiO3-δ, which has a high chemical stability was 

doped with Fe to introduce a mixed ionic and electronic conductivity materials class 

SrTi1-xFexO3-d (ST·F100x) [66]. Studies had shown that the incorporation of lower 

valence ions like Co and Fe into the B sublattice of ABO3 perovskite titanate structure 

increases the oxygen vacancy concentration and hence the ionic conductivity [63,64], 

while the presence of Ti in the B site enhances the thermodynamic and dimensional 

stability under high oxygen chemical potential gradients [65]. Regarding their 

potential application as oxygen transport membrane material, the SrTi1-xFexO3-d was 

investigated by Schulze-Küppers et al [66]. Focusing on the membrane structural and 

functional properties such as sintering behavior, oxygen permeation rates, chemical/ 

thermal expansion as well as the stability in CO2 and Ar / 4% H2 environments. They 

concluded that a good compromise between structural and functional properties was 

obtained for compositions up to ST·F35. These compositions yielded higher oxygen 

permeation comparing to the standard material La0.6Sr0.4Co0.2Fe0.8O3-δ (LSCF). 

Moreover, the stability of ST·F35 was found to be improved in comparison to LSCF. 

Additionally, the thermal expansion coefficients reported for compositions with low Fe 

content, up to ST·F35, (11.3-16.2x10-6 K-1) much very well with the ones of the 

adjacent metallic components such as austenitic stainless steels (16-18x10-6 K-1) and 

Ni-based alloys (12-16 10-6 K-1) [66]. It is very important that the expansion behavior 

of the membrane and the adjacent materials is similar so that thermally induced 

stresses are avoided. Therefore, it seems that the compositions up to ST·F35 fulfill 

the membrane materials requirements. 

3.3 Hydrogen Transport Membranes 

Hydrogen has a high potential for usage in future energy systems. Hence, proton 

conducting materials have attracted increasing interest [78]. One of the possible 

applications for mixed proton-electron conducting membrane materials is hydrogen 

separation at elevated temperature in fossil fuel fired power plants that engage 

gasification and pre-combustion strategies [67,68]. Some other potential applications 
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oxide in equilibrium with a source gas like hydrogen or water vapor, depending on 

the dominant conducting species in the intrinsically non-proton conducting state. 

Hydrogen is the donor that is fully ionized under most practical conditions as the 

electron potential is expected to be low. Thus, the simplest possible reaction that 

describes dissolution of protons is: 

𝐻2(𝑔) + 2𝑂𝑂
𝑥 = 2𝑂𝐻𝑂

∙ + 2𝑒′        Equation 3-6 

𝑂𝑂
𝑥 +

1

2
𝐻2

 
⇔ 𝑂𝐻𝑂

∙ + 𝑒′         Equation 3-7 

As the proton defect is effectively positive, its concentration is enhanced by acceptor 

doping. Most scientific studies and application-oriented work on proton-conducting 

oxides have been done on acceptor-doped oxides. In such oxides the acceptors are 

compensated by oxygen vacancies in a dry state, so that they are oxygen ion 

conductors. When equilibrated in water vapor, the oxide dissolves protons and fills 

the vacancies according to the following equation: 

𝐻2𝑂 (𝑔) + 𝜈𝑂
.. + 𝑂𝑂

𝑥 = 2𝑂𝐻𝑂
.         Equation 3-8 

Using the equilibrium expression between vacancies and water vapor to form 

protons, the concentration of protons and their pH2O dependency can be estimated. 

The proton transport in oxides has been demonstrated to take place by the free 

proton transport mechanism or proton migration (Grotthuss type) mechanism 

[75,76,77]. In this mechanism, the protons are considered to migrate through jumps 

between stationary oxygen ions. The enthalpy of the hydration reaction varies 

considerably when correlated to materials properties.  

Theoretical models for H2 permeation through proton conducting ceramic membranes 

can be used to understand the underlying phenomena as well as to support the 

design and optimizing processes of utilizing these membranes. Similar to oxygen 

transport, the Wagner equation is the starting point of describing the H2 flux 

assuming that the transport number of oxygen ions tO is zero [78]: 
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𝑗𝐻2
=

1

2𝐿
 
𝑅𝑇

𝐹2 ∫ 𝑡𝐻+𝑡𝑒𝑑𝑙𝑛𝑃𝐻2

𝑃𝐻2
′′

𝑃𝐻2
        Equation 3-9 

Here the charge carriers include protons (H+) and electrons (e-). It is assumed that 

the H2 dissociation rate at the surface of the membranes is much higher than the bulk 

diffusivity of the charge carriers. 

Similar to the OTM, the Wagner equation emphasizes for HTM that parameters such 

as temperature, membrane thickness and oxygen partial pressure play a significant 

role in the transport analysis and membrane design to optimize the H2 flux [78]. For 

the effect of surface exchange and the criteria for the selection of a material as a 

dense ceramic membrane see also chapter 3.1. 

The prerequisite for ceramic proton conductors is the high ambipolar proton-electron 

conductivity. In some cases, the improvement of low electron conductivity that limits 

the H2 flux of the proton-conducting ceramic membrane to a sustainable level is a 

remaining challenge [79]. Other limiting factors for the sustainability of the membrane 

are the long term chemical stability under the presence of various gases such as 

CO2, H2O and SO3 and also the mechanical integrity [78,80]. 

3.4 Materials  

In the following section a literature overview of ceramic proton- electron conducting 

materials is presented. It is evident from the information given in the previous 

sections that the requirements to be fulfilled by the membrane candidate material are 

quite challenging and severe. In the following sections, the potential HTM candidate 

materials that exhibit the desired type of mixed conductivity (proton- n-type electron) 

are introduced and compared.  

3.4.1 Perovskite-type oxides  

Several perovskite type oxides have been identified to have good characteristics as 

proton conductors. The first proton conducting material SrCe0.95Yb0.05O3-δ has been 

reported by Iwahara [72]. Later, several other perovskite materials have been studied 

such as doped BaCeO3 [81], BaZrO3 [82,83], BPrO3 [84], SrZrO3, CaZrO3 [85,86,87] 

and SrTiO3 [88].  
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The proton conductivities of these perovskites in a hydrogen atmosphere are of the 

order of 10-3-10-2 S cm-1 at 600 - 1000°C and can be further improved by appropriate 

doping [89,90].. BaCeO3 based oxides show the highest conductivity, but oxygen ions 

also contribute to the conductivity with increasing temperature, resulting in a 

decreasing transport number of protons [91]. 

The perovskite materials SrCeO3 and BaCeO3 have high proton conductivities due to 

the basic nature of the A- and B-site cations, but this makes them vulnerable to the 

attack of acidic gases such as CO2, H2O and SO3. They quickly form carbonates or 

sulfur-containing compounds once exposed to carbon- or sulfur- containing gas 

streams that further lead to deterioration of their conductivity and also to an overall 

loss of mechanical strength and efficiency. The zirconate based oxides such as 

SrZrO3 or CaZrO3 show good chemical stability and good mechanical strength. They 

are more stable against CO2 compared to cerates [92], but the conductivity of 

zirconates is lower [93] due to the high grain boundary resistances [94]. The 

perovskite with the highest reported conductivity 1- 5 × 10-3 S cm-1 at 600°C and high 

CO2 resistivity, is the acceptor-doped LaScO3 [95]. 

3.4.2 Non-perovskite-type oxides 

In order to overcome the stability problems in reducing atmospheres, investigations 

have also been focused on novel materials with other structures than perovskites. 

One class of doped non-perovskite structured oxides that combine proton 

conductivity with CO2 stability are the rare earth sesquioxides Ln2O3 [96,97,98]. 

Terbium sesquioxide Tb2O3 has also been reported to exhibit both electronic (p-type) 

and proton conductivity in hydrogen atmosphere at high temperatures (proton 

conductivity 5 × 10-5 S cm-1 at 900 °C) [109]. 

Oxides with fluorite structures such as Y2O3 and CeO2 exhibit proton conductivity in 

H2 / H2O atmosphere and at high temperatures [99,100]. Although the hydrogen 

permeability of those materials is rather low, their chemical and thermodynamic 

stabilities are very good. By adapting a proper dopant strategy, their hydrogen 

permeability can be greatly improved [101]. Other non-perovskite oxides that have 

been reported to exhibit rather low proton conductivities at high temperature are the 

pyrochlores Ln2Zr2O7 and LaPO4 [102,103]. 
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Recent developments led to a novel class of ceramic materials, lanthanide tungstate 

compounds LnxWO3+1.5x x≈6 (LnWO) with ordered defect fluorite structure or 

disordered pyrochlore structure [104,105]. These structures exhibit sufficient 

electron-proton conductivity in hydrogen containing atmospheres at high 

temperatures [106,107] and acceptable stability in CO2 containing atmospheres 

[108]. Norby et al. stated that the total conductivity derived from both, protonic and 

electronic conductivities must be at least 0.1 S cm-1, which however, also depends on 

the membrane thickness and other factors [109]. These two properties make LnWO a 

class of promising candidate materials for hydrogen separation membranes, in 

catalytic membrane reactors for selective hydrocarbon conversion.  

More specifically, an early study by Yoshimura et al. [110] reported the electrical 

conductivities in the temperature range 500 to 1500 °C of solid solutions for the 

system CeO2-La6WO12. It exhibits predominant electronic conductivity at high 

temperatures and ionic conductivity at low temperatures. Proton conductivity was not 

considered in this study, but later Shimura et al. [111] demonstrated that LaxWO3+1.5x 

(x~6) (LWO) exhibits considerable proton conductivity under hydrogen containing 

atmospheres. They have also shown that the LWO material with stoichiometry of 

La5.8WO11.7 demonstrates an ionic conductivity of about 5 × 10-3 S∙cm-1 at 900°C in 

wet H2 with limited p-type contribution, but enhanced n-type conductivity resulting 

from W6+ reduction. Mixed proton-electron conductivity of both, stoichiometric and 

partially substituted LnWO where Ln = La, Nd, Gd, Er was further demonstrated 

[112]. A comparison with SrCeO3 doped with 5% Yb regarding the ambipolar 

conductivities led to the conclusion that LWO was a promising candidate for 

membrane applications [113]. Several other research groups have also studied the 

structural model of LWO, its synthesis optimization for deriving single phase material 

and its transport properties [108,116,120]. Mixed protonic-electronic conductivity was 

experimentally determined by Hausgraud et al. [107,113] for LnWO (Ln=Nd, La, Gd, 

Er) materials yielding values similar to the state-of-the-art 5% Yb doped SrCeO3 thus, 

establishing LnWO class as promising candidate membrane materials. 

Two phase diagrams have been published for the system La2O3-WO3 since 1970’s. 

In the first one by Ivanova et al. [114] the La6WO12 phase which exists up to 1250°C, 

has been reported while Yoshimura et al. [115] stated that La10W2O21 exists up to 

~1740°C along with the La6WO12 phase which is formed from ~1740°C up to 1960°C 
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(Figure 3-6). Nevertheless, single phase material has been successfully synthesized 

with several methods by effectively controlling the deviation from the equilibrium by 

W-over-stoichiometry with nominal compositional ratios for obtaining single phase 

material varying between 5.2 ≤ x ≤ 5.7 after firing at 1500 °C [116,117,118]. But if the 

equilibrium shifts to the W-rich region, the formation of the secondary phase 

La6W2O15 takes place. In case of equilibrium shift to the La-rich region, segregation 

of La2O3 is observed. Both secondary phases have been proven to be critical for 

membrane operation since La2O3 is highly hygroscopic and forms La(OH)3 when 

exposed to moisture. La6W2O15 structural transformations at ~ 630 °C and ~ 930 °C 

[119] accompanied by pronounced thermal expansion anisotropy of the unit cell, 

leading to crack formation due to induced tension stresses and thus disintegration of 

the membrane [120]. Therefore, synthesis of single phase material is of high 

importance for the effective membrane fabrication. 

 

Figure 3-6 Phase diagram of La2O3 – WO3 after [115]. 

The crystal structure of La6-xWO12-y (y=1.5x+δ) according to Sherb et al. [121] is 

represented in Figure 3-7:  
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Figure 3-7 Model for the average crystal structure for La5.5WO11.1−δ  in space group  𝐹𝑚3̅𝑚 with split 
oxygen and split lanthanum sites refined from high-resolution synchrotron X-ray and neutron 

diffraction data [122]. 

Another structure has been proposed by Magrasó et al. [123] giving a good 

explanation why only compositions with off-stoichiometric La/W ratios below 6 are 

stable. It also clarifies the transport, doping and hydration behavior related to filling 

the oxygen sublattice, so that the vacancies tend to stabilize due to entropy 

contributions. The proposed structure can be written as La28-xW4+xO54+δν2-δ, where 𝑣 

represents empty oxygen sites. The final model is quite similar to the one developed 

by Sherb et al. [122].  

The Wagner equation for the H2 flux (Equation 3-9) can be applied to investigate 

feasibility of rare earth tungstates as potential membrane materials. Assuming bulk 

diffusion, the calculation yields a hydrogen permeation value of 2 ml·min-1·cm-2 at 

800 °C for a membrane thickness 10 μm and pH2 ≈ 10 atm at the feed-side [124]. H2 

flux was obtained experimentally by Escolástico et al. for LnWO-based bulk 

membranes and was found to vary between 5·10-3 - 5·10-2 ml·min-1·cm-2 for 

Nd5.5WO12-δ and flux up to 0.1 ml·min-1·cm-2 for La5.5WO12-δ at 1000 °C [125,126]. 

Higher flux values are obtained by doping these materials with transition metals 

[108,125,126].  

Furthermore, promising indications regarding chemical stability of La5.4WO11.7 and 

Nd5.5WO12-δ, have been reported through conductivity studies in the temperature 

range 600 to 1000 °C and after long term exposure to gas flow containing CO2, and 

CH4 [108,127]. Nd5.5WO12-δ was also tested regarding stability under different 

environments including H2S, CO2, CO, H2 at 500 °C and the material remained 

unchanged [108,125,126]. Therefore, these materials were chosen to be studied in 
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the frame of the present study. La5.5WO11.7 has also been prepared effectively with 

tape casting technique that will be adapted for the manufacturing of asymmetric 

membranes, thus fulfilling the material requirement for effective thin film membrane 

preparation [128].  

3.5 Membrane Module Design 

There are different possible designs for membranes as gas separators. The most 

appropriate should fulfill different requirements such as high active surface area, 

mechanical integrity etc. More specifically, the permeation rates could be further 

improved by the optimization of membrane architecture [129]: 

Regarding OTM, the tubular design concept has been suggested as optimal choice 

for air separation units in terms of specific surface area and manufacturing aspects 

like manifolding and sealing [130,284].  

As outlined above, membranes should be as thin as possible in order to maximize 

the flux through the membrane. Consequently, these thin membranes have to be 

supported by a macro-porous support. For the development of such asymmetric 

membranes, defect-free thin films on highly porous support are essential.  

This design also requires different porous interlayers and catalytic layers, which in 

turn requires sophisticated manufacturing [131]. A general evaluation of membrane 

module concepts was performed by Vente et al. [132] where every concept was 

proved to have advantages and disadvantages. Therefore, every architecture 

concept should be considered individually for each application and the boundary 

conditions related to the available manufacturing technology [131]. In the following 

paragraphs the main concepts are presented  

Honeycomb structures 

The honeycomb structure offers high membrane area per volume. This design 

concept includes many advantages such as high surface area and robustness 

despite its relative thin walls [133]. It is illustrated in Figure 3-8. The monoliths can be 

manufactured by extrusion which allows mass production. Unfortunately, this 

architecture cannot be technically realized due to lack of appropriate manifolds of the 

required gas streams.  
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Figure 3-8 Honeycomb structure (left) and design of manifold (middle and right) [133]. 

Tubular Design 

The majority of membranes are tubular, especially if they are applied in filtration 

processes. Therefore, this concept is investigated by several research groups. The 

Fraunhofer Institute of Ceramic Technologies and Systems (IKTS) developed a 

transportable demonstration unit based on extruded BSCF tubes with wall thickness 

of 0.5 - 1 mm, within the MEM-BRAIN consortium. The concept is based on a parallel 

configuration of BSCF tubes that are closed at one end and loaded with ambient air 

flow the other end as it is shown in Figure 3-9. This design enables easy 

transportation while it avoids large pressure vessels and compressors. The oxygen is 

pumped from the tubes at a pressure of 20 – 100 mbar. An improved design (Figure 

3-9) was realized by RWTH Aachen University in the frame of OXYCOAL-AC project 

that can operate at a permeate pressure of 0.5-1 bar resulting in an O2 flow of 0.5 

ton/day while the pressure vessel can withstand pressures up to 20 bar [131]. It was 

shown by Vente et al. [130] that this concept is currently the optimal choice, 

compared to other possibilities such as hollow fibre, multi-channel monolith, tube and 

plate concepts since it offers larger membrane areas.  
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Figure 3-10 Oxygen Module Architecture (left) and a commercial module (right)– Planar Wafer Stack 
Design [136]. 
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4 Mechanical Properties 

From the previous chapters, it becomes clear that oxygen/hydrogen membrane 

components need to be operated at intermediate to high temperatures (800 - 900 °C/ 

600 - 800 °C, respectively) and under large pressure gradients [34,137,138]. 

Realization of the technology therefore depends on the mechanical reliability of the 

components, which are subjected to stresses that mainly arise from oxygen 

stoichiometry gradients and external pressure during operation [279,284]. Other 

phenomena that might generate stresses during fabrication and subsequent use are 

shrinkage and thermal expansion mismatches between the coating and the substrate 

or among the cell components [139]. In order to warrant the robustness of the 

membrane modules over long operation periods, risks of mechanical failure need to 

be estimated and reduced to tolerable levels. Moreover, creep at the operational 

temperatures seems to be critical for application [184,140]. Therefore, knowledge of 

the mechanical properties in application relevant temperature ranges and 

environments is essential. The mechanical characterization of the membrane 

materials in the current work was focused on the determination of Young’s Modulus 

(𝐸), fracture strength (𝜎𝑓), fracture toughness (𝐾𝐼𝑐), creep rates (𝜀̇), which are all 

critical parameters for the system’s reliable operation.  

4.1 Young’s Modulus 

Most solid materials respond to small stresses by elastic deformation which is 

proportional to the applied stress, as described by Hooke’s law [141]: 

𝜎 =  𝛦 ·  𝜀           Equation 4-1 

where 𝐸 is Young’s or elastic modulus, 𝜀 is the strain of the material defined as: 

𝜀 =
𝑙−𝑙0

𝑙0
           Equation 4-2 

with 𝑙 length under the applied stress, 𝑙0 original length. 

If the stress is increased above the reversible elastic strain limit either direct fracture 

without significant plastic deformation or plastic deformation and then fracture follows 

[182]. 
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Elastic moduli can be determined with different static or dynamic methods. In static 

methods the deformation of a specimen under known load is measured and the 

elastic modulus is then calculated from stress and strain. The characterization 

techniques will be discussed on the basis of American Society for Testing and 

Materials (ASTM) standards that were developed to assure repeatability and 

reliability of testing. Tensile testing specimens are typically difficult to be fabricated 

from ceramics and strains are usually small and difficult to measure in compression, 

thus biaxial bending tests are most common for brittle materials [142].  

 The biaxial ring-on-ring test is a common test method for analyzing materials’ 

behavior. A benefit of this method is easy test piece preparation, thin sheet 

materials can also be tested and testing of specimens is not influenced by 

their cutting edges; a known problem for the most common three-point 

bending test [143,144,236].  

 

 Micro-indentation is also an extensively used test for the determination of 

Young’s modulus due to its simplicity and easy sample preparation. Another 

benefit of this test is the possibility to test small specimens that furthermore 

remain macroscopically undamaged. The test can engage various indentation 

tips, mostly a Vickers indenter with a diagonal of the diamond pyramidal tip 

with angle of 136° is used [229,181].  

 

 Impulse Excitation technique (IET) is a non-destructive dynamic mechanical 

test for the investigation of Young’s modulus. It is based on the eigen 

frequency of the tested specimens. This technique gives the possibility of 𝐸 

measurement over temperature and under various atmospheres [145].  

Young’s moduli of different oxygen transport membrane materials considered as 

membrane candidates are given in the following table: 
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Table 4-1 Young’s moduli E of selected oxygen transport membrane materials 

Structure Material E (GPa) T (°C) Testing method Ref 

Perovskites 

BSCF5582 ~ 62 RT Indentation, Ring-on-ring 146, 147 
BSCF5582 

(38% porosity) 33 RT Ring-on-ring 148 

LSCF 70/ 115 RT Resonant ultrasound spectroscopy/ 
Ring-on-ring 149, 153 

SrTiO3 162 RT Sound velocity 150 

Fluorites Ce0.9Gd0.1O2 ~180 RT 4-point bending 
Ring-on-ring 151, 152 

 

For most materials, 𝐸 has the tendency to decrease with increasing temperature 

[149]. However, BSCF5582 shows an abnormal evolution of 𝐸 with temperature has 

been reported. From 𝐸 ~ 63 GPa at RT, E reaches a minimum value of ~ 45 GPa at 

200 °C, then it increases again to reach a maximum value of ~ 52 GPa at 400 °C and 

subsequently decreases to 48 GPa at 800 °C [146,148]. The minimum 𝐸 at 200°C 

has been attributed to spin transition of Co atoms [146]. Extensive studies of 

mechanical properties of LSCF and BSCF and literature comparison to other 

perovskite structures were performed by Huang and Rutkowski [153,249]. 

Young’s moduli of different proton transport membrane materials are given in the 

next table. Note, that temperature dependencies have not been published for this 

materials class. 

Table 4-2 Young’s moduli E of hydrogen transport membrane materials candidate materials 

Structure Material E (GPa) T (°C) Testing  
Method Ref 

Perovskites BaZrO3 240 RT Ultrasonic 154 
BaCeO3 154 RT Ultrasonic 155 

Fluorites LWO54 122 ± 5 RT Micro-indentation 156 
Ortho-niobates LaNbO4 95 ± 10 RT Resonance Vibration  157 

 

Young’s modulus of polycrystalline ceramics, without grain boundary softening, is 

expected to decrease about 1 % per hundred Kelvins [278], which agrees with the 

temperature dependence of Young’s modulus generally described by Hillig [158]: 



33 
 

𝐸

𝐸0
= 1 − (

𝑇

𝑇𝑚
)

3

          Equation 4-3 

Where 𝐸0 is the Young’s modulus at room temperature, and 𝑇𝑚 the melting 

temperature of the material. 

4.2 Fracture strength  

Most polycrystalline ceramics are fabricated by either solid- or liquid-phase sintering 

which leads to inevitable flaws. Therefore, ceramic materials usually exhibit large 

statistical variation in fracture stress given that the failure is initiated by strength 

limiting flaws. These flaws can be randomly distributed throughout the volume of the 

sample or located on the surface or edges of the specimen due to machining effects. 

Fracture stress of ceramics depends on the size and location of flaws. Strength is 

statistically analyzed and connected to a certain failure probability as well as to a 

specific effectively deformed area or volume [182]. 

Regarding bending tests, where the maximum tensile stress occurs at one of the 

surfaces, the probability of failure due to flaws close to the tensile surface will be the 

highest. The fracture stresses can be assessed statistically by the Weibull distribution 

that yields a characteristic fracture strength, where 63% of the specimens will fail. 

Using the Weibull modulus and this characteristic strength, the fracture stress for any 

acceptable failure probability and component size can then be calculated. The 

Weibull distribution parameters for advanced ceramics are standardized in ASTM 

C1239-07 [159]. 

More precisely, the two-parameter Weibull distribution describes the failure 

probability as [160]: 

𝑃𝑓(𝑉0) = 1 − 𝑒𝑥𝑝 [− (
𝜎

𝜎0
)

𝑤

]        Equation 4-4 

Where 𝜎0 and 𝑤 are constants, referred as characteristic strength and Weibull 

modulus, respectively. If 𝜎 = 𝜎0 then 𝑃𝑓(𝑉0) equals 0.632, hence the characteristic 

strength 𝜎0 corresponds to the stress where 63.2% of the samples will fail. The 

Weibull modulus w links the dependence of fracture stress and failure probability 

[161].  
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One of the great advantages of the Weibull distribution is that it can be applied to 

predict the specimen / component size effect on strength. Since the failure probability 

depends on the tested effective volume or area (if the failure relevant defects are in 

the volume or at the surface respectively), it is expected that larger components will 

be weaker since statistically they contain more and larger flaws. This means that a 

large component used in application will have a lower strength than a small test 

specimen for the same failure probability162. This correlation can be described by  

𝜎2

𝜎1
= (

𝑉1

𝑉2
)

1

𝑤           Equation 4-5 

Where 𝑉1 and 𝑉2 refer to the effective volume of specimen and component 

respectively.  

According to ISO 20501:2003 (E), determined Weibull parameters are corrected for 

the specific number of specimens. The Weibull modulus is generally biased by the 

number of specimens, so according to the ISO, an unbiased estimation is obtained 

by multiplying the calculated w by a correction factor. While w is significantly 

influenced by the statistical bias, the bias associated with the characteristic strength 

can be neglected.  

The standard deviation of Weibull modulus 𝑠𝑚 and characteristic strength 𝑠𝜎0 is 

estimated again in correlation with the samples’ number 𝑁 as following: 

𝑠𝑤 =
𝑤

√𝑁
           Equation 4-6 

𝑠𝜎0
=

𝜎0

𝑤√𝑁
           Equation 4-7 

Characteristic fracture strengths were reported for membrane materials similar to the 

case of 𝐸. Unfortunately, direct comparison of values is not possible, since the 

dependence on several experimental parameters like test method, effective stress 

volume, sample geometry and porosity lead to misleading conclusions.  
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Table 4-3 Fracture strength of oxygen transport candidate materials 

Structure Material σ0 (MPa) T (°C) Testing method Ref 

Perovskites 

BSCF5582 98 ± 8 RT Ring-on-ring 153 

BSCF5582 

(38% porosity) 
31 ± 1 RT Ring-on-ring 152 

LSCF 73 ± 2 RT Ring-on-ring 152 

Fluorites Ce0.9Gd0.1O2 55 ± 3 RT 4-point bending 152 

 

It was found for BSCF55882, that temperature dependent fracture strength exhibits a 

similar behavior compared to E. Strength shows a minimum value at ~400 °C and 

increases at higher temperatures. This effect was noticed for dense and porous 

materials [146,148]. An analogous behavior was also observed for 

La0.58Sr0.4Co0.2Fe0.8O3-δ and the origin was again attributed to Co spin transitions 

[163]. 

Table 4-4 Fracture strength of hydrogen transport candidate materials and substrates 

Structure Material σ0 (ΜPa) T (°C) Ref 

Fluorites LWO54 50-120 RT Current work 

Ortho-niobates LaNbO4 35 ± 10 RT  157 

Cubic MgO 38 - 48 RT 164 

 

Some ceramic materials are prone to subcritical crack growth (SCG) where cracks 

are propagated by mechanical loading or / and by chemical interaction of the material 

with the environment such as moisture or corrosive atmosphere [165]. The subcritical 

crack growth rate 𝑣 is connected to the following power-law crack velocity according 

to ASTM C1465 [166]:  

𝑣 = 𝐴 (
𝐾𝐼

𝐾𝐼𝐶
)

𝑛

          Equation 4-8 

Where 𝐴 is a constant, 𝐾𝐼  is mode 𝐼 stress intensity factor, 𝐾𝐼𝐶 is fracture toughness 

under mode 𝐼 condition, and 𝑛 is the subcritical crack growth exponent.  

In case of testing under constant stress rate, the characteristic strength 𝜎0 is 

connected to the stress rate �̇�:  
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𝑙𝑜𝑔 𝜎0 =
1

𝑛+1
𝑙𝑜𝑔 �̇� + 𝑙𝑜𝑔 𝐷        Equation 4-9 

Where 𝐷 is the SCG constant. Consequently, the characteristic fracture strength 

depends on the stress rate for materials prone to SCG. The experimental approach 

for the determination of SCG is via bending tests, where different stress rates are 

applied [168,167]. Subcritical crack growth phenomena are common in glass but are 

also observed in ceramic oxides. Systematic studies of SCG for oxygen transport 

membrane materials were performed by Pećanac [152].  

4.3 Fracture toughness 

Fracture toughness is measured to describe the resistance of a material to unstable 

crack propagation and fracture. Vickers indentation has become popular for the 

evaluation of KIC [168]. In this method, a diamond indenter is applied to the surface of 

the specimen to be tested as described in the chapters for hardness and elastic 

modulus testing. After removal, the sizes of the cracks that originate from the edges 

of the indent above a critical load are measured.  

Cross-sectional views of indents are shown in Figure 4-1. At low loads, Palmqvist 

cracks are more likely, while at high loads fully developed median cracks (radial or 

half penny) typically form [168].  
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Figure 4-1 Crack systems developed from the Vickers indents, (left) median or radial crack, (right) 
Palmqvist crack [168] 

Fracture toughness values for the different candidate membrane materials are 

summarized in the following tables:  

Table 4-5 Fracture Toughness of oxygen transport membrane materials at RT 

Structure Material K1c (𝑴𝑷𝒂 · √𝒎) Reference 

Perovskites 

SrTiO3 0.89 169 

BSCF5582 0.74 ± 0.024 249 

LSCF 1.2 149 

Fluorites Ce0.9Gd0.1O2 1.3 170 

 

Table 4-6 Fracture Toughness of hydrogen transport membrane materials at RT 

Structure Material K1c (𝑴𝑷𝒂 · √𝒎) Reference 

Perovskites BaZrO3 1.5 ± 0.4 171 

Fluorites LWO54 2.1 ± 0.2 156 

Ortho-niobates LaNbO4 0.7 172 

 

Overall, reported room temperature fracture toughness data of oxygen transport 

membrane materials are similar. The indentation fracture toughness of BSCF5582 
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was investigated from RT up to 350 °C and it was found that it decreases from 1 to 

0.4 𝑴𝑃𝑎 · √𝑚 between RT to 100 °C and then remains rather constant up to 350 °C 

[146]. Further investigations using the indentation strength method showed that 

fracture toughness was still increasing for temperatures above 400 °C until it reaches 

80% of the room temperature value at 800°C following similar behavior as reported 

for the fracture stress [173]. In the current work fracture toughness values were only 

obtained at room temperature.  

 

Most reported fracture toughness values of hydrogen transport materials appear to 

be higher than for oxygen transport materials (Table 4-5 and Table 4-6). Roa et al. 

[174] reported the hardness and elastic properties at room temperature for             

La6-xWO12-δ determined via micro-indentation for the nominal composition range 

LWO48-LWO64 for different sintering temperatures. They concluded that both 

hardness and Young’s Modulus did not show a significant variation with either 

composition or sintering temperature. Elevated temperature data were not reported. 

4.4 Fracture Energy Criterion 

The original idea of Griffith’s fracture energy criterion is that the energy consumed in 

forming new surface as a crack propagates is balanced by the released elastic 

energy. In this case, the critical condition for fracture arises once the rate at which 

energy is released is greater than the rate at which it is consumed [168]. Pre-existing 

flaws will be responsible for failure under tensile stresses. Hence, the fracture 

toughness can be estimated by identifying these flaws and estimating their size. 

Fractography is applied for these investigations of samples broken by bending tests. 

The most common flaws in ceramics are large pores, large grains, inclusions, 

microstructural inhomogeneities as well as machining induced flaws [175,176].  

According to Griffith’s criterion fracture occurs from preexisting flaws when a critical 

applied stress is exceeded. Then the stress intensity factor exceeds the fracture 

toughness and unstable crack growth occurs [177,178,179]. The fracture toughness 

is estimated from the following equation: 
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𝐾𝐼𝐶 = (
𝑌

𝑍
) ∙ 𝜎 ∙ √𝑐         Equation 4-10 

Where Y is the geometry factor dependent on the loading conditions and the shape 

of specimen, as well as the shape of the defect. In a uniform stress field, 𝑌 is 

independent of 𝑐 and equals to 𝑌 = √𝜋 for volume flaws and 𝑌 = 1.12 √𝜋 for surface 

flaws. Shape factor Z is unity in the case of linear crack front defect and 𝑍 = 𝜋 2⁄  for 

circular or penny-shaped flaw [180]. 

4.5 Creep 

4.5.1 Fundamental aspects 

One of the critical high temperature deformation / damage mechanisms is creep as it 

leads to tensile failure already under low stress. In general, creep behavior is 

affected by extrinsic and intrinsic parameters, such as stress, temperature and grain 

size. 

Creep is a plastic deformation of a solid that typically occurs at high temperatures (T). 

For ceramics it is typically T > 0.4-0.5·Tm, where Tm is the melting point of the tested 

material in Kelvins [168]. It is an important deformation mode that affects the integrity 

of materials at elevated temperatures, even for brittle materials that normally exhibit 

extremely limited or no plasticity at room temperature [181,182]. 

For the design process, the amount of creep strain must usually be kept below a 

particular value to warrant structural stability. The strain-time behavior associated 

with creep under constant stress is illustrated in the Figure 4-2. 
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Figure 4-2 The three stages of creep deformation I. primary II, secondary III and tertiary. 

Typically, the creep response of a solid is determined by measuring the strain rate as 

a function of applied stress. This is done, simply by applying a load to the sample at 

elevated temperatures, and measuring its deformation as function of time. The creep 

behavior can usually be divided in three stages: 

Stage I: Primary creep. In this stage the strain rate decreases with increasing 
time  

 
Stage II: Secondary, steady-state or minimum creep. Here, strain rate is constant 
and creep is considered to be the result of the deformation of a stable 
microstructure, thus the creep rate 𝜀̇ is evaluated in this regime [183].  

 
Stage III: In tertiary creep, the strain rate accelerates just prior to specimen 
failure. Formation of cracks or nucleation and growth of cavities is observed in 
microstructure. In ceramics, the tertiary creep stage is often very short or entirely 
missing [182].  

 

Creep depends in a complex way on stress, time, temperature, grain size, grain 

shape, microstructure, volume fraction and dislocation mobility.  

Since the first and the third stages happen very fast in most cases, the secondary 

creep stage is of major concern from an engineering point of view and for lifetime 
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predictions. The secondary or minimum creep rate dependence of materials, where 

the microstructure, stress as well as the environment plays an important role is 

described mathematically by the following general expression [184]:  

𝜀̇ = 𝐴 ∙ (
1

𝑑
)

𝑝

∙ (𝑝𝑂2)𝑚 ∙ 𝜎𝑛 ∙ 𝑒𝑥𝑝 (−
𝑄𝑎

𝑅𝑇
)       Equation 4-11 

Where 𝐴 is a dimensionless constant, 𝑝 the grain size exponent, 𝑚 the oxygen partial 

pressure exponent, n is the stress exponent, 𝑄𝑎 the activation energy, 𝑅 the 

universal gas constant. The oxygen partial pressure 𝑝𝑂2, the applied stress 𝜎, grain 

size 𝑑 and temperature 𝑇 are the experimental input parameters.  

The creep behavior of a material can be analyzed in terms of experimental results 

with multi-linear fitting routines in order to obtain the creep parameters as illustrated 

in Figure 4-3. 

      

Figure 4-3 Experimental approaches to determine creep mechanisms [182]. 

The various creep mechanisms give rise to different p and n values and some of 

these are summarized along with associated mechanism and diffusion path in Table 

4-7. Since from the analysis of creep data, values of p and n can be obtained and 
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thus, in principle, one can identify the predominant mechanism on the basis of    

Table 4-7: 

Table 4-7 Creep equation exponents and diffusion paths for various creep mechanism [182] 

Creep mechanism 𝒑 𝒏 Diffusion path 
Dislocation creep mechanisms 
Dislocation glide climb, climb controlled 0 4-5 Lattice 
Dislocation glide climb, glide controlled 0 3 Lattice 
Dissolution of dislocation loops 0 4 Lattice 
Dislocation climb without glide  0 3 Lattice 
Dislocation climb by pipe diffusion 0 5 Dislocation core 
    
Diffusional creep mechanisms 
Vacancy flow through grains (Nabarro-
Herring)  2 1 Lattice 

Vacancy flow along grain boundaries (Coble)  2 1 Grain boundary 

Interface reaction control 1 2 
Lattice/grain 
boundary 

    
Grain boundary sliding mechanisms 
Sliding with liquid 3 1 Liquid 

Sliding without liquid (diffusion control) 2-3 1 Lattice/grain 
boundary 

 

In general, three main mechanisms are governing steady state creep behavior: 

diffusion, dislocation movement and grain-boundary sliding [182]: 

Diffusional creep is driven by the movement of single atoms or ions either by lattice 

diffusion (Nabaro-Herring creep) [185,186] or by grain-boundary diffusion (Coble 

creep [187]). 
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Figure 4-4 Lattice diffusion induced by stress in tensile and compression where a) illustrates the 
arrows in the crystal show possible directions of vacancy motion and b) how diffusion leads to 

permanent deformation [182]. 

Hence, the Nabarro-Herring creep is controlled by the lattice diffusivity 𝐷𝐿 and Coble 

creep by the grain boundary diffusivity 𝐷𝐺. In this context the grain boundary width 𝑑𝐺 

is important, since for Coble model, the creep rate depends on grain size 𝑑−3. The 

higher sensitivity to grain sizes allows Coble creep to dominate over Nabarro-Herring 

creep at lower temperatures. For both creep mechanisms, it is assumed that the 

grain boundaries are perfect sources or sinks for vacancies. The diffusion process 

involves more than one ionic species, thus the creep rate depends on the diffusion 

rate of the slowest ion moving along the shortest diffusion path [161]. Figure 4-5 

illustrates the different creep mechanisms [185]. 

 

Figure 4-5 Possible atom diffusion paths (indicated by arrows) after inducing stress in polycrystalline 
material. Diffusional creep can occur either through the grains (DL) or along the grain boundaries (DG) 

[182]. 
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Dislocation creep is a mechanism involving motion of dislocations. Dislocations can 

move by gliding in a slip plane, a process requiring little thermal activation. 

Dislocation creep is not influenced by the grain size and usually occurs in metals at 

relatively low temperature and high stress [188]. For polycrystalline ceramic oxides 

dislocation creep has only been reported for some materials as depicted in Figure 

4-6 [189]. 

A third group of creep mechanisms are those that involve grain boundary sliding 
(GBS). Some ceramics possess a grain boundary glassy phase that aids 

densification in the fabrication process. The softening of such a phase at high 

temperatures allows creep to occur by grain boundary sliding [182]. 

 

Figure 4-6 Frequency histogram of stress exponents for ceramic polycrystals [190]. 

The histogram of polycrystalline ceramics show that the most frequently observed 

stress exponent is close to 1, which indicates the importance of the diffusion 

mechanisms. Diffusional mechanisms are so common in these materials due to the 

fact that the inherent resistance to dislocation glide is maintained even at higher 

temperatures. Thus, mechanisms involving dislocation glide are suppressed 

compared to metals. Moreover, the polycrystalline ceramic usually have very small 

grains sizes, so diffusional mechanisms are enhanced [191].  

The complexity of the nature of ceramic materials enhances the difficulty of clearly 

assigning the obtained creep parameters to one of the creep models mentioned 

above. Many of the models predict similar or identical values of stress exponent, 

activation energy and grain size exponent. Additionally, mechanisms can also act 
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simultaneously giving rise to values that are not characteristic of any single 

mechanism. Therefore, additional microstructural studies of the samples before and 

after the test may give evidence of prevailing mechanism. Features like cavity 

formation and cracking, changes in grain shape or size or dislocation density as well 

as grain boundary sliding may be observed. Nevertheless, these methods will not 

yield information about the kinetics, but only provide direct evidence that a 

mechanism has operated during creep [192]. 

Data on the creep properties of various membrane candidate materials are 

summarized in Table 4-8 and Table 4-9: 

Table 4-8 Creep parameters for OTM candidate materials 

Structure Material 𝑸𝒂 N Mechanism Testing 
conditions 

Grain 
size 
(μm) 

Ref 
 

Perovskites 

BSCF5582 340±40 1.7±0.2 Cation 
diffusion 

850–950 °C 
30-63 MPa 29±12 249 

LSCF38 350±50 2.6-2.9 Dislocation 750–950 °C 
20-50 MPa 1.4±0.7 193 

La0.5Sr0.5CoO3-δ 619±56 1.2±0.1  900–1050 °C 
5-28 MPa ~ 2 281 

Fluorites Ce0.8Gd0.2O1.9-δ 100±30 
 1.8±0.6 Diffusion / 

Dislocation 
800-900 °C 
30-120 MPa 4±1 193 

 

Table 4-9 Creep parameters for HTM and substrate candidate materials 

Structure Material Qa n Mechanism Testing 
conditions 

Grain 
size 
(μm) 

Ref 

Perovskites 
BaZrO3 460±30 0.9±0.1 Diffusion/ 

GBS 
1300-1400 °C 
10-100 MPa ~4 194 

BaCe0.98Y0.2O3-δ 343±30 1.1±0.1 Diffusion 1200-1450 °C 
1-150 MPa ~9 195 

Fluorites CeO2 160±60 2.3±1.1 Diffusion/ 
Dislocation 

800-900 °C 
60-120 MPa 16±6 193 

Cubic MgO 385±15 4.3-4.9 Dislocation 800-1200 °C 
30-100 MPa 15±10 193 

 

4.5.2 Literature overview on creep properties of perovskites 

Another topic of focus is the effect of doping on the creep behavior of perovskites. 

Usually, minor amounts of additives tend to concentrate at the grain boundaries and / 

or in the portion of the grain adjacent to the grain boundaries. In case those additions 

exceed the solubility limits, films or secondary phases can be formed along the grain 
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boundaries. Impurities of certain kinds affect the material in different ways like 

affecting the cohesive strength, the diffusivity along the grain boundaries as well as 

the migration ability during mechanical testing. Impurities might also have an 

influence on GBS [196]. 

It has been demonstrated that addition of trace amounts (≤ 1000 p.p.m.) of rare-earth 

dopants such as yttrium, lanthanum or neodymium can reduce the creep rate of fine 

grained (around 1-2 μm grain size) by several orders of magnitude [197,198,199]. 

The benefit of Y-doping of magnesia-doped alumina was evidenced by a reduction in 

creep rates by a factor of 5 for 500 ppm and 15 for 360 ppm doping level, 

respectively [200,201]. Furthermore, a decrease in the creep rate by a factor of 15 

was reported for alumina with 1000 ppm Zr doping [202]. One suggested explanation 

for this effect was that outsize ions segregate to more energetically favorable grain 

boundaries and improve creep resistance by blocking a few critical diffusive 

pathways [203]. 

The compressive creep behavior of BSCF has been investigated by Yi et al. [184] 

and Rutkowski et al. [140]. Both groups of authors have reported creep deformation 

of BSCF in the temperature range from 800 to 950 °C to be dominated by cation 

diffusion via the oxide lattice (bulk) and along grain boundaries. A profound increase 

of the creep rate is observed above ~850 °C. Below this temperature a sluggish 

decomposition of BSCF occurs into cubic and hexagonal polymorphs. Both cited 

groups of authors conclude that the presence of hexagonal polymorphs significantly 

enhances the material’s creep resistance. The amount of secondary phases in BSCF 

is found to depend strongly on the thermal history of the material [140]. Since the 

cubic phase is the thermodynamically stable phase above 850 °C, thermal cycling 

gives rise to a pronounced hysteresis in the creep behavior of BSCF. Creep related 

data on these parameters give important information on the underlying creep 

mechanism, but also influence design criteria for OTM membranes. Mechanical 

characterization of this composition manufactured by extrusion regarding creep and 

strength revealed that the thermo-mechanical characteristics of BSCF and BSCF∙Z3 

(3 % Zr doping) mostly agree [45,254]. 

The following paragraphs are focused on creep studies on the end members of STF 

materials as well as Sr(Fe/Co)O3-δ materials that show more complex behavior. 
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Initially, Klevelant et al. [204] investigated the compressive creep performance of 

strontium-deficient and strontium-excess SrFeO3-δ materials (grain size < 5 μm, 

porosity ≤5%) in the temperature range of 800 – 1000 °C for a stress regime of 2.5 - 

25 MPa. A stress exponent 𝑛 ~ 1 for both materials and activation energy of 260 ± 30 

kJ/mol were determined and a cation controlling creep mechanism was suggested. 

The creep rates were higher for the Sr deficient material than the Sr-excess material. 

But both materials contained secondary phases thus activation energies might have 

been biased since they are quite lower than similar perovskite materials. Majkic et al. 

[205] investigated the creep behavior of SrCo0.8Fe0.2O3-δ (grain size 2.6 - 6.8 μm) in 

the temperature range 850 - 975°C for a stress range of 2 - 80 MPa. They observed 

a variety of responses. At lower temperatures, a stress exponent n ~ 1 and activation 

energy of 471 kJ/mol were determined, while at higher temperatures 925 – 975 °C, 

the apparent stress exponent increased from 2.2 to 2.9, whereas the activation 

energy decreased to 275 kJ/mol. A threshold stress according to the Ashby-Verall 

model was used to give an explanation for the increased stress exponent [206]. 

Regarding the change in activation energy with temperature a change in the cations 

that control the diffusion mechanism was suggested; either A or B site. However, in 

this study microstructural data were not correlated to the creep data.  

Further creep studies on this group of ceramics by Arellano-Lopez et al. [207] in the 

temperature range 940 – 1000 °C for a stress range of 0.3 - 65 MPa revealed also 

different behavior for Sr(FeCo)1.5Ox. While for the low stress regime, a stress 

exponent of ~ 1 and an activation energy of 110 - 135 kJ/mol (1.9 MPa) was 

observed, for higher stresses a transition took place, i.e. the stress exponent 

increased to ~2.4 - 3.1 along with the activation energy to 425-453 kJ/mol (23 MPa). 

The authors applied extensive microstructural studies on the un-deformed and 

deformed samples and in conclusion they suggested a diffusion controlled creep at 

lower stresses and dislocation glide at higher stresses. The transition stress seemed 

to be temperature dependent.  

Regarding the end member of the ST·F100x group, SrTiO3 was investigated in terms 

of creep resistance by Singh et al. [208] at temperatures of 1200 – 1345 °C and a 

stress range of 0.05 - 30 MPa, respectively. The tested material was dense with a 

grain size of ~ 6 μm. A temperature independent stress exponent of n~1 was 

determined, and an activation energy of 628 ± 24 kJ/mol, suggesting diffusion of 
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cations as the rate-controlling creep mechanism. The activation energy for the 

diffusion of Sr in polycrystalline SrTiO3 has been reported to be 293 kJ/mol [209] for 

1190 – 1215 °C. Since the determined activation energy was much higher, B-site Ti4+ 

cation was suggested as the deformation controlling species. Park et al. [210] also 

suggested B-site Ti4+ as the rate-controlling species in BaTiO3. Moreover, studies on 

creep deformation by Wang et al. [211] also reported an activation energy of 620 kJ/ 

mol for the {1 0 0} <0 1 0> orientation of single crystal SrTiO3. The stress exponent 

for this material was 3.5 and the suggested creep mechanism was diffusion-assisted-

dislocation-climb independent of temperature. It is possible that in polycrystalline 

SrTiO3 Ti4+ is the rate controlling species due to its 4+ valence state and octahedral 

coordination with oxygen ions, as proposed by theoretical defect studies as well as 

experimental measurements for Ti4+ diffusion in titanates [212,213]. 

In order to predict the long term performance of a membrane structure, a maximum 

tolerable creep deformation has to be determined. According to Thomson et al. [214], 

membrane materials should not creep in a compressive mode more that 1 % per year 

in order to warrant reliable long term operation. Schulz et al.[215] calculated the 

compressive stress exerted on a membrane during operation in a CO2 operation 

system to be approximately 30 MPa, hence as a guideline for the analysis the creep 

should be less than 1 % / year for a stress of 30 MPa. 

The membrane will work under a pressure gradient resulting from the different 

oxygen partial pressure on its two sides as described in chapter 3.1. For 

Sr(FeCo)1.5Ox ceramics where no dependence of the oxygen partial pressure on 

creep was observed at the following conditions: pO2 10-4 - 1 bar, temperature 940 - 

1000 °C, stress 50 - 100 MPa [207]. Nevertheless, in the extended study of Majkic et 

al [216] for La0.2Sr0.8Fe0.8Cr0.2O3-δ over a broad range of pO2 (~ 0.21 - 10-14 atm) it 

was demonstrated that the material shows two remarkably different behaviors at high 

and low pO2 of the aforementioned range. At high pO2 (0.21 – 10-5 atm), the partial 

oxygen exponent was 𝑚 = 0.04 while for the low pO2 (10-7 - 10-14 atm) 𝑚= -0.5, 

showing an increase in strain rate. Rutkowski [45] reported for BSCF5582              

𝑚 = -0.14 ± 0.014 for pO2 ~200-10-5 mbar, stress and temperature range 20 - 29 MPa 

and 850 - 950 °C respectively. If creep is controlled by diffusion, the parameter 𝑚 

reflects the defect chemistry of the rate-controlling species since the non-

stoichiometry depends on the pO2 [217,218,219]. In case that the m differs from zero 
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value, the creep deformation is non uniform and additional stresses will arise which 

might eventually lead to damage.  
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5 Experimental  

Various mechanical tests, supported by microstructural investigations, were 

performed to aid the understanding of the thermo-mechanical behavior and 

microstructural stability of the membrane materials. More precisely, depth sensitive 

indentation was used to determine Young’s modulus and micro-hardness at room 

temperature. Fracture toughness was evaluated from the measurement of the crack 

length of the indentation cracks.  

Micro- and macro-mechanical properties are expected to differ due to the effect of 

microstructure inhomogeneity. Indentation is considered as local measurement and 

yields information on the effect of local inhomogeneities for 𝐸 such as grain 

boundaries, precipitates, phase de-mixing or segregation effects, while bending tests 

are extensively used as global measurement that yields information of materials 

macroscopic behavior including i.e. integral effect of porosity. Therefore, the results 

are used as a basis to simulate the behavior of materials in membrane systems/ 

modules. Moreover, bending tests are used for the fracture stress characterization, a 

critical parameter for the assessment of the reliability of final component. Hence, E 

and fracture strength were determined from ring-on-ring bending tests. Fracture 

strength of porous material at room temperature was determined with ball-on-3-balls 

tests, since the thickness of the supplied material excluded the use of ring-on-ring 

testing. 

Creep behavior of all dense materials was investigated by compression tests, carried 

out in different atmospheres. The aim was to characterize the materials in application 

relevant conditions but in case of non-significant deformation at typical application 

temperature, higher temperatures and stresses were applied.  

5.1 Materials 

5.1.1 BSCF·Z100x  

BSCFZ materials were provided by the University of Twente. (Group Inorganic 

Membranes) Ba0.5Sr0.5(Co0.8Fe0.2)1-xZrxO3-δ (BSCF·Z100x) powders with x = 0, 0.01, 

0.03, 0.05, and 0.10 prepared using a spray pyrolysis technique were purchased 

from CerPoTech (Norway). The as-received powders were ball-milled in ethanol and 

calcined at 900 °C for 6 h in air. Green cylinders were obtained by uniaxial pressing 
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at 50 MPa followed by isostatic pressing at 400 MPa. They were then sintered at 

1120 °C for 30 h in air yielding a relative density of more than 95 %. Only BSCF·Z3 

was sintered at 1050 °C for 3 h in order to yield similar grain size to the other 

materials. Grain size analysis was performed for reference samples sintered with 

same sintering parameters, at 1150 °C for 30 hours, in order to investigate the effect 

of Zr doping on the microstructure regarding grain size, porosity and secondary 

phases. Extended creep tests were also carried out for the investigation of the doping 

effect on creep mechanism of BSCF·Z100x. More details for the testing conditions 

and sample geometry are described in the relevant chapters. 

Creep tests in compression were also performed for these materials in air. Testing 

temperatures were 800 to 950 °C, applied loads 30 and 63 MPa.  

5.1.2 ST·F100x 

STF materials were also produced by the University of Twente. SrTi1-xFexO3-δ 

(ST·F100x) powders with x = 0.3, 0.5 and 0.7 were synthesized by spray pyrolysis 

using precursor solution consisting of stoichiometric amounts of cations. The 

precursor solutions were pyrolysed in a continuous air flow at 860 °C. The raw 

powders were calcined at 950 °C for 12 h in stagnant air and ball-milled in ethanol for 

24 h. Rectangular bars in green state were obtained by uniaxial pressing at 50 MPa 

followed by isostatic pressing at 400 MPa yielding a relative green density of 

approximately 60 %. ST·F30 and ST·F50 samples were sintered at 1300 °C and 

ST·F70 at a lower temperature of 1180 °C, after optimization of the sintering behavior 

since samples were prone to crack on the surface [66,220], all for 20 h under 

stagnant air to a relative density of more than 95 %. 

Microstructural studies before and after creep by means of XRD and EBSD analysis 

were also performed in order to gain more information regarding the creep 

mechanism. In addition, High Temperature XRD (HT-XRD) was also performed 

under air and vacuum. For this material grain size analysis was performed by EBSD 

measurements simultaneously with the grain orientation mapping. 

Micro-indentation tests at room temperature were performed for the ST·F100x class 

to yield the EIT, HIT and KIC values. Creep tests were carried out for the determination 

of creep mechanism. ST·F100x materials were tested for creep in compression at a 
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temperature range from 800 °C to 1000 °C and stresses of 10 – 80 MPa in air and 

vacuum. More details of the testing conditions and sample geometry are described in 

the relevant chapters.  

5.1.3 LWO54 

LWO54 powders were produced by solid state reaction and spray pyrolysis. For 

synthesizing the LWO54 powder following the solid state approach in IEK-1, La2O3 

and WO3 were used as starting oxides. They were mixed in the corresponding 

stoichiometric ratio and heated to 1500 °C for 12 h to complete the solid state 

synthesis and phase formation. Afterwards the resulting powder was ball-milled and 

sieved to achieve a suitable grain size. The material is named IEK here after. 

As a second type of powder, commercially available LWO54 (Cerpotech, Norway) 

was used, which was manufactured by spray pyrolysis and calcined at 1100 °C in 

IEK-1 for reducing its sintering activity to suitable level (named as CPT in the 

following).The powder characteristics are presented in Appendix C.  

From these starting powders, LWO54 samples were manufactured by isostatic 

pressing and sintered at 1500 °C. The relevant conditions and sample labels are 

listed in Table 5-1. LWO samples manufactured from the in-house produced powders 

(solid state synthesis) were named IEK-S, while the samples obtained from the 

commercially available powder after calcination were labelled as CPT-D and CPT-P, 

respectively for dense and porous tape casted materials. The stoichiometry was 

La5.4WO12-δ, as ascertained by the chemical analysis.  

In order to investigate the effect of temperature and atmosphere on dense material, 

extended analysis of Young’s modulus was performed with various tests. Namely 

these tests were indentation, impulse excitation and ring-on-ring. A comparison 

among these techniques is also discussed. Strength of LWO54 at RT up to 1000°C 

was estimated from ring-on-ring tests. Fractography was also applied to the broken 

tested pieces to characterize the failure origins according to ASTM C1322 [221].  

Creep tests in compression were also performed for LWO54 in air and application 

related atmospheres. Testing temperatures were 700 to 1450 °C with applied loads 

ranging from 20 - 63 MPa, and atmospheres such as air, vacuum, Ar / 4 % H2, Ar / 4 
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% H2 2.5% H2O. Detailed conditions are given in the next sessions for each 

characterization technique. 

Table 5-1 List of LWO54 materials  

 Powder 
synthesis 

Manufacturing 
Method 

Sintering conditions 
Tsint / dwell time (°C/ h) 

Dense 
IEK-S1 Solid state 

Pressing 

1500 / 3 
IEK-S2 1500 / 12 
CPT-D1 Spray 

Pyrolysis 
1500 / 15 

CPT-D2 1500 / 15 
Porous 

CPT-P-25 Spray 
Pyrolysis Tape casting 1500 / 3 CPT-P-26 

CPT-P-29 
 

Porous LWO54 was manufactured by tape casting technique. Three batches of 

materials with different porosity that was achieved by varying the pore former (rice 

starch) amount in the slurry were tested. The aim of this set of experiments was to 

investigate the effect of porosity on strength at room temperature. Due to rather small 

thickness (average thickness was 330 μm in green state and ~260 μm after sintering) 

ball-on-3-balls test was found to be the most suitable test for the determination of 

biaxial strength. Since every technique requires different specimen geometry, details 

on samples are presented separately in the relevant sections.  

Since solid state synthesis in laboratory scale cannot provide adequate material, for 

membrane manufacturing, it was decided in the frame of the Membrain Project that 

commercially available powder produced by spray pyrolysis (Cerpotech, Norway) 

would be used for the membrane support manufacturing by tape casting technique. 

Nevertheless, the powder produced by the optimized solid state reaction route which 

can derive high purity single phase material with the desired La-W ratio will be used 

as the coated membrane layer. For the mechanical characterization samples from 

both powder production routes were used. The parameter of major importance was 

the grain size and the porosity. For dense material produced by both powder types 

the elastic modulus was characterized by impulse excitation, indentation and ring-on-

ring testing. Also these dense materials were assessed with respect to their creep 

behavior.  
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In case of porous material which will provide the mechanical properties as the 

membrane support, ball on 3 balls tests were applied for determination of the porosity 

effect on strength. The elastic modulus for porous material could not be measured 

using Ball on 3 ball measurement set-up, since deflections were not assessed 

because the specimens were too thin and very light.  

5.1.4 NWO55 

Nd5.5WO12-δ (NWO55) samples were provided by University of Valencia (Instituto de 

Tecnología Química). The synthesis and the bar manufacturing of Nd5.5WO12-δ 

samples are as follow: 

The preparation method is based on the citrate-complexation route modified in order 

to stabilize W- and Ln-containing ions in the solution. Nd2O3 (Aldrich, 99.9%) was 

dissolved in concentrated hot nitric acid (65% vol.) in stoichiometric proportion and 

the resulting nitrate was complexed using citric acid at a molar ratio 1:2 cation charge 

to citric acid. Another solution was prepared using ammonium tungstate (Fluka, 

>99%) and complexing it with citric acid (Fluka, 99.5%) at the same ratio. Metal 

complexation in both cases was promoted by heat treatment at 120 ºC for 1 h. Both 

solutions were neutralized by controlled addition of ammonium hydroxide (32% wt.) 

and mixed at room temperature. The resulting solution is gradually concentrated by 

stepwise heating under stirring up to 150 ºC and followed by foaming.  

The resulting thick foam product was subsequently calcined in air to eliminate 

carbonaceous matter and favor the mixed oxide crystallization. The minimum 

calcination temperature to attain this was around 700 ºC for 10 h. 

The bar samples were prepared using the NWO55 material calcined at 900 ºC for 10 

h and uniaxially pressed at 100 MPa. The green geometry of the bars was 40x5x4 

mm3. The samples were sintered in air at 1550 ºC for 5 h. 

5.2 Microstructural characterization techniques 

5.2.1 X-Ray diffractometry (XRD) 

X-ray diffraction (XRD) is a non-destructive technique for the qualitative and 

quantitative analysis of the crystalline materials, in the form of powder or solid. The 

basic principle of XRD is the "reflection" of an X-ray beam from a family of parallel 
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and equally spaced atomic planes, following Bragg's law: When a monochromatic X-

ray beam with wavelength 𝜆 is incident on lattice planes, diffraction occurs if the path 

of rays reflected by successive planes (with distance d) is a multiple of the 

wavelength. The XRD principle is illustrated in the following figure:  

 

Figure 5-1 X-Ray Diffraction principle, Bragg’s law [222]. 

X-Ray diffraction is used for the phase composition analysis. The diffractometer 

(D5000, Siemens) was equipped with X-ray tube with copper anode (λ = 1.5418 Å), 

an accelerating voltage 40 kV and a current 40 mA were used. Phase identification 

was carried out with ICDD PDF2-Database (Release 2004) and X′Pert Highscore 

Plus (PANalytical B.V.).Crystal structures were obtained from the Inorganic Crystal 

Structure Database (ICSD). The TOPAS program (Bruker AXS GmbH,) was used for 

the quantitative phase analysis and lattice parameter determination.  

High temperature XRD (HT-XRD) was performed for BSCF and ST∙F50 materials. 

Depending on the desired investigation, different conditions were applied for each 

material. In case of BSCF the aim of the investigation was the formation and 

dissolution rate of the hexagonal phase during a typical creep test. Therefore, a 

heating and subsequent cooling thermal cycle (heating/ cooling rate 0.1 K/sec, dwell 

step at each temperature 30 min) was applied. Pre-annealing was skipped in order 

not to alter the hexagonal phase amount.  

In case of ST∙F50 compound, the aim of the investigation was to determine the 

behavior of the material in the two atmospheres (air and vacuum) similar to the creep 

test. Therefore, the sample was initially heated up to 950 °C and cooled down to 

room temperature. Then the measurement was started for a new heating / cooling 
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thermal cycle like following: stepwise heating in air (pO2 ~ 0.21 bar) up to 950 °C, 30 

min dwell time to equilibrate and then cooling with 1 K / min to room temperature. 

XRD patterns were taken for each 50 °C step. The same thermal cycles were 

repeated in vacuum atmosphere (pO2 ~ 10-2 bar).  

5.2.2 Microscopy 

Scanning electron microscope (SEM) produces images of a sample by scanning it 

with a focused beam of electrons. The electrons interact with atoms in the sample, 

producing various signals that are detected and contain information about the 

sample's surface topography and composition. The principle is illustrated in Figure 

5-2: 

 

Figure 5-2 SEM operational principle [223]. 

Electron Backscattered Diffraction (EBSD) is a SEM-based technique that realizes 

the characterization of the microstructures of crystalline samples, by acquiring and 

automatically indexing electron backscattered (Kikuchi) patterns. With their high-

intensity field-emission electron sources, SEMs equipped with EBSD detector can 

acquire and index tens to hundreds of Kikuchi patterns per second. Thus high-

resolution EBSD maps are derived. Features of microstructure such as crystal 

orientation, grain size, global and local texture, recrystallize / deformed fractions, 

grain boundary characterization, slip system activity are also studied [224]. 
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Light Microscopy (LM: Axiomat, Zeiss) and Scanning Electron Microscopy SEM (LEO 

440, Zeiss SUPRA 50 VP) on cross-sections prepared by ceramography was used 

for the microstructure investigations. The detailed preparation steps are described in 

the following paragraph. Elemental analysis was carried out by energy-dispersive X-

Ray spectroscopy (EDS, Inca, Oxford). EBSD patterns were obtained on a Carl Zeiss 

Merlin fitted with the Oxford Instruments’ Nordlys II EBSD detector while the Aztec 

2.4 software was used for grain size analysis and grain orientation mapping. The 

grain size was evaluated by ECD method similar to other materials.  

Specimens were embedded in epoxy resin and ground with silicon carbide abrasive 

paper by subsequent steps with decreasing size of abrasive particles (from 400 to 

4000 grit) followed by polishing using diamond paste with grain size from 6 μm to 

0.25 μm for 30 min each. For grain size analysis the epoxy resin was removed and 

the polished sections were thermally etched for 20 min to 1 hour 100 °C lower than 

the sintering temperature. Thermal etching time depends on the grain size since 

smaller grains require longer etching until all grain boundaries were visible. For the 

materials with secondary phases segregated in grain boundaries, polishing was 

made with diamond paste up to 3 μm. Finally, for the samples tested by EBSD the 

final polishing step was performed with silica suspension in order to slightly etch the 

surface and achieve better contrast. In general, each material requires optimization 

of the ceramographic preparation that also depends on the desired investigation.  

Porosity and grain size were graphically analyzed with the AnalySIS Pro® software 

using the planimetric method. The results of grain size analyses were recalculated 

into the diameter of a circle having an identical area. Then the measured grain was 

given as equivalent circular diameter (ECD) in μm. Porosity was evaluated by 

measuring the total pore area on microstructure images and divided by the total 

investigated area yielding the porosity percentage in the material. EBSD was applied 

for the grain size estimation of ST·F100x materials and grain orientation 

investigations of the perovskite materials. 

Fractographic analysis was performed on fractured specimens after mechanical 

tests. Fracture origins were identified using a stereoscope (Olympus SZH10) and 

SEM (Zeiss SUPRA 50VP). The fractured surface should have suitable size, be 
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cleaned of any organic residues, and mounted on a specimen holder for viewing in 

the SEM. 

5.3 Mechanical Characterization techniques 

In the following sessions the applied mechanical tests, the experimental procedures 

as well as the subsequent evaluation methods are described in detail and the 

theoretical background is introduced. 

5.3.1 Depth sensitive indentation 

The instrumented depth sensitive indentation allows the measurement of the 

penetration depth of the indenter into the material (ℎ) as a function of the applied load 

𝑃. The indenters are generally made of diamond. Often a Vickers pyramid indenter 

with an angle of 136° between the triangle faces is used. Indentation load-

displacement curves are used to determine mechanical properties as outlined in DIN 

50359 – 1 [225]. During measurement the force applied to the indenter tip and the 

indenter penetration depths are continuously recorded during loading and unloading. 

A typical load (P) – displacement (h) curve is then obtained (Figure 5-3). The 

indentation tests in the current work were performed with a Fischer HC100 micro-

indenter according to guidelines listed in ASTM C1327-08 [226]. The range of 

indentation loads varies from 10mN to 1000mN.  
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 Figure 5-3 a) Schematic representation of load (P) -displacement (h) data for a depth sensing 
indentation experiment.  

 

 

Figure 5-4 Main parameters used in analyzing unloading vs. indenter depth curves. 

The elastic modulus is obtained from the slope of the linear part of unloading curve 

S, at the point of maximum load using the following equations [227,228]:  
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𝐸𝑟 = 𝛽 ∙
√𝜋

2
∙

𝑆

√𝐴𝑐
          Equation 5-1 

Where 𝐴𝑐 is the projected contact area (obtained via calibration), 𝛽 is a correction 

factor that depends on the geometry of the indenter (𝛽 = 1.0124  for Vickers 

indenter), S is the unloading slope 𝑑𝑃
𝑑ℎ⁄  and 𝐸𝑟 is the reduced elastic modulus. E of 

the indenter tip is not infinite; therefore, the elastic modulus 𝐸𝑖 is then derived from: 

𝐸𝐼𝑇 =
1−𝜈2

1

𝐸𝑟
−

1−𝜈𝑖
2

𝐸𝑖

           Equation 5-2 

Where 𝐸𝑖 is the elastic modulus of the indenter, 𝜈 and 𝜈𝑖 are Poisson’s ratios of the 

tested material and indenter, respectively [229]. The results obtained from this 

method can possess a rather large scatter in case of low surface quality or 

inhomogeneity effects. Moreover, the projection area 𝐴𝑝 of the indentation imprint 

should be calculated for the determination of 𝐸𝐼𝑇 and micro-hardness 𝐻𝐼𝑇. It is 

derived from the unloading slope according to 𝐴𝑐 = 24.5ℎ𝑐
2, where: ℎ𝑐 - is the contact 

depth (Figure 5-4). Additional terms are normally added to calibrate the indenter 

shape. 

 

Figure 5-5 Typical Indentation imprint of LWO54 at 1N. 

Micro-hardness of plastic materials is calculated according to the equation: 

𝐻𝐼𝑇 = 1.8544 
𝑃𝑚𝑎𝑥

𝑑2 = 1.8544 
𝑃𝑚𝑎𝑥

49ℎ𝑚𝑎𝑥
2         Equation 5-3 

where 𝐻𝐼𝑇 indentation micro-hardness 𝑃𝑚𝑎𝑥 peak load, 𝑑 length of impression’s 

diagonal and ℎ𝑚𝑎𝑥  the depth at peak force [230]. 



61 
 

Indentation fracture toughness 

Besides the elastic modulus 𝐸𝐼𝑇 micro-mechanical representative properties like 

micro-hardness HIT, and fracture toughness of single grains and phases were 

investigated with the depth-sensitive indentation test method [228]. The fracture 

toughness of the material is derived from the length of cracks induced by indentation 

(Figure 5-5). Depending on the indentation crack geometry, several equations that 

correlate the size of the indentation crack with the fracture toughness are reported in 

literature [231]. In the current work, the equation proposed by Niihara [232] (Equation 

5–5) was applied for indentation toughness determination in 𝑀𝑃𝑎 ∙ 𝑚
1

2⁄ , based on 

impressions carried out with a load of 1 N. Like it was discussed in chapter 4.3, at 

lower loads, Palmqvist propagation of indentation cracks is more likely to be 

observed. In that case, indentation toughness was determined as following: 

𝐾𝐼𝐶 = 0.018 (
𝐸

𝐻𝐼𝑇
)

0.4

𝐻𝐼𝑇𝛼0.5 (
𝑙

𝛼
)

−0.5

       Equation 5-4 

Where 𝑎 half of imprint’s diagonal length, 𝑙 crack length measured from the end of the 

imprint.  

For higher loads, radial or half-penny crack systems are typical and KIC in 𝑀𝑃𝑎 ∙ 𝑚
1

2⁄  

can be derived from the Anstis [233] equation when 𝑐 𝛼⁄ ≥ 2 is fulfilled: 

 𝐾𝐼𝐶 = 0.016 ∙ (
𝐸

𝐻𝐼𝑇
)

0.5

∙ (
𝑃

𝑐1.5
)         Equation 5-5 

Where 𝑃 is the indenter load, c the distance from indent center to the end of radial 

crack  

EIT and HIT were measured for all materials with Fischer scope micro-indenter by 

applying a load of 1000 mN for a matrix of 8 x 8 indentations of equal distance at 3 - 

5 times the indent diagonal in order to avoid effects of crack pattern as well as plastic 

zones of neighboring indents. Fracture toughness was also determined for load of     

1 N. 

For this test small pieces of materials with various dimensions but with minimum    

2x2 mm2 surface were used. Specimens were prepared by ceramography as 
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described earlier in order to obtain parallel and flat surfaces with minimum 

roughness.  

5.3.1 Impulse Excitation technique 

In this test, the fundamental resonant frequency of specimens of suitable geometry is 

measured by exciting them mechanically using a singular mechanic strike. A 

transducer, i.e. a non-contacting microphone, senses the resulting mechanical 

vibrations of the specimen and transforms them into electric signals. The entire 

oscillation waveform after excitation is recorded and by the use of the appropriate 

fundamental resonant frequencies, specimen dimensions and mass the dynamic 

elastic modulus can be calculated. Procedure and analysis are outlined in          

ASTM E 1876 – 01 [234]. Young’s modulus, shear modulus, Poisson’s ratio and 

damping coefficient are determined with this technique. The main advantage of this 

method over static methods (i.e. bending, indentation) is that the stresses remain far 

below any plasticity limit. The experimental set-up is shown in Figure 5-6.  

     

Figure 5-6 Impulse Excitation setup and test configuration. 

Impulse excitation technique enables measurements of Young’s modulus from room 

temperature up to 1000°C under different atmospheres such as air, N2 and Ar / 4% 

H2 gas mixture.  

𝛦, shear modulus 𝐺 and Poisson’s ratio 𝜈 are linked with the following equation.  
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Table 5-2 List of dense LWO54 samples tested with Impulse Excitation technique 

Sample 
Dimensions 

Testing conditions 
𝑚 (gr) 𝑙 ∗ 𝑏 ∗ 𝑡 (mm3) 

IEK1-S2 3.40 32.20 ∗ 4.08 ∗ 4.15 RT- 1000°C in air 
Heating/ cooling rate: 5 K/min 

IEK1-S2 3.40 32.20 ∗ 4.08 ∗ 4.15 RT-1000°C in Ar / 4% H2 
Heating/ cooling rate: 5 K/min 

CPT-C2 2.72 32.15 ∗ 3.91 ∗  3.39 RT- 1000°C in air 
Heating/ cooling rate: 5 K/min 

 

5.3.2 Bending Experiments 

Bending experiments were performed on an electromechanical test machine (Instron 

1362). The central displacement of the specimens was measured by a sensor in 

contact with the lower (side in tension load) surface of the sample. The displacement 

was monitored with a ceramic extension rod attached to a linear variable differential 

transformer (Sangamo, LVDT, range ± 1 mm with precision ± 1.25 μm). The load was 

applied with a 1.5 kN load cell (Interface 1210 BLR). Two different bending 

techniques were used, ring-on-ring test and ball-on-3-balls test. The experimental 

setups are illustrated in Figure 5-8 and Figure 5-9, respectively. In case of ring-on-

ring test, a half-sphere was used for the loading set-up in order to assure the 

alignment and eliminate uncertainties and scattering of obtained results (Figure 5-8). 

For the ring-on-ring test disc-shaped specimens were used, while for ball-on-3-balls 

disc as well as rectangular-shaped samples were tested. Tests were carried out from 

room temperature up to 1000 °C. The temperature was monitored close to the 

specimen surface with a type K thermocouple. 

Two bending test types were applied for the determination of the mechanical 

properties of LWO54. 𝐸 and 𝜎𝑓 in air, at room temperature and at higher 

temperatures were determined for dense LWO54 material with ring-on-ring test. 

Three batches of disc-shaped specimens were provided from IEK-1. One batch was 

produced using powder from solid state synthesis and the other two from commercial 

powder (Cerpotech) produced with spray pyrolysis. More details of the preparation of 

these batches were presented in previous chapter. The aim of the experiments was 

to see the effect of different powder characteristics and sintering conditions on 𝐸 and 

𝜎𝑓.  
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Ball-on-3-balls tests were applied for the determination of strength of the porous 

LWO54 material manufactured by tape casting technique. The benefit of this test is 

that the flatness of the sample does not have impact on the fracture stress 

determination as described below. The manufacturing process of the porous LWO54 

material revealed challenges due to very active sinterability that led to bended and 

wavy surfaces. Further preparation of these samples for ring-on-ring test was 

restrained by the low thickness of the specimens (up to 300 μm). Moreover, strength 

tests and subsequent fractography analysis could support the optimization of the 

manufacturing process. Tests were performed at room temperature in the Institute for 

structural and functional ceramics, at Montanuniversität Leoben, Austria. In 

collaboration with this department, the ball-on-3-ball test configuration was developed 

in IEK-2 using Al2O3 substrate and Si3N4 balls so that measurements for energy 

application relevant conditions could be performed at temperatures up to 1000 °C 

(Figure 5-10) and different atmospheres such as vacuum, N2 and Ar / 4% Η2. 

Calibration with different materials (glass and tape casted MgO) at room temperature 

were successively performed. However, there was an equipment related limit in   

IEK-2, regarding to the fracture load of the tested materials; it should exceed the 

fracture load limit of 2 N at room temperature in order to be accurately measured. 

Therefore, the measurements were performed in Leoben for the currently developed 

materials. Samples were provided by IEK-1 in disc-shape and then cut in ZEA-1 

(Zentralinstitut für Engineering und Technologie, Forschungszentrum Jülich GmbH) 

in rectangular shape of smaller size, so that tests fulfill the ISO criteria regarding 

specimen geometry and the required amount of specimens for Weibull statistics as 

described below. 

5.3.2.1 Ring-on-ring bending test 

a) Test procedure and general evaluation 

The ring-on-ring experimental set-up is illustrated in Figure 5-8. In this test, a loading 

ring bends a thin disc vertically while it is being restrained by a supporting ring. The 

linear bending theory is applied for the determination of fracture stress since brittle 

ceramic materials usually fail after mainly elastic deformation. In the area inscribed 

by the smaller ring exists an equi-biaxial tensile stress state and here initialization of 

fracture is expected.  
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Figure 5-8 Experimental set-up of ring-on-ring bending test. 

The elastic modulus is derived from the linear part of the load displacement curve (at 

low loads a non-linearity in the curve might be observed due to the specimen’s 

unevenness) after ASTM C1499-05 [235,240].  

𝛦𝑅𝑜𝑅 =
3 · (1 − 𝜈2) · 𝑟1

2 · Δ𝐹

2𝜋 · Δ𝑓 · ℎ 
3

∗ [(
𝑟2

𝑟1
)

2

− 1 − 𝑙𝑛 (
𝑟2

𝑟1
) +

1

2
(

1 − 𝜈

1 + 𝜈
) ∗ (

𝑟2
2 − 𝑟1

2

𝑟3
2 ) ∗ (

𝑟2
2

𝑟1
2)] 

Equation 5-9 

Where Δ𝐹 is the difference in force and Δ𝑓 is the corresponding change in 

displacement in the linear part of load-displacement curve, ℎ is the specimen 

thickness, 𝑟1, 𝑟2 and 𝑟3 are radius of loading ring, supporting ring and specimen, 

respectively.  

For linear behavior, as it might be expected for brittle fracture, the maximum stress is 

constant over the tensile loaded surface inscribed by the loading ring:  

𝜎  =
3𝐹(1+𝜈)

2𝜋∙ℎ2
∙ [𝑙𝑛 (

𝑟2

𝑟1
) + (

1−𝑣

1+𝜈
) ∙ (

𝑟2
2−𝑟1

2

𝑟3
2 )]      Equation 5-10 

where 𝐹 is the applied force.  

Half sphere 
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The ring-on-ring bending test assures the uniform distribution of the stress in the 

central part of the specimen above the loading ring far from the edges where usually 

machining defects exist [236].  

The most used approach to describe the strength distribution of a ceramic is the 

Weibull distribution as described earlier in chapter 4.2. The fracture stress data 𝜎 that 

obtained experimentally were used to determine the characteristic strength 𝜎0 and 

the Weibull modulus 𝑤. By taking the natural log on both sides, the Weibull equation 

is rewritten as:  

𝑙𝑛𝜎0 = 𝑙𝑛𝜎 +
1

𝑤
𝑙𝑛 {𝑙𝑛 [

1

1−𝑃𝑓(𝑉0)
]}       Equation 5-11 

that yields a straight line according to a linear equation 𝑦 = 𝑎𝑥 + 𝑏 with 𝑋 axis 

representing the 𝑙𝑛𝜎0 and the 𝑌 axis 𝑙𝑛 {𝑙𝑛 [
1

1−𝑃𝑓(𝑉0)
]}. The slope yields the Weibull 

modulus 𝑤. The stresses should be ranked in ascending order with specific 

probabilities of 𝑃𝑓(𝜎𝑖) =
𝑖−0.5

𝑁
 where 𝑖 is the ranking number and 𝑁 the number of 

tested samples. The procedure described is according to ASTM C1239-07 [159]. A 

loading rate of 100 N/min was used in order to minimize potential influence of stable 

crack growth on strength [237]. 

Characteristic strength was recalculated for the same size of discs according to the 

equation:  

𝜎2

𝜎1
= (

𝑉1

𝑉2
)

1
𝑤

 

since the failure probability depends on the tested effective volume or area 

depending if volume or surface defects are failure relevant.  

Effective volume is calculated for ring-on-ring test according to ASTM C1499-05 

[238,239]: 
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𝑉𝑒𝑓𝑓,𝑠𝑝𝑒𝑐𝑖𝑚𝑒𝑛 =  (
(2𝜋𝑟1

2)𝑡

2(𝑤+1)
) (1 +

44(1+𝜈)

3(𝑤+1)

𝑤+5

𝑤+2
)  × (

𝑟2−𝑟1

2𝑟1𝑟3

 
)

2 8𝑟3
2(1+𝑣)+4(𝑟2−𝑟1)2(1−𝑣)

(3+𝑣)(1+3𝑣)
  

Equation 5-12 

The specific average dimensions of the samples as well as the specimen number of 

the different tested batches are summarized in the following table. Sample 

dimensions were according to DIN 51105:2010-08 [240]. Prior to the test samples 

that showed irregular surface quality were grinded and polished in order to achieve 

flat and parallel surfaces as well as homogeneous thickness along the discs also 

according to DIN 51105:2010-08. 

Table 5-3 Specimen geometries and testing conditions for the ring on ring test for the dense LWO54 
material. 

 

5.3.2.2 Ball-on-3-balls bending test 

In ball-on-3-balls test the bottom side of a disc specimen is supported by three balls, 

which are in equal radial distance from the center, while the fourth ball applies the 

load in the central point of the upper side of the disc until the fracture of the sample. 

The fracture load is measured. The test is standardized in ASTM F 394-78 [241]. In 

general, sintered discs and rectangular samples with no special finishing can be 

Material 
Diameter 

�̃� [mm] 

Thickness 

�̃� [mm] 

Number of samples 

N 

r/R 
[mm] 

Load rate 
N/ min 

Temperature 
[°C] 

IEK1-S2 21.35 1.706 13 

3.95 / 7.5 

100 RT, air 

CPT-D1 

21.01 0.790 3 1 

RT, air 20.97 0.770 9 100 

21.02 0.750 3 1000 

20.95 0.783 6 

100 

400, air 

20.90 0.755 3 600, air 

20.95 0.788 3 800, air 

20.95 0.740 3 1000, air 

CPT-D2 

21.57 0.545 9 

100 

RT, air 

21.58 0.544 3 400, air 

21.55 0.544 3 600, air 

21.58 0.543 3 800, air 

21.75 0.740 3 1000, air 
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tested, allowing a quick testing procedure. The configuration is described below and 

it is illustrated in Figure 5-9 and Figure 5-10:  

The maximum principal stress is located on the disc surface opposite to the loading 

ball. It has been shown that the stress depends on the applied load and geometric 

set-up of the test, which includes the dimensions of the disc: thickness and diameter, 

size and positions of the balls and elastic properties of ball and disc material [242]. In 

another study of the same group, the stresses were analyzed for a wide range of 

loading geometries to analyze their influence proving that the test is very stable 

against errors in the geometry of specimens as well as the loading device, while the 

most sensitive parameter is the thickness of the specimen. Other parameters such as 

misalignment, small deviations of the threefold geometry or some buckling and 

wrapping of the specimens have only little effect on the measured maximum strength 

of the disc [243]. Therefore, the testing procedure can easily be miniaturized since 

specimens with a volume less than 1 mm3 could be successfully tested [244]. 



70 
 

 

Figure 5-9 Shematic illustration of experimental set up for ball-on-3-ball test. 

 

 

Figure 5-10 Left) Configuration of balls right) ball-on-3-ball configuration developed in IEK-2 where a) 
is glass specimen, b) Si3N4 balls and c) Al2O3 jig. 

The fracture load is measured and the strength is estimated according to the 

following numerical solution, assuming that all balls have the same size, are made of 

the same material and all supporting balls are in contact. 

c 

b a 
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𝜎𝑚𝑎𝑥 = 𝑓 (𝛼, 𝛽, 𝑣) ∙
𝐹

𝑡2
       Equation 5-13 

𝛼 =
𝑡

𝑅
 , 𝛽 =

𝑅𝑎

𝑅
, 𝑅𝑎 =

2𝑅𝑠

√3
        Equation 5-14 

Where 𝐹 is the fracture load in N, 𝑡 the thickness in mm, 𝑓 a dimensionless factor 

that is given as function of the disc geometry 𝑡/𝑅, the support geometry 𝑅𝑎 𝑅⁄ , and 

the Poisson’s ratio of disc material ν; its values range 0.2 - 0.4 [245]. 𝑅 is the radius 

of the specimen in mm, 𝑅𝑎 the support radius that depends on 𝑅𝑏, the radius of the 

supported balls [246]. The first principal stress 𝜎 𝑚𝑎𝑥 is in the center of the top plane, 

where the stress is biaxial. The function 𝑓 is analyzed and published in [247] for the 

parameter range:  

𝑓 = 0.366631 +
(2.62749 + 27.2083 ∗ (

𝑡
𝐿

) − 51.5632 ∗ (
𝑡
𝐿

)
2

∗ (1 + 0.996214 ∗ 𝜈))

1 + 30.859 ∗ (
𝑡
𝐿

)
 

Equation 5-15 

Where L is the specimen width (L= 4 mm). Equation 5-15 permits small variations in 

the thickness of each specimen to be taken into account. For a typical LWO54 

sample with t = 0.260 mm thickness and a Poisson’s ratio ν = 0.24, the geometric 

factor resulted in f = 2.1 

0.05 < 𝛼 = 0.6         Equation 5-16 

0.55 < 𝛽 < 0.9 𝑎𝑛𝑑 0.2 < 𝜇 < 0.35      Equation 5-17 

For the maximum stress the equation yields for disc- and rectangular- shaped discs, 

respectively: 

𝜎𝐵3𝐵 = 𝑓 ∙
𝐹

𝑡2
         Equation 5-18 

𝜎𝐵3𝐵 = (3.3 − 2.7 ∙ 𝑡 + 1.55 ∙ 𝑡2) ∙
𝑃

𝑡2
      Equation 5-19 

For the evaluation of results regarding the disc-shaped samples, an online web-

mathematica platform was used [248] where the 𝜎𝐵3𝐵, pre-factor 𝑓 and 𝑉𝑒𝑓𝑓 can be 

derived. For the evaluation of 𝑓 and 𝑉𝑒𝑓𝑓 FEM simulations are required. Development 
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of own software and simulations studies in order to derive f pre-factor were beyond 

the scopes of this study.  

The aim of these tests was to investigate the effect of porosity on the fracture 

strength of LWO54 tape casted material. Also, the experiments were designed for the 

investigation of temperature and atmosphere on the strength of porous material. 

Nevertheless, the method is limited for materials that exhibit fracture force over 2 N at 

room temperature, since a pre-load of 2 N needs to be applied for an effective 

measurement. Therefore, materials with fracture load below this limit already break 

before the measurement starts but still, samples with very low thickness can be 

effectively characterized. Ball-on-3-balls testing method was calibrated with testing 

material of MgO provided by IEK-1 (Fb=10N) and commercial glass DeSAG D263 

(Schott Gruppe) with h ~ 0.145 mm. Moreover, LWO54 and MgO of the same 

batches were tested for comparison in Leoben, leading to similar values of 𝐹𝑏. The 

dimensions tested materials and the testing conditions are summarized below: 

Table 5-4 Sample list for plate-shaped porous LWO54 tested with B3B method at RT 

Material 
Number of 
specimens 

N 
Dimensions Thickness Testing conditions 

LWO54_CPT_S_25 29 
3x4 mm2 

0.248±0.009 
Pre-load 0.2 N, 

13,8N/min 
LWO54_CPT_S_26 14 0.254±0.003 
LWO54_CPT_S_29 29 0.239±0.002 

 

5.3.3 Creep 

Creep tests were carried out on cylindrical and bar-shaped specimens, as they are 

described in Table 5-5. The sintered specimens were polished to obtain parallel end 

surfaces for compressive creep tests. The tested materials as well as the testing 

conditions are summarized below: 
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Table 5-5 List of samples tested for creep in compression 

Material Sample geometry, 
number of samples Conditions 

BSCF·Z100x 10, cylinders ~ 12.0mm Ø 6.0 mm 800°C-950 °C interval steps of 50 °C 
Stress 30, 63, air 

ST·F100x 

ST·F30, 3 
bars 3.8*7.1*8.0 mm3 

800°C - 1000 °C, intervals of 50 °C 
Stresses 10 – 80 MPa, air, ST·F50 vacuum 
(10-2 mbar) 

ST·F50, 3 
bars 4.0*4.0*13.0 mm3 

ST·F70, 2 
bars 

3.1*5.6*18.5 mm3 
3.0*5.9*12.2 mm3 

LWO54 

IEK-S1, 1 
bar 3.3*4.2*12.0 mm3 700°C - 1450 °C, intervals of 100 or 150 °C 

20 -6 3 MPa, air, 900 – 1000 °C 20-100 
MPa vacuum, Ar / H2 4%, Ar / H2 4% 2.5% 
H2O 
Also samples with different grain sizes 
were measured under air 

IEK-S2, 1bar 
1cylinder 

3.9*4*13.9 mm3 

8.7 mm Ø 6.0 mm 
CPT-D2,  
2 bars 3.6*3.8*14.8 mm3 

NWO55 1, bar 2.6*3.2*9.44 mm3 900 - 1350 °C, intervals of 100 or 150 °C, 
10 – 63 MPa, air 

 

Creep tests were performed in compression mode using an INSTRON 1362 

electromechanical testing machine equipped with high temperature furnaces. The 

experimental configuration is illustrated in Figure 5-12. In all cases, the flat sides of 

the samples were carefully grinded and polished prior to experiments in order to 

obtain parallel contact surfaces. The experimental set-up is illustrated in Figure 5-12. 

A linear variable differential transducer (LVDT, Sangamo, range ± 1 μm, precision 

1.25 μm) located in the lower part of the loading machine, was used to measure the 

traverse displacement. The LVDT was assembled with the bottom of the half-sphere 

in the clamping device by an alumina rod so that the position change of the lower 

traverse relative to the upper specimen fixture was measured yielding information of 

the sample deformation. All tests were performed in constant stress mode at 

constant temperature steps according to the general heating and loading profile 

illustrated in Figure 5-11. An annealing step was applied in beginning of each 

experiment for several hours in order to obtain thermal equilibrium of materials and to 

minimize chemical expansion effects as suggested by Rutkowski [249]. Also before 

each isothermal step an additional annealing period of 1 h was applied for minimizing 

thermal expansion effects of the testing machine that might affect the measured 

deformation rate. In some cases, cooling steps were also applied for the 

determination of creep rates. In all cases, each creep measurement was terminated 
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after 24 h of steady-state deformation or until an integral deformation of 100 μm was 

reached. 

 

Figure 5-11 Typical heating and loading profile for compressive creep tests in constant load mode. 

The applied force was measured with load cells of 10 kN (Interface, 1210 ACK) and 

1.5 kN (Interface, 1210 BLR) measurement range in air and under vacuum (pO2 10-2 

bar) or mixed gas atmosphere (Ar / 4% H2 or Ar / 4% H2 & 2.5 % H2O), respectively. 

Data concerning temperature, stress and deflection during the tests were collected 

with a sampling rate of 0.5 Hz.  
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Figure 5-12 Setup for compressive creep test. The specimen is mounted between Al2O3 table and half 
sphere. 

The strain for all materials was calculated from the ratio of measured displacement 

𝛥ℎ and initial height ℎ0: 

𝜀 =  
𝛥ℎ 

ℎ0
          Equation 5-20 

In Figure 5-13a, a typical time vs. strain curve is presented. Two regions can be 

distinguished that can be attributed to the primary and secondary creep stage. The 

creep rate should be determined from the slope of the secondary creep stage 

(minimum creep rate). It was shown by Rutkowski [249] that fitting of 2nd order 

polynomial yielded more accurate results than linear fit.  
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Figure 5-13 Typical strain-time curve for BSCF·Z3 at 850°C for cooling sequence at 63MPa. Minimum 
creep rate is determined in a) by linear fitting from the linear part of the curve b )by differentiation of 

strain. 

Aiming at an improvement of previously used analysis procedures that are mainly 

based on a subjective assessment of the secondary creep range, in the current study 

the steady state creep rate was determined by plotting the moving average 𝜀̇ as 

derived via differentiation of the data vs time as shown in  

Figure 5-13. Tertiary creep stage was not observed in any of the experiments. 

Moreover, especially for the temperature were deformation rates of the materials 

were close to the sensitivity limit of the experimental set-up longer testing time was 

applied not only to reduce the effect of background noise but also to minimize the 

potential influence of primary creep [254]. In all cases, the engineering strain was 

applied for the determination of creep rate, since the total strain did not exceed 10% 

and yielded values close to the true strain. Creep ratio in compression is independent 

for length to diameter ratios of 1.5 to 2.5 for cylinders according to Poteat et al. [250]. 

Beyond these limits, barreling or buckling can occur. Nevertheless, barreling, 

cracking or buckling effects, that would lead to change of the cross sectional area, 

were not observed after the tests. Thus, the deformation of specimens can be 

considered homogeneous. The stress exponent n was determined for several 

constant stress steps at one temperature in order to see if there is potential influence 

of threshold stress. Such an effect was not observed in any case. Subsequently, the 

obtained creep rates were applied to Equation 4 – 11 for the determination of creep 

parameters via multi-linear regression. By plotting the natural logarithm 𝑙𝑛 of the 
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steady state creep-rate 𝜀̇ versus ln 𝜎 at constant temperature 𝑇, 𝑛 is determined as 

the slope in the plot. The activation energy 𝑄𝑎 can be calculated from the slope of the 

ln 𝜀̇ vs reciprocal of the absolute temperature 1000 / 𝑇 at constant stress according to 

Arrhenius approach, while the inverse grain size exponent 𝑝 is the slope of the ln 𝜀̇ 

versus 1/𝑑 curve. Finally, by plotting ln 𝜀̇ versus ln 𝑝𝑂2, the partial oxygen exponent 

𝑚 is derived.  

The exact testing conditions of each material are described in the following 

paragraphs. 

BSCF·Z100x 

In these series of experiments the comparison of the doped materials with the 

reference BSCF5582 was in focus. More precisely, the possible suppression of 

hexagonal phase, thus the shift of the related cubic-to-hexagonal effects like the 

hysteresis to lower temperatures was the main aim of these investigations. Thus, the 

suggested heating profile by Rutkowski [249] was applied to enable direct 

comparison of the data. A typical BSCF·Z100x test run was conducted in the 

temperature range from 800 to 950 °C, which corresponds to 0.65 Tm ≤ T ≤ 0.78 Tm 

(melting temperature Tm = 1290 °C for BSCF [251]). For BSCF·Z100x, prior to 

testing, the samples were pre-annealed at 850 °C for 24 h to ensure chemical 

equilibrium and eliminate associated strains. Subsequently, the sample was cooled 

down with a rate of 8 K/min to the first (i.e. lowest) measuring temperature. The 

temperature was incremented stepwise, with 50 K intervals, using heating and 

cooling rates of 8 K/min. At every measurement temperature, the sample was 

allowed to equilibrate for 1 h before the actual load was applied. Applied loads were 

30 and 63 MPa. All tests were performed in ambient air. In order to investigate the 

effect of doping on the creep mechanism, constant stress steps were applied for 

each tested temperature as illustrated in the typical heating-loading profile in Figure 

5-11. Since the number of samples was limited and extensive studies had already 

been performed for the BSCF5582 reference material, no experiments for the 

evaluation of inverse grain size exponent or oxygen partial oxygen exponent were 

performed. Finally, in the case of extreme Zr doping, BSCF·Z10, a different heating 

profile was applied in order to investigate the effect of highest doping level on the 

cubic-to-hexagonal phase transformation as well as the governing creep mechanism.  
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ST·F100x 

The main focus of these experiments was the determination of the creep rates and 

the governing creep mechanism at the operation related temperatures that 

correspond to 0.49 ≤ 𝑇/ 𝑇𝑚 ≤ 0.54 ( 𝑇𝑚=1900°C for SrTiO3 [252]). STF50 was tested 

up to 1000°C as example material for the more accurate determination of activation 

energy. While the heating-loading profile that was applied follows the one described 

above, some modifications were made in comparison to BSCF·Z100x series. The 

testing conditions of ST·F100x series include a very slow heating and cooling rate of 

1 K/min in order to avoid crack formation related problems like they had been 

reported for sintering studies and permeation experiments. It seems that after 

densification the materials undergo a large expansion, due to heterogeneous phase 

equilibria that produce oxygen gas as reported for the Sr(Fe,Co)3-δ [220]. According 

to previous studies of these materials regarding permeation, no phase changes are 

expected [66]. Therefore, only a short pre- annealing step of 5 h at 850°C was 

applied to ensure that the materials vacancy population would reach equilibrium at 

this temperature. The applied stresses were in the range of 10-80 MPa in order to 

determine the effect of stress on the creep rate. At every test temperature, the 

sample was allowed to equilibrate for 1 h before the actual load was applied. Also, 

the testing times were long enough to overcome possible chemical strain related 

effects that can affect the creep rates especially in the first 24 h of measurement as 

reported for BSCF5582 [249]. All tests were performed in air. Exemplary for all STF 

materials, a set of experiments was performed for STF 50 under different 

atmospheres (pO2 200 mbar and 10-5 mbar) in order to derive the m exponent. Each 

step was applied until the secondary creep stage was achieved. Same heating and 

cooling profile was applied.  

The strains were not large enough to yield any differences between true strain and 

engineering strain. Total strain after each experiment was much less than 10 %. The 

creep data for the STF materials are presented in detail in Appendix B. 

LWO54 

The aim of these experiments was again the determination of creep rates as well as 

the governing creep mechanism in the application relevant temperature range of    

600 - 800 °C [3], corresponding to 0.39 ≤ 𝑇/ 𝑇𝑚 ≤ 0.48 (𝑇𝑚= 1960 °C for La6WO12 
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[114]) which did yield measurable deformation. Therefore, measurements were 

carried out at higher temperatures (1050 – 1450 °C 0.59 ≤ 𝑇/ 𝑇𝑚 ≤ 0.77) with 

intervals of 50 K. Applied stresses were in the range of 20 - 80 MPa. Samples with 

different grain sizes were tested for the determination of grain size exponent. The 

experiments were carried out in air. The heating profile followed the typical ones 

described above. Heating and cooling rates were 8 K/ min. In these cases, the 

samples were heated to the highest temperature and subsequently cooled down to 

the lowest measuring temperature step. At every measurement temperature, the 

sample was allowed to equilibrate for 1 h before the actual load was applied. No 

secondary phases were observed during permeation experiments performed at    

IEK-1, the applied temperatures were high enough to obtain equilibrium and the 

measuring times were long so that deformation was not affected by potential 

chemical strain effects. Therefore, the pre-annealing step at an intermediate 

temperature was not essential and was skipped.  

 

In order to investigate the effect of the environment on the creep rate, tests under 

vacuum (10-2 mbar), gas mixture Ar / 4% H2 and humidified Ar / 4% H2 with 2.5 % 

H2O were performed. The thermal heating profile was applied (Figure 5-11). A pre 

annealing step was applied for 12 h at 900°C since H+ protons are not inherently in 

the structure of the material, but are introduced from the environment as described in 

the theory part for the proton conducting transport mechanism. To enhance the 

absorption of the H+ a thin Pt coating was applied which acts as a catalyst similar to 

permeation experiments. Coating was applied by sputtering (Balzers union SCD 

040). It was found that this layer does not affect the creep rates of the material. In 

case of the Ar / 4% H2 tests two different ways of supplying the gas were tested. 

Initially the gas was inserted into the chamber once (closed system) while in following 

experiments, the gas flow was continuous. The second case was found to be more 

applicable since leakage of the furnace was observed. Given that the experiments 

run for long period of time and the H2 portion in the gas mixture is low, the testing 

conditions in the first case of closed system were not considered adequate for 

providing realistic creep rates.  
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NWO55 

NWO55 was also investigated regarding creep behavior for comparison to LWO54 

with respect to creep rates and governing creep mechanism. The experiments were 

performed in air, in the temperature range 900 °C – 1350 °C for stresses of               

10 – 63 MPa.  
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6 Results and Discussion 

6.1 BSCF·Z100x  

6.1.1 Solid solubility limits and microstructure 

Figure 6-1 shows XRD patterns of sintered samples collected at room temperature 

BSCF·Z100x before and after annealing at 850 °C in air for 336 h. Diffraction 

patterns of both series can be indexed using a cubic perovskite structure. In the 

patterns obtained for BSCF·Z10, peaks of a secondary phase can be assigned to 

(Ba,Sr)ZrO3 [PDF 00-006-0399]. The peak at 27.8° obtained for pure BSCF can be 

assigned to hexagonal Ba0.5Sr0.5CoO3 [PDF 99-000-0030]. The latter observation is 

consistent with previous reports [50,57], showing that cubic and hexagonal 

polymorphs may coexist in BSCF after annealing at 850 °C.  

 

Figure 6-1 XRD patterns of sintered compacts of BSCF-Z·100x (left) before and (right) after annealing 
in air, at 850 °C, for 336 h. Reflections for (Ba,Sr)ZrO3 and hexagonal Ba0.5Sr0.5CoO3 are indicated. 

Figure 6-2 shows that the evolution of the cubic lattice parameter for the series 

BSCF·Z100x is in accordance with Vegard’s law up to the composition x = 0.03, 

suggesting that the solid solubility limit lies in the range 3 - 5 mol% of Zr. The latter is 

supported by combined TEM and EDX investigations conducted by Ravkina et al. 

[61], showing that Zr-rich phases crystallize at the grain boundaries of samples 

BSCF·Z100x with x ≥ 0.05.  
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the results it is immediately apparent that substitution of (Co,Fe) by Zr severely 

suppresses grain growth.  

Table 6-1 Average grain size along with standard deviations (s.d.) for BSCF·Z100x after sintering. 
(Equivalent Circular Diameter ECD). The analysis was performed for reference specimens for BSCF 

and BSCF·Z1  

Material  Grain size (μm) 
 
BSCF 
BSCF [45] 

 
 
17.0  (6.0) 
29.0  (11.0) 

BSCF·Z1  17.0  (4.0) 
BSCF·Z3   8.0   (2.0) 
BSCF·Z5   5.0   (2.0) 
BSCF·Z10   1.5   (0.5) 

 

At similar sintering conditions (see next section), the grain size for BSCF·Z10 is less 

by a factor ~13 compared to that observed for pure BSCF. The observations are 

tentatively explained by a solute drag effect exerted by possible segregation of Zr to 

the grain boundaries (due to the charge and size mismatch with native (Co, Fe) ions 

in BSCF). At dopant concentrations in excess of the solid solubility limit, secondary 

phase pinning or dragging mechanism (Zener pinning) may contribute to the 

suppressed grain growth [253]. Regarding the reference BSCF materials, the 

apparent larger grain size results from the different manufacturing process (spray 

pyrolysis and isostatic pressing for BSCF studied in the current work vs solid state 

synthesis and extrusion for the reference one from literature. Sintering conditions 

were also different (1150 °C for 30 h in current work vs 1130 °C for 3 h in the 

reference [45].  

6.1.2 Creep measurements 

Arrhenius plots of the creep rates of compositions BSCF·Z3 and BSCF·Z10 upon 

heating and cooling are presented in Figure 6-4. Similar results were obtained for 

other compositions of the BSCF·Z100x series (see Appendix A).  

 



84 
 

 

Figure 6-4 Temperature dependence of the steady-state creep rate for (left) BSCF-Z3 and (right) 
BSCF-Z10 at nominal stresses of 30 and 63 MPa. The arrows indicate heating and cooling directions. 
The closed points represent heating and open ones the cooling sequence. *after Pećanac et al. [254]. 

For BSCF·Z3 a good agreement is noted with results obtained previously by 

Pećanac et al. [254] on sintered extruded tubes (porosity 6 %, grain size 20 ± 8 μm) 

as illustrated in Figure 6-4 (left), verifying an insignificant influence of the production 

route. A profound hysteresis in the creep rates was observed upon thermal cycling 

for all investigated compositions. The origin of the hysteresis in the creep rate for 

pure BSCF was explained previously by the material’s phase instability below     

~850 °C [48]. Therefore, it seems that the Zr doping does not affect the hysteresis 

which is present in pure and doped materials. This effect will be further discussed in 

chapter 6.1.3.  

Activation energies and average stress exponents obtained by fitting experimental 

data of the creep rate of compositions BSCF·Z100x, at T ≥ 850 °C, according to 

Equation 4-11 are listed in Table 6-2:  

Table 6-2 Activation energy, Qa (at 63 MPa), and average stress exponent, n, for creep of 
BSCF·Z100x. Data were obtained from fitting experimental data (linear regression, Qa and standard 

error of the steady-state creep rate (T ≥ 850°C). 

 n 
[-] 

𝑄𝑎 
[kJ/mol] 

 Heating cooling heating cooling 
BSCF45  1.7 ± 0.2 - 530 340 ± 40 
BSCF·Z1 2.0 ± 0.5 1.9 ± 0.1 570 ± 70 320 
BSCF·Z3 1.5 ± 0.2 1.2 ± 0.2 730 ± 150 320 ± 10 
BSCF·Z5 2.4 ± 0.6 - 660 ± 45 - 
BSCF·Z10 4.0 ± 1.5 4.6 ± 0.5 845 ± 190 440 ± 25 
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Due to the hysteresis in the creep rate, the apparent activation energies for heating 

and cooling runs are found highly dissimilar. As hexagonal polymorphs are absent in 

pure BSCF when heated up to ~950 °C [48], and polymorphism is induced only 

during long-term annealing below ~850 °C, the extracted values of Qa from cooling 

curves are considered to reflect the activation energy for creep of the cubic 

perovskite phase. Average values of Qa  extracted from data of cooling runs for pure 

BSCF [45], BSCF·Z1 and BSCF·Z3 are in the range 320-340 kJ/mol. Good 

agreement is noted with the value of 350 kJ/mol extracted from data of sintered 

extruded tubes of BSCF·Z3 measured under similar conditions [254].  

For BSCF·Z10 a slightly higher value of 440 kJ/mol is measured (see Table 6-2). For 

this composition, an additional test was performed at the temperature range 850°C – 

900 °C and after subsequent cooling to 850 °C (Figure 6-5), where no or minimum 

amount of hexagonal phase is expected even during the heating phase. 

 

Figure 6-5 Creep rates of BSCF·Z10 obtained for different heating profiles. 

Indeed, the yielded activation energy Qa was lower (560 kJ/mol during heating and 

380 kJ/mol during cooling) and the hysteresis loop was narrower as well. But again, 

in case of cooling the activation energy is slightly higher than for the other 

compositions. Nevertheless, it is clearly evidenced that even for the highest doping 

level of 10% the cubic-to-hexagonal transformation is not avoided. The observed 

high activation energies resemble those measured for cation diffusion in perovskite 

oxides as determined from diffusion couple and isotope tracer experiments 

[255,256,257], and exclude oxygen ions as the rate controlling species, noting that 
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the activation energy for oxygen transport in BSCF ceramics has been reported to be 

below 50 kJ/mol [42]. 

As can be seen from Table 6-2, the stress exponent 𝑛 varies between 1.5 and 2, 

except for BSCF·Z10, suggesting a diffusion-aided creep mechanism for the 

compositions with lower Zr contents. Strictly speaking, the value of 𝑛 is close to unity 

for diffusion creep, while for, e.g. dislocation creep, it is usually in the range of           

3 ≤ n ≤ 8 [258,259,260]. For pure BSCF (with grain size 29 ± 11 μm) a value of        

n= 1.7 ± 0.5 for T > 800 °C was reported by Rutkowski et al. [45] while Yi et al. [261] 

reported n= 0.76 ± 0.23 for the lower stress regime 5 - 20 MPa. The stress exponent 

n higher than 1 indicates the coexistence of other creep mechanism additional to 

diffusion. The grain size exponent p = 1.7 ± 0.2 reported by Rutkowski [45] and        

p= 2.45 reported by Yi et al. [261] correspond to the hypothesis that both grain 

boundary and bulk diffusion are coexisting as it was also suggested by Schröder et 

al. [262] via diffusion studies. 

For BSCF·Z10, the stress exponent obtained in the current study is ~4, suggesting a 

change from diffusion to dislocation creep at higher Zr contents. The grain size 

measured before and after the test agreed within the limits of uncertainty (1.0 ± 0.3 

μm and 1.5 ± 0.5 μm, respectively), and no specific grain orientation could be verified 

by electron backscatter diffraction (EBSD). An alternative explanation would be, that 

grain boundary pinning by secondary (Ba,Sr)ZrO3 phases contributes to diffusional 

creep in BSCF·Z10. For a diffusion creep mechanism, the creep rate depends on 

grain size. The measured creep rates were therefore normalized to a grain diameter 

of 1 µm. A value p = 1.7 was used for the inverse grain size exponent in the 

calculations, which was taken from a previous study on the grain size-dependence of 

the creep rate of pure BSCF [45].  
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Figure 6-6 Steady-state creep rate of BSCF·Z100x, at T ≥ 850 °C (cooling runs), (left) before and 
(right) after normalization to grain size d = 1 μm (*data after [45]). 

Figure 6-6 shows the creep rates (cooling curves), at T ≥ 850 °C, of compositions 

BSCF·Z100x before and after normalization, respectively. Figure 6-6 (right) reveals 

that the normalized creep rates vary for the different compositions. Overall, only by 

causing supression of grain growth, Zr substitution of (Co,Fe) in BSCF leads to an 

enhancement of the creep rate relative to that observed for the pure material [263].  

6.1.3 Microstructural studies after creep test 

Microstructural analyses after the creep tests were performed in order to gain more 

information about the effect of Zr doping on the cubic-to-hexagonal transformation 

and also for the creep mechanism.  

HT-XRD was performed for BSCF5582 material with high amount of the hexagonal 

phase Ba0.5Sr0.5CoO3 (~ 40%), after annealing at 850 °C. The following phases were 

present in the microstructure as verified by the XRD analysis: cubic BSCF ~ 60% 

(PDF 99-000-0029) ~40% hexagonal Ba0.5Sr0.5CoO3 (PDF 99-000-0030) and a 

minority monoclinic phase with possible composition (Ba,Sr)2(Fe,Co)2O5 (depicted as 

Ba2Fe2O5 ICDD 00-043-0256). The results are presented below:  

 

0,82 0,84 0,86 0,88 0,90
1E-8

1E-7

1E-6

1E-5

1E-4

1E-3

 

 

 BSCF*     BSCF.Z1
 BSCF.Z3  BSCF.Z5

                         BSCF.Z10

cr
ee

p 
ra

te
 (s

-1
)

1000 / T (K-1)

950 900 850 T (°C)

0,84 0,88
1E-8

1E-7

1E-6

1E-5

1E-4

1E-3

 

 
after grain size normalizing

 BSCF*     BSCF.Z1
 BSCF.Z3  BSCF.Z5

                         BSCF.Z10

cr
ee

p 
ra

te
 (s

-1
)

1000 / T (K-1)



88 
 

Figure 6-7 Evolution of hexagonal phase Ba0.5Sr0.5CoO3 with temperature for heating and cooling 
sequence for BSCF5582.  

Although several hexagonal polymorphs have been observed by various groups, in 

the current study Ba0.5Sr0.5CoO3 was the main phase observed and verified for all 

materials after creep tests (Appendix A). This polymorph is mainly segregated at 

grain boundaries as it can be observed in the SEM images after the creep test as 

well as after an additional annealing test that will be described later in this section. 

From the HT-XRD results it can be seen that the hexagonal phase remains constant 

up to 700°C when it starts to be increased with gradually increasing rate up to 800°C. 

Then it starts to be transformed to cubic phase again with gradually increasing rate 

up to 950°C. The hexagonal-to-cubic transformation rate is very fast above 900°C. 

Upon cooling the hexagonal phase is formed again proving the reversibility of this 

transition. The remaining 10% of the hexagonal phase at 950°C is also an effect of 

thermal cycle, since its amount seems to be dependent on the thermal history and 

dwell time [44,51,53,254]. At this point it could be noted, that despite of this fact the 

obtained creep rates were not affected since the same thermal conditions were 

applied for all tests. The hexagonal-to-cubic transformation follows the same trend as 

the hysteresis curve for BSCF [45] and BSCF·Z3 materials shown in Figure 6-6. 

When the hexagonal phase is present, creep rates are lower, while in the 

temperature range where the cubic phase dominates, creep rates are higher. 

Regarding the other observed phases described before, the monoclinic phase seems 

to disappear for temperature higher than 900°C, while from 800°C a new phase 
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Figure 6-9 BSCF·Z3 microstructure after creep test (final step 750°C- 63 MPa) Hexagonal phase is 
present and mainly located at grain boundaries. 

The XRD analysis for BSCF·Z100x after creep test is presented in Figure 6-11. For 

BSCF·Z10 after creep test (final step 750 °C) this hexagonal phase was also present 

as verified by XRD analysis. Nevertheless, the SEM analysis is not so clear since 

there is segregation of the two phases at the grain boundaries (Ba/SrZrO3) and 

Ba0.5Sr0.5CoO3. A representative EDX analysis is presented in Appendix A. In case of 

BSCF·Z1 and BSCF·Z5 other phases were present in the microstructure as well. 

Nevertheless, in case of BSCF·Z1 the secondary phases were of small amount thus 

could not be verified by XRD analysis. In case of BSCF·Z5 the monoclinic phase 

Ba2Fe2O3 was present. A table summarizing all the phases detected after creep tests 

can be found in Appendix A). A possible reason could be that this compound is not 

stable, since the Zr doping was close to the dissolution limit (see section 6.1.1). The 

representative SEM Images are also presented in Appendix A.  
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0.3 μm and 1.5 ± 0.5 μm, respectively) for BSCF·Z10, and no specific grain 

orientation could be verified by electron backscatter diffraction (EBSD). For BSCF·Z3 

grain growth was also negligible (8 ± 2 before test and 8 ± 4 after the creep test). 

Moreover, no change in the aspect ratio was observed. Maybe the total strain (less 

than 10% after the creep test) was too small to yield significant grain growth. In case 

of BSCF·Z1 a very inhomogeneous microstructure was revealed with two areas of 

different porosity and grain size (Figure 6-12). It seems that in one area there was 

irregular grain growth leading to a very big grain size while in the second area the 

grain size was 17 ± 5.5 μm. This difference in grain growth could be the reason of the 

lower creep rates obtained for this composition. The reference sample that was used 

for the grain size analysis showed homogeneous microstructure but also similar grain 

size (see Table 6-1). 

 

Figure 6-12 Microstructure of BSCF·Z1 after creep test (last step 750°C 63 MPa) polished surface 
(right) thermally etched at 970°C for 30 min in air (left). 

6.2 ST·F100x 

6.2.1 Structural analysis 

XRD patterns at room temperature for the ST·F30, ST·F50 and ST·F70 compositions 

(section 5.1.2) before and after creep measurements in air are shown in Figure 6-13 

(PDF 01-084-1004), verifying in all cases a cubic perovskite structure, without any 

evidence of a second phase formation. 

200 μm 200 μm 
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Figure 6-13 XRD patterns for ST·F100x series before creep test a) ST·F30 b) ST·F50 c) ST·F70. 

Figure 6-14 shows the dependence of the lattice parameter on the Fe content for the 

ST·F100x materials. The lattice parameter at room temperature decreases 

monotonously with increasing Fe content. The results are in good agreement with 

data reported for materials with the same composition in literature, where it is 

suggested that the lattice parameters for ST·F100x materials lie between the 

Vegard’s plots [264] of Sr2+Ti4+(1-x)Fe4+xO3 and Sr2+Ti4+(1-x)Fe3+xO3-x/2 indicating a 

mixed valence of Fe3+/4+ [66,265]. The ionic radii of the VI-fold coordinated Fe-cations 

are smaller (0.585 Å for Fe4+ / 0.55 Å for Fe3+ in low spin state [266]) than the Ti4+ 

radius (0.605 Å), explaining the decrease in lattice parameters. 
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Figure 6-15 Microstructures of ST·F100x materials before creep test a) ST·F30 b) ST·F50 c) ST·F70. 

Table 6-3 Results of microstructural analysis for ST·F100x materials. 

Material Porosity (%) Grain size (ECD μm) 
STF 30 8 ± 1 2 ± 1 
STF 50 2 ± 1 4 ± 1 
STF 70 3 ± 1 4 ± 2 

 

6.2.2 Indentation results 

Indentation testing permitted determination of elastic modulus, hardness and fracture 

toughness of the STF materials. The results are presented in Table 5-4. Higher EIT 

values are obtained for the ST·F70 compound, while for ST·F30 and ST·F50 values 

are ~160 GPa, similar as reported for undoped SrTiO3 [150]. The increasing Young’s 

modulus with rising Fe amount might be an indication of effects related to the bond 

strength. Hence, compounds with stronger bonds exhibit a higher Young’s modulus 

than weak bonded compounds [168]. Therefore, the indentation results, where 

ST·F70 shows the smallest lattice parameter (Figure 6-14) and the highest Young’s 

modulus (Table 6-4) are in good agreement with theory, although an expected 

difference between ST·F30 and ST·F50 could not be verified. Micro-hardness shows 

the same trend: it’s increasing with increasing Fe content. 
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a) 

20 μm 

b) 

20 μm 

c) 



96 
 

Table 6-4 Indentation results for the ST·F100x series for a load of 1 N. 

Material EIT (GPa)  HIT (GPa) KIC (MPa∙m½) 
ST·F30 164 ± 5 8.0 ± 0.5 0.93 ± 0.04 
ST·F50 157 ± 4 8.6 ± 0.3 0.89 ± 0.02 
ST·F70 186 ± 4  9.0 ± 0.3 0.95 ± 0.09 

 

Fracture toughness values were calculated for a Palmqvuist type crack geometry. 

They are similar for all compounds. The results are in good agreement with literature 

data, where a fracture toughness 𝐾𝐼𝐶 = 0.89 MPa · √m was reported for SrTiO3 [169]. A 

typical hardness imprint with indentation cracks is shown in Figure 6-16. 

 

Figure 6-16 Typical indentation imprint at 1 N for ST·F50. 

6.2.3 Creep measurements 

All creep rates obtained in the current study are presented in Appendix B, while the 

Arrhenius plots for all compositions at stresses of 30 & 63 MPa are presented in 

Figure 6-17.  

10 μm 
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systematic studies regarding the grain size as well as the grain size exponent should 

be performed to exclude this possibility. Tests in different atmosphere should also be 

done for this composition to verify if the reason of the higher creep rates is related to 

the defect chemistry.  

The average activation energies are between 360 and 430 kJ/mol. The activation 

energies as well as the stress exponents are presented in Table 6-5. It seems that in 

ST·F50 and ST·F70 diffusion aided creep since dominates due to n = 1. But for 

ST·F30 a higher stress exponent n indicates contribution of a different creep 

mechanism. The stress exponent also increases above 900 °C, pointing towards 

contribution of dislocations to the deformation mechanism, thus a transition of 

diffusion to power law creep at higher stresses and temperature is evident. In case of 

ST·F30 the activation energy also appears to show a tendency towards an increase 

with applied stress (390 ± 50 kJ/mol at 30 MPa and 430 ± 70 kJ/mol at 63 MPa from 

850 - 950 °C).  

Table 6-5 Activation energy Qa and average stress exponent 𝑛 for creep of STF100·x. Data were 
obtained from fitting Equation 4-11 to experimental data. 

x 

𝑄 𝑎(kJ/mol) 𝑛 

T (°C) 
Load (MPa) 

950 °C 900 °C 850 °C 
30 63 

0.3 

850-950 

390 ± 50 430 ± 70 2.4 ± 0.2 2.0 ± 0.1 2.0 ± 0.1 

0.5 340  320 ± 30 - 1.2 ± 0.1 1.5 

0.7 330 ± 10 350 ± 10 1.1 ± 0.2 1.5 ± 0.1 1.2 ± 0.2 

0.5 (vacuum) 850-950 280 ± 40 - - 1.6 ± 0.3 - 

 

The activation energies for the undoped STF materials that were discussed in 

chapter 3.2.2 are compared to the activation energies of ST·F100x materials 

obtained from the current work at 30 MPa (Table 6-6). The activation energy for 

diffusion of oxygen in SrFeO3 (SF) and Sr in SrTiO3 (ST) are 54 and 296 kJ/mol, 

respectively [269,270] establishing the A or B cations as the slowest moving species 

controlling the creep rate. In fact, Ti4+ was suggested to be the rate limiting cation in 

case of SrTiO3. 
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It seems that the activation energy decreases when ST is doped with Fe, however, 

the effect appears to be independent of the amount of dopant, since the obtained 

activation energies for the three different doping levels agreed with in the limits of 

standard deviation. In case of SF, the activation energy is very close to the one 

reported for Sr diffusion [270].  

Table 6-6 Activation energies for ST·F100x materials. 

Material 𝑸𝒂 (kJ /mol) Reference 
ST 628 ± 24 208 
ST·F30 390 ± 50 

Current work (271) ST·F50 330 ± 25 
ST·F70 330 ± 10 
SF 260 ± 30 204 

 

Overall, it seems that substituting iron for Ti4+ changes the rate controlling species 

while the doping amount does not seem to influence the activation energy.  

A set of experiments under different pO2 was performed in order to determine the 

oxygen partial pressure exponent, m, where as an example for the ST·F100x series, 

ST·F50 was chosen. The results were already presented in Figure 6-17. Creep rates 

in air and vacuum were almost identical at 850 °C. For higher temperatures a small 

increase is observed for creep rates in air compared to the vacuum data. 

Nevertheless, activation energies for air and vacuum were similar (330 ± 25 kJ/mol 

and 280 ± 40 kJ/mol). The stress exponent at 900 °C for vacuum was determined to 

be 1.6 ± 0.3. The equivalent value for air at this temperature is 1.2 ± 0.1, hence also 

here data agree within the limits of uncertainty. Overall, differences between the 

behavior in air and under vacuum are too small to determine an oxygen partial 

pressure exponent (see also literature chapter 4.5.2). However, as rough estimation 

for the experimentally boundary conditions, the oxygen partial pressure exponent 

was determined to be close to zero. Nevertheless, it appears to increase slightly with 

temperature from 850 to 950 °C as shown in Figure 6-18. 



100 
 

 

Figure 6-18 Creep rate pO2 dependence and oxygen partial pressure exponent of creep rate.  

6.2.4 Microstructural analysis after creep test 

XRD patterns after creep tests revealed only the cubic perovskite phase verifying the 

microstructural stability of the materials (Figure 6-19): 

 

Figure 6-19 XRD patterns at RT after creep test for a) ST·F30 b) ST·F50 c) ST·F70. 

Furthermore, high temperature XRD (HT-XRD) was performed in the same 

atmospheres as in creep tests (air and vacuum) for direct comparison. HT-XRD for 

ST·F50 also verified the structural stability for the material from room temperature up 
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to 950 °C. The cubic perovskite phase was maintained for both atmospheres in the 

entire temperature range. The results of the HT-XRD are presented below:  

 

Figure 6-20 HT-XRD of ST·F50 in air and vacuum. 

The overall expansion behavior of ST·F50 in air and vacuum is illustrated in Figure 

6-20, where the lattice parameter is plotted as a function of temperature. In air an 

increase in the slope was observed above 450 °C, which was ascribed to reversible 

combined thermal and chemical expansion. The total expansion coefficient 

representing both thermal and chemical expansion was calculated from the slope 

according to 𝛼 =
∆𝑙

𝑙0∙∆𝑇
 . For the temperature range 25 – 350 °C the thermal expansion 

coefficient is 13.6·10-6 K-1 and increases to 23.1·10-6 K-1 from 450 – 950 °C, which 

can be attributed to the contribution of chemical expansion. Similar values for the 

overall expansion coefficient for these materials are reported in literature [66,272]. In 

case of vacuum measurement, the XRD revealed two different cubic perovskite 

phases, with slightly different expansion coefficients (15.2·10-6 and 13·10-6 K-1) for 

the temperature range 25 - 950°C. The presence of the second cubic phase can 

most probably be attributed to an experimental error due to a possible temperature 

gradient along the sample holder, which was heated from below. Therefore, this 

phenomenon was not further analyzed. For the main phase, the kink of the slope was 

noticeably less pronounced than in air, indicating that the chemical expansion in 
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vacuum is lower than in air for temperatures above 450 °C. For MIEC perovskite 

materials, the total strain at elevated temperature results from thermal and chemical 

expansion. The parallel initial slope for both atmospheres observed from 25 to ca. 

450 °C is merely attributed to thermal expansion.  

The chemical expansion results from the release of oxygen from the perovskite 

phase. The fact that in vacuum the lattice parameters are higher at room temperature 

indicates that more Fe is initially reduced at 3+ valence state. From the graph it can 

be seen that the reduction starts above 400 °C. The oxygen release is associated 

with the reduction of VI-fold coordinated Fe cations from Fe4+ to Fe3+ initiating an 

increase in the ionic radius during heating (0.585Å Fe4+ to 0.645Å Fe3+) and / or 

decreasing oxygen partial pressure [273.274,275] Simultaneously with the Fe 

reduction oxygen vacancies are released from the lattice to maintain the charge 

neutrality. The chemical expansion increases due to the formation of oxygen 

vacancies (vacancy concentration). Each new vacancy leads to an increase in the 

lattice parameter of the oxide crystal, thus the lattice expands as the oxide becomes 

more non-stoichiometric [276]. The identical lattice parameters observed at 950 °C 

for air and vacuum indicate similar final oxidation state under both conditions, 

however, the energy needed in air to reach such amount of oxygen vacancies is 

higher since Fe is fully reduced at 950 °C.  

To investigate the effect of creep on microstructure, longitudinal cross-sections, 

parallel to the loading axis, were cut from the central part of the samples. SEM 

images for all compositions after creep tests are presented in Figure 6-21. The 

microstructural studies after the creep tests verified again that the material remained 

single phase. Changes in the microstructure regarding grain growth or aspect ratio 

were negligible for all materials.  
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Figure 6-21 Microstructures of ST·F100x materials after creep test a) ST·F30 (last step 850°C 63 MPa 
cooling) b) ST·F50 (last step 950 °C 30 MPa) c) ST·F70 (last step 850°C 63 MPa cooling). 

EBSD grain orientation mappings for ST·F50 compound (Figure 6-22) show the 

distribution of grains in specific orientations. Inverse Pole Figure (IPF) maps in which 

the colors correspond to the crystal orientations are shown in the projection for the 

Euler angle based color scale for the three dimensions X, Y, Z. No specific grain 

orientation was detected for any of the materials parallel to the compressive load 

direction which indicates homogeneous deformation. Same results regarding grain 

orientation were obtained for the other two compounds.  
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6.3 LWO54 

Dense and porous LWO54 have been characterized, the respective results are 

presented in separate sections. Whereas the dense material was investigated to gain 

basic understanding of the material´s behavior, the porous LWO was characterized 

to assess the relationship between mechanical properties and manufacturing process 

and to identify optimization possibilities. 

6.4 Dense LWO 

6.4.1 Structural analysis 

Materials based on IEK-1 powder and CPT powder were characterized. Room 

temperature XRD patterns of LWO54 after sintering are presented below. All 

materials were verified to be single phase, cubic La5.4WO12-δ (ICSD 189792). The 

different relative intensities in Figure 6-23 are due to the different specimen state 

(powder or dense sample). 

 

Figure 6-23 XRD patterns at RT of LWO54 after sintering a) IEK-S1 b) IEK-S2 c) CPT-D1 d) CPT-D2. 

Typical microstructures of LWO54 specimens’ longitudinal cross-sections after 

sintering are presented below:  
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Figure 6-24 Microstructures of dense LWO54 specimens a) IEK-S1 b) IEK-S2 c) CPT-D1 d) CPT-D2 

Porosities and grain sizes were determined are presented in Table 6-7. 

Table 6-7 Microstructural data of tested materials 

 Sintering conditions 
Tsint (°C) / dwell time (h) Porosity (%) Grain size 

(µm) 
IEK-S1 
 1500 / 3 12 ± 3 6 ± 3 

IEK-S2 1500 / 12 3 ± 1 11 ± 4 
CPT-D1 1500 / 15 9 ± 4 9 ± 3 
CPT-D2 1500 / 15 6 ± 1 17 ± 6 

 

In cases of IEK-S1 and IEK-S2 homogeneous microstructures were found. The 

shorter dwell time for IEK-S1 led to a higher porosity and a slightly smaller grain size 

in comparison with the other materials. Although CPT-D1 and CPT-D2 (both 

produced from commercial powder) have identical sintering conditions, the obtained 

grain sizes appear to be slightly different due to the different powder characteristics 

(particle size and specific area BET, see Appendix C) that obviously led to different 
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sintering behavior. Different sintering behavior regarding shrinkage could also be the 

reason for the higher porosity and inhomogeneous pore size of CPT-D1. For these 

samples, besides areas with different porosity, also some big irregular pores were 

observed as will be discussed later in the fractographic analysis (section 6.4.1). 

Overall, the aim of different dwell times was to obtain different grain size in order to 

investigate the effect of grain size on elastic modulus, creep and strength. But due to 

different powder characteristics, the microstructures were not optimal for systematic 

studies in all cases.  

6.4.2 Elastic modulus, hardness and fracture toughness 

6.4.2.1 Indentation results 

Indentation testing permitted a determination of elastic modulus, hardness and 

fracture toughness. The indentation results for a load of 1 N are presented in Table 

6-8. 

Table 6-8 Indentation results for LWO54 materials at RT (load of 1 N). 

Batch name EIT (GPa) HIT (GPa) KIC (MPa∙m½) 
ΙΕΚ-S2 130 ± 2 8.2 ± 0.3 1.11 ± 0.1 
CPT-D1 120 ± 3 7.1 ± 0.4 1.18 ± 0.1 
CPT-D2 94 ± 2 7.3 ± 1.5 0.93 ± 0.1 

 

The IEK-S2 material exhibits the highest Young’s Modulus and micro-hardness. The 

lower values obtained for CPT-D1 and CPT-D2 are probably due to larger porosity 

[277]. The small standard deviation indicates a rather homogeneous microstructure 

compared to the indentation size (volume). Similar fracture toughness values were 

obtained, except for CPT-D2 that exhibits slightly lower values.  
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Figure 6-25 Example of typical indentation imprint for LWO54 at 1 N load (CPT-D2). 

Roa et al. [174] investigated the micro-mechanical properties of LWO materials with 

different compositions and microstructures (porosity > 95 %, grain size 1 - 30 μm, 

some secondary phase segregation) and concluded that Young’s modulus and 

micro-hardness are not affected by the microstructure. The reported values            

(EIT = 130 ± 15 GPa and HIT= 8-9 GPa) are in good agreement with the materials 

tested in the current study except for CPT-D2 that revealed lower values. They report 

a higher fracture toughness of ~ 2 MPa ∙ √m, which might be related to differences in 

micro-structure and/or test parameters (loading rate, Berkovich indenter geometry). 

Nevertheless, the values are comparable to other candidate materials for hydrogen 

transport membrane and proton-conductors for fuel cell applications (see Table 4-6).  

6.4.2.2 Impulse excitation technique 

Only IEK-S2 and CPT-D2 specimens were tested in air to derive representative data 

for the temperature dependency of the elastic modulus. The IEK-S1 samples were 

not fulfilling the geometry requirements for this test.  

20 μm 
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Figure 6-26 Elastic modulus of LWO54 in air (IEK-S2 and CPT-D2) and in Ar / 4% H2 (IEK-S2) as a 
function of temperature measured by the impulse excitation technique. The dashed lines represent the 

model from Hillig [158]. 

The elastic modulus was ~ 140 GPa at room temperature independent of grain size. 

Overall, the values at room temperature are in good agreement with the results 

obtained from indentation and also with literature [156]. However, for CPT-D2 the 

impulse excitation technique yielded a slightly higher value than the indentation tests. 

The differences will be discussed in separate chapter.  

Generally, the elastic modulus of polycrystalline ceramics, without grain boundary 

softening, is expected to decrease by ~ 1 % / 100 Kelvin [278]. For LWO54 a 

decrease by ~ 20 % up to 1000 °C is observed for both materials independent of 

atmosphere and grain size. A change in the slope is indicated at ~ 400 °C and at 

higher T the elastic modulus decreases less pronounced with increasing temperature 

up to 1000 °C.  

The temperature dependence of elastic modulus can also be described by the Hillig 

model, using E0 = 140 GPa with a melting temperature of Tm = 1960 °C (from the 

phase diagram La2O3-WO3 [115]). The model predicts that the elastic modulus 

decreases by ~ 20 % up to 1000 °C, similar to the experimental results. The kink at ~ 

400 °C might be attributed to chemical or thermal expansion related effects at this 

temperature. Escolástico et al. [280] performed TGA measurements after permeation 
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tests and observed a weight loss at 400 °C temperature suggesting oxygen release 

from the matrix.  

6.4.2.3 Ring-on-ring bending test 

LWO54 materials were tested in ring-on-ring bending in order to determine the effect 

of microstructure on elastic modulus at room temperature. The tested batches were 

IEK-S2, CPT-D1 and CPT-D2. Samples from IEK-1 powder were not available due to 

limited amount of powder. Elevated temperature tests were only carried out for 

samples of the commercial powder CPT-D1 (Figure 6-27). Batch CPT-D2 was also 

tested at elevated temperatures but samples broke during heating before the 

measurement started. The reason will be discussed in fractography analysis (6.4.1) 

 

Figure 6-27 Evolution of Young’s modulus with temperature for LWO54 (CPT-D1) tested with impulse 
excitation and ring-on-ring method. 
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Table 6-9 Comparison of elastic moduli of LWO54 materials determined with different methods 

Test Method 
Batch name Testing  

conditions 
ΙΕΚ1-S2 CPT-D1 CPT-D2  

Ring-on-ring 
(prepared surface) 120 ± 6 127± 6 130 ± 20 RT 

Ring-on-ring 
(unprepared surface) 100 ± 20 - - RT 

Indentation 130 ± 2 120 ± 3 94 ± 2 RT 

Impulse Excitation 136 - 142 RT 

 

The results show an average elastic modulus of ~ 120 GPa obtained at room 

temperature for all tested materials (Table 6-9). Similar as obtained by the other 

methods, slight differences observed via indentation testing are not visible in the 

global bending test results. The effect of temperature on the elastic modulus was 

investigated for the CPT-D1 batch. The decrease with increasing temperature agrees 

with the impulse excitation results, although at 400 °C a slight increase is observed, 

whereas in impulse excitation a kink was observed at ~ 400 °C suggesting that the 

onset of chemical or thermal expansion differences might affect both test results in a 

different way.  

6.4.2.4 Comparison of elastic modulus testing methods 

From the results discussed in the previous paragraphs, it can be seen that impulse 

excitation yields slightly higher Young’s moduli for the tested materials. The ring-on-

ring test is quite sensitive to the surface condition and hence sample preparation, i.e. 

wavy surfaces lead up to 20 % different results for the same batch. When flat 

surfaces are ensured, the elastic modulus values are ~ 10 % lower than obtained via 

impulse excitation. Regarding indentation tests, specimens with very good 

preparation (flat and parallel surfaces, minimum roughness) lead to values that agree 

with impulse excitation. Nevertheless, lower values for CPT-D2 indicate differences in 

micro- and macro-mechanical properties for this material.  
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6.4.3 Strength 

Fracture stress measurements were performed in ring-on-ring geometry at room 

temperature for batches IEK-S2, CPT-D1 and CPT-D2. The selection of specific 

batches was described earlier (see chapter 5.1.3). Mean values of strength are in 

good accordance with characteristic strength estimated from Weibull analysis      

(Table 6-10). 

Additionally, a set of experiments was performed at room temperature with different 

loading rates to assess possible effects of subcritical crack growth. Furthermore, 

CPT-D1 batch was tested up to 1000 °C in order to determine the effect of 

temperature on strength. Weibull analysis was performed in the cases where 

specimen numbers were reasonable for statistical analysis as described in chapter 0. 

Note, that according to DIN the specimen number was too low for a Weibull analysis, 

hence it should only serve as an indication of the materials behavior. 

A typical Weibull plot is presented in Figure 5-28 for batch CPT-D1. The equivalent 

graphs for the other batches are presented in Appendix C. The results for all batches 

are summarized in (Table 6-10). 

 

Figure 6-28 Weibull plot for LWO54 (batch CPT-D1) at room temperature. 
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Table 6-10 Strength results for LWO54 materials at room temperature.  

 
Batch name 

IEK1-S2 CPT-D1 CPT-D2 

Number of specimens, N 13 9 9 

Characteristic fracture strength σ0 

(MPa) 124 ± 6 59 ± 3 50 ± 3 

Mean fracture strength (MPa) 115 ± 20 56 ± 7 47 ± 7 

Lower (0.95%) t0.95 / upper (0.05%) t0.05 

Confidence bounds on σ0 112 / 137 53.6 / 65.2 45.1 / 54.7 

Biased Weibull Modulus w 
* standard error linear regression 6.2 ± 0.4* 8.7 ± 0.6* 8.0 ± 0.7* 

Unbiased Weibull Modulus wub 5.5 ± 1.5 7.2 ± 2.4 6.7 ± 2.2 

Lower (0.95%) q0.95 / upper (0.05%) q0.05 

Confidence bounds on w 3.4 / 7.2 3.8 / 9.9 3.5 / 9.2 

Elastic Modulus (GPa) 120 ± 6 127 ± 6 130 ± 20 

Fracture strain ε (%) 0.1 0.04 0.04 

 

The LWO54 material prepared by solid state synthesis route (IEK1-S2) has almost a 

factor ~ 2 higher strength than the batches prepared from commercial powder (CPT-

D1 and CPT-D2). This can be related to the more homogeneous microstructure of 

the IEK1-S2 material. In case of CPT-D2 large agglomerates and irregular pores 

were found (see fractographic analysis chapter 5.4.1). Also, a secondary Ba rich 

phase was detected by EDX analysis. Although the CPT-D2 batch also exhibited 

lower strength values, the microstructure was rather homogeneous with similar 

porosity as obtained for the IEK-S2 batch (see chapter 6.4.1). Therefore, the values 

appear also to reflect the effect of grain size on strength. Larger grain sizes are 

known to lead to lower strengths [168]. The differences in fracture stress are also 

reflected in fracture strain, where the values are higher for the IEK-S2 batch. 

Measurements with different load rates were performed for CPT-D1 in order to 

investigate if the material is prone to subcritical crack growth (SCG). This 

experimental set did not reveal a variation in the strength values in the limits of 
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standard deviation (see Figure 6-29), implying that the material is not significantly 

sensitive to subcritical grain growth at RT in air.  

 

Figure 6-29 Average strength obtained for different load rates. (CPT-D1 batch). 

Another set of experiments was performed for the CPT-D1 batch to characterize the 

elevated temperature strength. The results are illustrated in Figure 6-30. Due to the 

limited number of tested specimens, Weibull statistics was not applied and only mean 

values are presented. Testing of CPT-D2 samples was not possible since specimens 

broke during heating as described earlier.  

 

Figure 6-30 Dependence of strength and E on temperature. 

The strength of most ceramics decreases monotonously with temperature. In the 

case of LWO54 an unusual increase of strength is observed at 400 °C from 56 ± 7 to 

100 ± 8 MPa (note, at this temperature also the elastic modulus increased). At higher 
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temperatures (600 – 1000 °C), the strength decreases again. The overall decrease 

from room temperature to 1000 °C was ~ 45 %.  

A set of experiments was performed at 400 °C with different heat treatment in order 

to determine if this unusual behavior is related to chemical strain effects. A sample 

was heated up to 1000 °C, cooled down to 400 °C, where it was tested and another 

sample was heated up to 400 °C, and the load was applied after 12 hours dwell time.  

Whereas the sample tested after cooling from 1000 °C revealed almost the same 

strength (see Table 6-11), the dwelled sample showed a 20 % lower strength. In 

case of chemical- thermal expansion, dwelling at this temperature could modify the 

stress distribution due to diffusional processes. No significant effect on elastic 

modulus was observed. Still, to strengthen this argument more tests are required 

since this value could be statistical result. In this study more tests could be done due 

to lack of specimens of the specific batch. 

Table 6-11 Experimental setup CPT-2 batch at 400°C  

Heating profile Mean strength σΒ (MPa) E (GPa) 
Standard, heating to 400°C 108 ± 10 122 ± 3 
Heating to 1000°C / cool to 400°C 107 129 
Heating to 400°C / dwell 12 h 86 120 

 

6.4.1 Fractography 

After ring-on-ring tests, the broken discs were used for fractography analysis 

according to the ASTM C 1322-05b in order to locate and characterize fracture 

origins. Localization of fracture origin was started by analyzing fracture patterns of 

the three batches.  

The IEK-S1 batch shows high energy fracture patterns, thus the possible failure 

initiating defects were small and not easy to be located. Moreover, a very 

homogeneous and fine microstructure was observed for both, fractured and polished 

surfaces.  

The batches prepared from the commercial powder CPT-D2 broke with a lower 

energy fracture pattern, hence, it was possible to identify failure origins. In case of 

CPT-D1 fractography analysis revealed agglomerate like defect as typical failure 

origin (Figure 6-31), related to local clusters of shell like voids formed in numerous 
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locations in the bulk. Such irregularities were also observed on polished cross-

sections. The size of the defects was found to be about 50 - 170 μm. Moreover, EDX 

analysis (Appendix C) in the polished surface revealed a secondary Ba rich phase. 

Another observation from fractography analysis is that crack propagation seems to 

be mostly trans-granular. This is in agreement with indentation results where straight 

indentation lines indicate trans-granular crack propagation.  

 

Figure 6-31 Microstructure of LWO54 (batch CPT-D1) showing agglomerates as failure origin in a 
fracture surface σΒ =44ΜPa (left) irregular pores and agglomerate in a polished cross section (right). 

The CPT-D2 batch indicated lower room temperature strength values than both IEK-

S2 and CPT-D1 batches. For this material, zones with higher porosity were identified 

as failure origin. The size of these porous zones was around 80 μm. They were found 

in a larger number of places in the matrix close to the surface and inside the bulk. 

Thus, they were considered as volume defects.  

20μm 20μm 
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Figure 6-32 Fracture surface of LWO54 (batch CPT-D2 σΒ=22 MPa) after ring-on-ring test at room 
temperature showing a pore zone as failure origin. 

As failure origin for CPT-D2 specimens fractured at 1000 °C a crack around a porous 

zone similar to the one shown in Figure 6-32 was determined. But also segregation 

of impurities in the form of very fine grains between the matrix grains was detected. 

EDX verified Zr, Al, Cr and Fe contaminations. A rough estimation yielded a flaw size 

about 600 μm. Such a failure origin is illustrated in Figure 6-33. A detailed EDX 

analysis is presented in Appendix C.  

        

Figure 6-33 Fracture surface of LWO54 (CPT-D2 batch) broke before tested at 1000 °C. Higher 
magnification (right) show secondary phase as fine grains located (red circle) on the grains of the 

matrix. 

Overall, it seems that the IEK-S2 batch has a higher strength due to its finer 

microstructure. Irregularities such as big pores, agglomerates and impurities have 

detrimental impact on strength, especially at higher temperatures. In all cases the 

fracture mode was transgranular and the defects were located in the bulk of the 

material thus allowing the use of effective volume in the Weibull size scaling.  

20μm 

200 μm 10 μm 
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From the fracture stress and the representative size of the defects identified as 

failure initiator (critical defect size), the fracture toughness can be calculated using 

the Griffith equation (Equation 4 - 10), yielding KIC ~ 0.5 MPa ∙ √m for CPT-D1 

(σΒ=31.5 MPa, c=145 μm) batch and ~ 0.2 MPa ∙ √m for CPT-D2 (σΒ=22 MPa, c=80 

μm). These values are much lower than the ones determined via indentation, 

probably due to complexity and three dimensional nature of the defect type. Thus, 

the fracture toughness yielded by these calculations is a rough estimation.  

6.4.2 Creep tests 

The creep rates obtained for LWO54 are presented in Appendix C, while the 

Arrhenius plots for all compositions for applied stresses of 40 and 63 MPa in air are 

presented in Figure 6-34. 

 

Figure 6-34 Arrhenius plots for LWO54 materials for applied stresses of 40 and 63 MPa in air. 

Sample batches IEK-S1, IEK-S2 and CPT-D2 were tested with respect to creep 

deformation. The selection criterion was based on the grain sizes of the samples; 

therefore, CPT-D1 which had the same grain size as IEK-S2 was excluded from the 

test series.  

The IEK-S2 material, which had an intermediate grain size (~ 10 μm) was tested over 

the temperature range 700 – 1450 °C (0.43 ≤ T/ Tm≤ 0.77) at nominal stresses of 20 

– 63 MPa in air. Indications of creep deformation were observed above 900 °C for 63 

MPa. However, at this temperature the deformation rate was close to the limit of 

measurement uncertainty (~1.5 μm / 24 hours), therefore, only creep rates at T ≥ 
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1150 °C were used for creep characterization. Creep deformation seems to be 

insignificant at the operation relevant temperatures of 600 – 800 °C for dense 

LWO54 materials. Furthermore, creep rates obtained at 1050 °C for IEK-S2 during 

heating and cooling thermal cycle are almost identical (difference between the values 

14 %) thus excluding a hysteresis effect (see BSCFZ related chapters). The obtained 

creep rates were similar for IEK-S2 and CPT-D2 material, while IEK-S1 revealed 

higher creep rates as can be seen in Figure 6-34.  

The creep parameters were determined by multi-linear fitting of Equation 4 – 11, 

similar as for the other tested materials. The results are presented in Tables 6-12 to 

6-14, while the plots are given in Appendix C: 

Table 6-12 Activation energies of LWO54 materials 

Stress IEK1-S1 IEK1-S2 CPT-D2 
1050 – 1250°C 1250 – 1350°C 1050 – 1250°C 1250 - 1350°C 1250 - 1350°C 

20 - - 190 ± 40 380 - 
40 - 405 210 ± 30 480 480 
63 330 ± 10 420 - -- 565 

Table 6-13 Stress exponents for LWO54 materials 

Τemperature (°C) Material 
IEK1-S1 IEK1-S2 CPT-3  

1050 - 0.60 ± 0.01 - 
1150 - 0.80 ± 0.05 - 

1250 1.20 ± 0.10 1.00 1.70  
 

1350 1.20 ± 0.15 1.70 1.50 
1450 - 1.20 - 

Table 6-14 Inverse grain size exponent p for LWO54 materials 

Temperature (°C)  Stress 
40 MPa 63 MPa 

1150 - 1.9 ± 0.3 
1250 1.5 ± 0.2 1.4 
1350 1.0 ± 0.1 0.8 

 

An average activation energy of 450 ± 35 kJ/mol for 1250 – 1350 °C at 40 MPa along 

with an average stress exponent of 1.2 ± 0.4 for 1050 – 1450 °C for all materials 

indicate diffusional aided creep.  

The activation energies are in good agreement with those obtained from 

interdiffusion studies, i.e. Vøllestad et al. [279] reported activation energies of 410 ± 
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30 kJ/mol and 450 ± 30 kJ/mol for La and W, respectively, for 1150 – 1350 °C in air 

and 5% H2 / Ar. The diffusion coefficient for La diffusion through grain boundaries 

was determined to be 170 ± 50 kJ/mol. It was concluded that this reflects migration 

via a common mechanism for both species, facilitated by vacancies in the lanthanum 

sub-lattice. 

The stress exponents are close to 1 and increase slightly with temperature for the 

IEK-S2 material. The jump to n ~ 1.7 at 1350 °C was biased by primary creep effects 

for the respective material.  

The inverse grain size exponent p in Table 6-14 is independent of stress but 

decreases with increasing temperature.  

The various possible creep mechanisms give rise to different combinations of 

exponents n and p so that the transitions from one mechanism to another could be 

defined. At 1150 °C p ~ 2, (Note that p only changes for temperature, Table 6-14) 

only IEK-S2 material with the grain size ~ 11 μm was tested at 1150 °C, and yielded 

n ~ 1. This suggests diffusional creep where the diffusion path could be either along 

the grain boundaries (Coble) or through the grains (Nabarro- Herring) according to 

Table 4-7. Vǿllestand et al. [279] determined the activation energy of La through 

grain boundaries in air to be 170 ± 50 kJ/mol, similar to the activation energy derived 

for IEK-S2 material at this temperature. With increasing temperature p slightly 

decreases, up to 1250 °C, to ~ 1.5. For IEK-S1 and IEK-S2 materials with grain size 

up to ~ 10 μm the stress exponent is close to 1, while for CPT-D2 with larger grains 

(~ 17 μm) the stress exponent is slightly increased (n ~ 1.7). For CPT-D2 it seems 

that additional mechanisms contribute to the diffusional mechanism. For the IEK-S1 

and IEK-S2 materials with smaller grain size, again a combination 1 < p < 2 and n ~ 1 

is found and diffusional mechanism is suggested. Moreover, a kink in activation 

energy is observed at this temperature (Table 6-12) for IEK-S2, indicating a transition 

from Coble to Nabarro-Herring creep. For IEK-S1 or CPT-D2 materials this kink was 

not observed. Coble creep also dominates for smaller grain sizes (Figure 4-3), hence 

this behavior could be valid only for the intermediate grain size. To verify this 

hypothesis, studies with a broader grain size range are required. In case of CPT-D2, 

measurable creep rates could not be obtained for the lower temperature range. 

Moreover, the activation energies reported by Vǿllestand et al. [279] are similar to the 
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ones obtained for T ≥ 1250 °C. Another possibility could be the transition of anions 

(O2-) to cations (La or W) as the creep rate controlling species.  

For further increase to 1350 °C, p decreases from 1.5 at 1250 °C to 0.8 (hence p is 

taken to be close to 1). For IEK-S2 material the stress exponent n is close to 1. Since 

no theoretical identification of creep mechanism is possible for the combination of n ~ 

1 and p ~ 1, it is assumed that other mechanisms contribute to creep deformation 

and there might be a transition to GBS. Overall, similar to the outcome of the 

diffusional studies by Vøllestad et al. [279] migration seems to occur via a common 

mechanism for both species via both, lattice and grain boundaries. 

Creep tests were also performed under vacuum (10-2 bar) in order to determine the 

oxygen partial pressure dependence under Ar / 4% H2 as well as wet Ar / 4% H2 in 

order to gain information regarding the creep behavior under operation related 

atmosphere. Sputtering was used to coat the sample with a thin Pt layer (1 μm) to 

improve the catalytic activity and to avoid surface limitation of kinetics. An additional 

annealing step of 12 h at 900 °C was applied to reach the H+ concentrations in the 

lattice similar to permeation experiments [280]. Moreover, it was found that 

continuous gas flow was required to maintain constant amount of Ar / 4% H2 in the 

chamber.  

A testing temperature of 1000 °C was selected. The applied stress and measurement 

time were chosen to obtain reliable secondary creep rates. Results along with testing 

conditions are summarized in Table 6-15 and presented in Figure 6-35: 

Table 6-15 Creep rates and testing conditions for LWO54 specimens at 1000 °C.  

Material Stress 
 (MPa) 

Atmosphere 
 Conditions Creep rates 

(s-1) 
IEK1-S2 40 Air Typical 1.0 * 10-9 
IEK1-S2 40 Air Pt coating 2.0 * 10-9 
IEK1-S2 40 Ar/ H2 4% 3.0 * 10-9 

IEK1-S2 40 Ar/ H2 4%, H2O 2.5% Pt coating,  
continuous gas flowing 1.5 * 10-9 

IEK1-S2 40 Ar/ H2 4% Pt coating 9.6 * 10-10 
CPT-D2 100 Air Typical 7.8 * 10-10 

CPT-D2 100 Vacuum 
(10-2 mbar) Typical 7.2 * 10-10 
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Figure 6-35 Effect of atmosphere on creep rates of LWO54 (IEK-S2) at 1000°C, 40 MPa. 

From the results it can be seen that the creep rates are quite similar for both 

materials. Similar creep rates were obtained for CPT-D2 material under air and 

vacuum. Regarding IEK-S2 material, it seems that Pt coating does not affect the 

creep rates in air. In case of Ar / 4% H2 with continuous gas flow and 2.5 % H2O in 

the chamber, slightly lower creep rates are observed. It seems that there is no 

significant effect of H2 on the creep rates under the present testing conditions 

(uncertainties of obtained values ~ 50 %). However, looking at the plot in Figure 6-35, 

there might be an effect of the gas supply, which could not be kept constant during 

the test due to the setup limitations.  

For CPT-D2 material a rough estimate yielded n ~ 0.5 at 1000 °C in vacuum and a 

partial oxygen stress exponent of m ~ 0 can be determined, indicating the same 

behavior as in air.  

6.4.3 Microstructures after creep testing 

To investigate the effect of creep on the microstructure, longitudinal cross-sections, 

parallel to the loading axis, were cut from the central part of the samples. The single 

phase microstructure was verified via XRD and SEM analysis of polished surfaces. 

Grain size analysis was performed for thermally etched surfaces in order to gain 

more information about the creep mechanism. Micrographs and grain size analysis 

are presented in Figure 6-36 and Table 6-16, respectively. 
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Figure 6-36 Thermally etched microstructures of LWO54 materials after creep test a) IEK-S1 (last step 
1350°C, 63 MPa) b) IEK-S2 (last step 1450 °C ,40 MPa) c) CPT-D2 (last step 1350°C, 63 MPa). 

Table 6-16 Grain size analysis for LWO54 materials  

Material Before Creep After creep 
IEK1-S1 6 ± 3 8 ± 4 
IEK1-S2 11 ± 4 13 ± 5 
CPT-D2  17 ± 6 20 ± 8 

Overall, it appears to be a tendency for a small grain size increase is for all materials. 

However, it is within the limits of standard deviation.  

Although phase change or contaminations were not observed after the tests, some 

changes were visible on the surface of the samples. In case of IEK-S2 material 

tested at 1450 °C in air, EDX indicated a W depletion (Figure 6-37). It seems that at 

this temperature, the stoichiometry changes and volatile WOx is produced. A SEM 

image of this sample is presented below (detailed EDX analysis in Appendix C). 

Since the effect is limited to the surface of the specimens, an effect onto the creep 

test results can be ruled out. However, sintering for shorter time at 1500 °C or even 

lower temperatures might be appropriate.  

c)  

20μm 

a) 

20 μm 20μm 

b)  
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Figure 6-37 Backscattered SEM Image of LWO54 (IEK-S2) after creep test at 1450°C (surface of 
sample). Two phases are present. 

6.5 Porous LWO 

6.5.1 Structural analysis 

The surfaces of the delivered samples were of different color. XRD analysis verified 

that the red color was attributed to a much higher (5 times) amount of the secondary 

phase La6W2O15 (PDF 00-037-0124). On the red side of the samples the secondary 

phase was ~ 20% wt. 
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Figure 6-38 XRD comparison of La6W2O15 on both sides of CPT-P-29 specimen. 

The results are summarized in Table 6 – 17. As can be seen, the higher amount of 

pore former leads to higher porosities. A problem in case of higher porosity is the 

shape of the delivered samples: samples with highest porosity exhibit significant 

bending, which, although the method is less sensitive to shape variations that the 

ring-on-ring test, might have biased the ball-on-3 ball test results.  

Table 6-17 Microstructure features of porous LWO54 materials 

Material 
Pore former 

(%) 
Porosity 

(%) 

CPT-P-29 20 30 ± 1 

CPT-P-25 25 32 ± 1 

CPT-P-26 35 39 ± 1 
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The microstructures of the porous LWO54 (cross-sections) materials are presented in 

Figure 6 – 39. 

 

 Figure 6-39 Cross- sections of porous LWO54 materials a) CPT-P-29 b) CPT-P-25 c) CPT-P-26. 
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6.5.2 Strength (Ball-on-3-balls)  

The summarized strength results of the LWO54 porous materials are presented in 

Table 6-18: 

Table 6-18 Strength results for porous LWO54 materials at room temperature 

 
Batch name 

CPT-P-29 CPT-P-25 CPT-P-26 

Number of specimens, Ν 28 27 14 

Characteristic fracture strength σ0 

(MPa) 87.3 ± 1.0 82.3 ± 2 66.7 ± 2 

Mean fracture strength (MPa) 84.2 78.1 63.4 

Lower (0.95%) t0.95 / upper (0.05%) t0.05 

Confidence bounds on σ0 85.3 / 89.4 78.6 / 86.2 63.3 / 70.3 

Biased Weibull Modulus w 
* standard error linear regression 15.7 ± 1.3 8.4 ± 0.5 11.1 ± 1.5 

Unbiased Weibull Modulus wub 15 ± 3 8 ± 1.5 10 ± 2.7 

Lower (0.95%) q0.95 / upper (0.05%) q0.05 

Confidence bounds on w 11.1 / 18.4 5.9 / 9.8 6.3 / 13.1 

 

It can be seen from Figure 6-40 and Figure 6-41 that increasing porosity leads to an 

almost linear reduction of strength. Moreover, the batch with lowest porosity shows 

higher Weibull modulus w, indicating more homogeneous distributions of the flaw 

population in the material. 
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Figure 6-40 Weibull plots for LWO54 porous materials. 

 

Figure 6-41 Effect of porosity on strength and Weibull modulus of tape casted LWO54. The noted 
sides indicate which side (red; rich in secondary phase, white; cubic La5.4WO12-δ) were in tension. 

In order to clarify whether the secondary phase influences the strength, LWO54 

samples were tested both with the higher amount of the secondary phase (red side) 

in tension or compression. As it can be seen in Figure 6-41, the secondary phase 

leads to lower strength values and this effect is most pronounced for higher porosity.  
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6.6 NWO55 

The microstructure of NWO55 after sintering is presented in Figure 6-42. It was 

verified by XRD and SEM analysis that the material had a cubic, single phase, crystal 

structure (ICSD 189792), and a homogeneous microstructure with ~ 8 % porosity and 

fine grains (average grain size of 1 ± 0.5 μm). The elastic modulus determined by 

indentation was EIT = 125 ± 5 GPa. 

 

Figure 6-42 Microstructure of NWO55. 

The creep rates obtained for NWO55 are presented in Appendix D, while the 

Arrhenius plots for stresses of 20, 40 and 63 MPa in air are presented in Figure 6-43. 

The Arrhenius plot of LWO54 with the smallest grain size under the stress of 63 MPa 

is plotted for comparison. 

a) 

80 μm 

b) 

2 μm 
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Figure 6-43 Arrhenius plots for NWO55 & LWO54 (IEK-S1) materials at 20, 40 and 63 MPa in air. 

Similar to LWO54, measurable deformation rates were obtained at T ≥ 1050 °C for all 

stresses. The creep parameters were calculated similar as for the other materials and 

the results are presented in the Table 6-19. 

Table 6-19 Creep parameters of NWO55 

Stress Qa (kJ/mol) Stress exponent n 
1050 – 1250 °C 1250 – 1350 °C Temperature (°C)  

20 495 ± 45 580 1050 0.9 ± 0.03 
40 525 ± 20 565 1150 1.6 ± 0.03 

63 544  1250 1.4 
1350 1.3 

 

An average stress exponent of n = 1.3 ± 0.2 and an activation energy of 𝑄𝑎 = 540 ± 

30 kJ/mol suggests creep mechanism, similar as for LWO54 material. The stress 

exponent increases after 1150 °C. However, no significant change of the activation 

energy with temperature is observed similar to LWO54 with the smallest grain size 

(IEK-S1). The activation energy of NWO55 at 63 MPa for the temperature range 

1250 – 1350 °C is higher than that of IEK-S1 material. Overall, NWO55 shows higher 

creep rates than LWO54 (IEK-S1), which could be attributed to the microstructure 

(smaller grains for NWO55).  

Diffusivity studies by Vǿllestad et al. [279] showed that enhanced grain boundary 

diffusion was the case in cation migration of this compound. The reason of this 
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behavior remains unclear and more investigations should be done for a deeper 

understanding. However, they suggested two possible explanations for the favoring 

of grain boundary diffusion: first could be that NWO55 possesses a crystal structure 

less cubic than the lanthanum-based tungsten oxides, thus the misfit and re-

arrangement of the lattices around the grain boundaries enhances the grain 

boundary diffusion. The second explanation could be simply due to the 

microstructure: due to small grain size a higher concentration of grain boundaries is 

yielded. More investigations are necessary to clarify this behavior. 
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7 Conclusions 

The results of the current work as well as suggestions for further work are separately 

summarized for the investigated materials in the following chapters. A comparison of 

these materials is also presented.  

7.1 BSCF∙Z100x 

Micro-structural studies of BSCF∙Z100x materials verified the suppression of grain 

growth with increasing amount of Zr doping. The solubility limit of Zr in BSCF matrix 

was found to be ~ 4 %. Above this value, the secondary phase (Ba/Sr)ZrO3 forms 

mainly on the grain boundaries.  

The derived activation energies and stress exponents imply that diffusional creep is 

the predominant mechanism for BSCF∙Z100x ceramics at T ≥ 850 °C. This was 

further supported by the fact that the grain-size-normalized creep rates vary little for 

the different BSCF∙Z100x compounds. Doping with 10 % Zr was found to increase 

the stress exponent to ~ 4 indicating a transition from diffusional to power law creep.  

The kinetics of the formation / dissolution of the hexagonal phase previously reported 

for BSCF was studied by high temperature XRD. The hysteresis loops observed 

during creep tests agree with the presence of the hexagonal phase in the structure. 

Zr doping does not seem to prevent the formation of this phase even in case of 10 % 

doping.  

Hence, it was shown that creep resistance of BSCF is not improved by Zr doping. 

Moreover, the microstructure plays an important role with respect to the creep 

resistance as verified by a normalization of creep rates with respect to the grain size. 

Hence, it can be suggested that a modification of the microstructure (larger grains) 

might be a better strategy to obtain a more creep resistant material than doping. 

Obviously, porosity which is a necessity for substrates that are used as support for 

the dense membrane layers will further increase the creep rates, hence having a 

potential to render doped BSCF unsuitable for the application as substrate material 

for dense oxygen transport membrane layers.  

 



133 
 

7.2 ST∙F100x 

The micro-indentation technique yielded, in good agreement with literature data, a 

room temperature Young’s modulus of 170 ± 10 GPa and a fracture toughness of 

0.92 ± 0.02 MPa · √m for all tested STF variants. Compressive tests indicated higher 

creep rates for ST∙F70. Overall the materials were stable maintaining the cubic 

perovskite phase. This was partly verified by HT-XRD and creep testing; where no 

creep hysteresis was found, although limited specimens amount and thermally 

induced fracture of the ST∙F50 specimen did not permit a verification of these 

findings for this composition. The activation energies are similar for all compounds 

with an average Qa = 360 ± 40 kJ / mol and it seems that the Fe amount does not 

alter the activation energy significantly. Creep parameters yielded in case of ST∙F50 

and ST∙F70 an average stress exponent n of 1.3 ± 0.2 indicating a diffusional 

mechanism, while for ST∙F30 a higher n ~ 2 which increased at the higher testing 

temperature of 950 ° C suggests the contribution of an additional mechanism, i.e. 

above 950 °C a transition from diffusion to power law creep seems to appear           

(n = 2.4 ± 0.2).  

A comparison with activation energies from literature derive either from creep tests or 

diffusivity studies revealed that the obtained values for ST∙F100x compounds lie 

between the data reported for the end members of the ST∙F100x range SrFeO3 (Qa = 

260 ± 30 kJ/mol [204]) and SrTiO3 (Qa = 628 ± 24 kJ/mol [208]). This is indicating that 

the substitution of iron by Ti4+ changes the rate controlling species, while the doping 

amount does not seem to influence the activation energy. 

In case of ST∙F50 additional creep tests were also performed in vacuum, yielding 

similar creep rates like in air. However, slightly a lower activation energy was 

determined in vacuum for this material (280 ± 40 kJ/mol in vacuum compared to 340 

kJ/mol in air). An oxygen partial pressure exponent close to zero was determined 

indicating that creep is independent of pO2 under the respective testing conditions 

and, hence, since chemical strain gradients will not exist, the material is suitable for 

operation in oxygen partial pressure gradients. HT- XRD in similar atmospheres 

verified the similarity of chemical/thermal expansion in both atmospheres. 

Nevertheless, the effect of the overpressure on the stress state of the membrane has 

to be considered.  
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Overall, it seems that ST∙F100x materials fulfill the 1 % strain [214] per year criterion 

that was suggested in literature for the stability under compressive creep conditions 

with lower creep rates than BSCF∙Z3 and BSCF materials. Furthermore, stability 

under the application relevant conditions for the OXYFUEL process seems to be 

promising. Due to their lower creep rate, ST∙F70, ST∙F30 and ST∙F50 seem to be 

better alternative to BSCF and BSCF∙Z materials. Most important regarding the creep 

mechanism and its relation to pO2 more investigations in wider pO2 range should be 

performed. In order to see if the optimization of microstructure could further improve 

the creep resistance, given that the creep is governed by diffusion, systematic 

studies regarding the grain size should be performed. Again, regarding the 

application, the effect of porosity on creep needs to be investigated, since it can lead 

to higher creep rates exceeding the 1 % strain per year criterion.  

7.3 LWO54 

The room temperature Young’s modulus determined using three different test 

methods is ~ 130 GPa, independent of grain size. A decrease in Young ’modulus by 

~ 20 % was determined up to 1000 °C and this trend was again independent of the 

grain size. A slight kink was observed at 400 °C, possibly due to oxygen release from 

the lattice. Moreover, this behavior was the same in an Ar / 4 % H2 atmosphere for 

the same temperature range.  

Fracture toughness at room temperature from indentation tests was 1.07 ± 0.1 

MPa∙m½ for all tested materials.  

Ring-on-ring bending tests revealed for dense LWO54 with a rather homogeneous 

microstructure a characteristic strength of σ0 = 59 ± 3 MPa. It was shown that a factor 

~ 2 higher strength value could be obtained for homogeneous microstructure          

(σ0 =124 ± 6 ΜPa for dense LWO from IEK1 powder). Large agglomerates, irregular 

pores and pore zone areas were identified as strength limiting flaws by fractography. 

Strength was found to decrease by ~ 30 % up to 1000 °C. An unexpected strength 

increase by ~ 50 % at 400 °C was observed. Complementary annealing studies 

indicated a relationship to the onset of chemical / thermal expansion, where longer 

annealing leads to lower strength. However, further verification is necessary. The 

strength was independent of the loading rate. Hence, LWO54 does not seem to be 

prone to subcritical crack growth effects.  
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Extensive creep studies revealed that LWO54 creep is governed by cation diffusion 

as the predominant mechanism. The creep parameters were determined to                

n = 1.2 ± 0.3, p = 1.3 ± 0.4 Qa = 370 ± 120 kJ / mol in the temperature and stress 

range 1050 – 1450 °C and 20 – 63 MPa, respectively. The activation energies were 

in good agreement with diffusion studies by Vøllestad et al [279] who suggested that 

the migration appears to be a combination of cations along grain boundaries and / or 

lattice.  

LWO54 seems to fulfill the 1 % strain per year criterion [214]. Therefore, regarding 

creep it seems to be a suitable candidate material for application. Although diffusivity 

studies revealed lower proton diffusivities for Ar / 4 % Η2 atmosphere, creep 

experiments in the current work did not reveal any significant change in the creep 

rates under different atmospheres.  

Regarding porous material it was shown that strength decreases almost linearly with 

increasing porosity for the investigated porosity regime (30 – 40 %). Therefore, an 

optimum porosity around ~ 30 % regarding strength could be suggested. The Weibull 

modulus was found to range from 10 – 20 (range is due to porosity and secondary 

phase) indicating a reliable manufacturing process with a homogeneous flaw 

distribution. Nevertheless, the manufacturing process can be further optimized, i.e. 

other parameters like grain size or pore formers that lead to different pore shapes 

could be examined. Since the material will be used in CO2 environment, this aspect is 

also of great importance. The effect of porosity on creep is also of great importance 

for this material since it will lead to higher creep rates. 

A brief study on the creep of the proton conductor NWO55 indicated that creep is 

again controlled by cation diffusion. An average stress exponent of n = 1.3 ± 0.2 and 

an activation energy Qa = 540 ± 30 kJ/mol suggest diffusional creep similar to 

LWO54 material. 
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7.4 Comparison of materials  

Figure 7-1 presents a comparison between creep rates of ST·F100x and well known 

perovskite membrane materials; La0.6Sr0.4Co0.8Fe0.2O3-δ (LSCF [267]),  

SrCo0.8Fe0.2O3-δ (SCF [205]), Ba0.5Sr0.5Co0.8Fe0.2O3-δ (BSCF) [45] and    

La0.5Sr0.5CoO3-δ (LSC) [281] at T = 900 °C and stress range 5 – 100 MPa:  

 

Figure 7-1 Norton plots for OTM materials at 900 °C [45,205,267,281]. 

It can be seen that ST·F100·X is a suitable alternative to BSCF regarding creep. In 

case of BSCF the 1 % strain per year criterion is exceeded [214]. At 900 °C an 

acceptable stress level to avoid exceeding the 1 % strain per year limit [214] is          

~ 8 MPa for ST·F30. The equivalent stress for ST·F70 would be ~ 2 MPa. Naturally, 

at lower operational temperatures higher acceptable stress levels can be expected. 

Furthermore, contrary to BSCFZ which revealed hexagonal phase formation, the 

ST·F100x materials were verified to maintain their cubic phase at elevated 

temperatures It has to be emphasized that for substrates that need to have a porosity 

of 20 – 40 % for optimum transport towards the dense membrane layer, higher creep 

rates can be expected, as already verified for BSCFZ [254] and LSCF [282]. 

Figure 7-2 presents a comparison of the creep rates of BSCF [45] and BSCFZ [254] 

compounds with different microstructure [grain size (μm), porosity (%)] at T = 850 °C 

at 8 and 10 MPa in air and vacuum: 
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Figure 7-2 Creep rates in compression of oxygen transport membrane materials and possible 
substrate materials at 850 °C at 8 and 10 MPa [45,254,283]. 

Kriegel et al. [284] have suggested that for operation of membrane at 850 °C in air 

versus vacuum the tensile stresses are 8 - 10 MPa. The equivalent creep rates for 

the most important oxygen transport membrane materials are also presented in 

Figure 7-2. In this respect the creep rates of different dense and porous 

BSCF/BSCFZ compounds for the application relevant stresses of 8 and 10 MPa in air 

and vacuum at 850 °C are presented in Figure 7-2 (grain sizes, porosity and 

atmosphere, unless air was used, are given). It can be seen that the use of BSCF is 

not possible since the creep limit of 1 % per year [214] is exceeded in vacuum since 

the creep of this material has a strong dependence on the pO2. In case of porous 

material creep rates are even higher. Also as it can be seen, regarding BSCF the 

creep rate might vary along the membrane since pO2 will also vary. This effect should 

be investigated in further work.  

Regarding ST·F50 the creep rates obtained in vacuum and in air were similar and the 

estimated oxygen partial pressure exponent was close to zero, indicating that the 
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8 Appendix A 
 

 

Figure 8-1 Light Microscope Images of reference samples used for the grain size analysis a) BSCF b) 
BSCF·Z1 c) BSCF·Z3 d) BSCF·Z5 

c 

40 μm 
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40 μm 

a 

40 μm 

40 μm 

d 



140 
 

 

Figure 8-2 Temperature dependence of the steady-state creep rate for (left) BSCF-Z3 and (right) 
BSCF-Z10 at nominal stresses of 30 and 63 MPa. The arrows indicate heating and cooling directions. 

The closed shapes represent heating and open ones the cooling sequence 

 

 

Table 8-1 Creep rates of BSCF·Z100x series obtained in current work (only validate creep rates are 
presented that are not close to measurement resolution) 

Material Stress 
(MPa) 

Heating / 
cooling 

sequence 

𝜀̇ obtained at the temperature of: 

750°C 800°C 850°C 900°C 950°C 
BSCF [45] 29 Heating  1.5·10-9 2.3·10-9 4.9·10-8 2.6·10-7 

BSCF·Z1 

30 

Heating 5.1·10-11 - 8.8·10-11 9.1·10-9 9.0·10-8 
Cooling - - 6.1·10-9 - 9.0·10-8 

BSCF·Z3 Heating  2.6·10-9 3.4·10-9 2.8·10-7 2.3·10-6 
Cooling  5·10-9 1.1·10-7 7.1·10-7 2.3·10-6 

BSCF·Z5 Heating  - 6.7·10-9 8.2·10-7 5.6·10-6 
Cooling  - - - 5.6·10-6 

BSCF·Z10 Heating 6.8·10-9 1.3·10-8 1.5·10-8 1.8·10-7 6.0·10-6 
Cooling - - 4.9·10-8 6.1·10-7 6.0·10-6 

BSCF·Z1 

63 

Heating - - 2.7·10-9 6.1·10-8 3.4·10-7 
Cooling - - 2.7·10-8 - 3.4·10-7 

BSCF·Z3 Heating - 3.5·10-9 1.1·10-8 9.1·10-7 5.6·10-6 
Cooling 8.7·10-10 6.5·10-9 3.3·10-7 1.5·10-6 5.6·10-6 

BSCF·Z5 Heating - 8.4·10-9 7.5·10-8 3.3·10-6 2.6·10-5 
Cooling - - - - - 

BSCF·Z10 Heating 7.5·10-9 1.2·10-8 6.7·10-8 1.33·10-5 1.1·10-4 
Cooling 4.6·10-9 - 2.3·10-6 1.8·10-5 1.1·10-4 
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Figure 8-4 Microstructure of BSCF·Z1 (left) (final step 750°C 63 MPa) and BSCF·Z5 (right) (final step 
950°C 63 MPa)  

 

Table 8-2 Secondary phases observed in the BSCF·Z100x materials after the creep tests 

 

Sintering  
conditions 
Tsint (°C)  
/ time (h) 

Secondary phases after creep test 

T of last step XRD SEM 

BSCF 1120/30 850 °C heating Ba0.5Sr0.5CoO3 (40%) ,  
Ba2Fe2O5 - 

BSCF·Z1 1120/30 750 °C cooling cubic Different phase 
 at GB 

BSCF·Z3 1050/3 750 °C cooling Cubic,  
Ba0.5Sr0.5CoO3 GB 

BSCF·Z5 1120/30 950 °C heating Cubic,  
Ba0.5Sr0.5CoO3, Ba2Fe2O5 - 

BSCF·Z10 1120/30 850 °C 
cooling 

Cubic, Ba0.5Sr0.5CoO3,  
(Ba/Sr)ZrO3-δ 

(Ba/Sr)ZrO3-δ  

at GB 
 

 

 

 

 

 

 

 

20 μm 20 μm 
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9 Appendix B 

Table 9-1 Creep rates for ST·F100x materials 

Material Stress 
 (MPa) 

pO2  
(mbar) 

Creep rates (s-1) obtained at the temperature of: 

800°C 850°C 900°C 950°C 1000°C Cooling 850°C 

STF_30 

10 

200 

- - - 3.2*10-9 -  

30 - - 8.0*10-9 6.0*10-8 

6.5*10-8 -  

35 - 2.5*10-9 - - -  

50 - - 2.2*10-8 1.9*10-7 

1.7*10-7 -  

56 - 7.1*10-9 - - -  
63 - - 3.5*10-8 - - 4.5*10-9 
70 - 1. *10-8 - - -  

STF_50 

10 

200 

- - 2.3*10-9 - -  

30 4.0*10-10 2.0*10-9 9.4*10-9 

9.5*10-9 - 1.27*10-7  

50 - - 1.8*10-8 - -  
63 9.2*10-10 5.8*10-9 2.0*10-8 - -  
80 - - 2.7*10-8 - -  
30 

10-5 
9.7*10-10 1.9*10-9 5.13*10-9 2.3*10-8 -  

50 - - 1.12*10-8 - -  
63 - - 1.3*10-8 - -  

STF_70 

10 

200 

- - 6.1*10-9 3.25*10-8 - - 
30 - - 4.2*10-8  - - 
35 - 1.0*10-8 5.3*10-8 2.0*10-7 - 7.5*10-9 
50 - 1.9*10-8 7.6*10-8 - - - 

63 - 2.2*10-8 

1.7*10-8 1.0*10-7 - - 1.6*10-8 
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10 Appendix C 

Table 10-1 Powder characteristics of LWO54 materials and samples details 

Microstructural data IEK-S2 CPT-D1 CPT-D2 
Porosity (%) 3 ± 1 9 ± 4 6 ± 1 

Phases in sintered samples 
(XRD, EDX) La5.4WO12-δ 

La5.4WO12-δ ,  
La10(SiO4)6O3, Ba La5.4WO12-δ 

Sintering conditions 
 (Tsint/ dwelling time °C/h)  1500 / 12 1500 / 15 1500 / 15 

Grain size 11 ± 4 9 ± 3 17 ± 6 

Powder 
characteristics 

XRD La5.4WO12-δ La5.4WO12-δ  
La2O3 

La5.4WO12-δ 

La2O3 
BET 
area 

(m2/g) 
1.9 3.3 12 

Name IEK1 C3-77 P1-21 
 D50 (μm) 1.2 1.1- 0.83 

Samples 
Ø 22mm, 
h~1.7mm, 
defect free 

Ø21mm, h~0.7mm ,  
anomaly in surface, 
 impression in the 

middle 

Ø20mm 
h~1.5mm 
anomalies  

need ZEA-1 
h ~ 0.5 after 

ZEA-1 
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Figure 10-1 Weibull plot for LWO54 at room temperature (batch IEK-S2) 

 

Figure 10-2 Weibull plot for LWO54 at room temperature (batch CPT-D2)  
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Figure 10-3 Load – Displacement curves for LWO54 (batch IEK-S2) obtained from ring-on-ring 
bending test at room temperature. The straight lines belong to the samples with prepared surface 

before the test while the ones in the circle belong to the samples that were tested as received.  

 

Figure 10-4 Cross section of LWO54 (CPT-D1 batch) after sintering showing irregular pore and 
agglomerates in the bulk of the material. EDX analysis revealed secondary phase rich in Ba 
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Figure 10-5 EDX analysis of fracture surface of LWO54 (batch CPT-D2) after heating at 1000 °C. A 
crack around a pore zone was observed where segregation of contaminations Zr, Fe, Cr, Al was 

detected as fine grains.  
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Table 10-2 Creep rates (s-1) for LWO54 materials 

Stress 
(MPa) 

pO2 
(mbar) 

Batch / 
Grain 

size (μm) 

Creep rates (s-1) obtained at the temperature of: 

1000°C 1050°C 1150°C 1250°C 1350°C 1450°C 

20 
200 

IEK-S1 

6 ± 3 

- - - 5.20·10-8 3.95·10-7 - 
40  - - 1.10·10-7 7.90·10-7 - 
63  3.77·10-9 2.89·10-8 2.00·10-7 1.6·10-6 - 

20 200 IEK-S2 

11 ± 4 

 1.96·10-9 4.23·10-9 1.86·10-8 1.16·10-7 1.14·10-

6 

40 200  3.00·10-9 7.90·10-9 3.66·10-8 3.74·10-7 2.90·10-

6 
63 200  4.00·10-9 1.1·10-8 - - - 
20 200 CPT-D2 

17 ± 6 

- - - - 9.85·10-8 - 
40 200 - - - 2.28·10-8 2.73·10-7 - 
63 200 1.30·10-10 - 3.78·10-9 4.48·10-8 7.00·10-7 - 

  

 

Figure 10-6 Determination of creep parameters for LWO54 materials stress exponent (left) inverse 
grain size exponent (right) 
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Figure 10-7 SEM Backscattered Image and EDX analysis of LWO54 ( IEK-S2) after creep test at 
1450°C (surface of sample) Two phases are distinguished, main phase (white) and depleted in W 

(dark).  
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11 Appendix D 
 

Table 11-1 Creep rates for NWO55 in air 

Stress 
(MPa) 

pO2 
(mbar) 

Grain 
size 
(μm) 

Creep rates (s-1) obtained at the temperature of: 

900 °C 1050 °C 1150 °C 1250 °C 1350 °C 

10 
200 

 
 

- - 9.2·10-9 - - 
20 - 2.0·10-9 3.0·10-8 7.5·10-7 1.3·10-5 
40 - 3.7·10-9 8.5·10-8 2.0·10-6 3.1·10-5 
63 8.9·10-10 5.4·10-9 1.7·10-7   
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